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Stress or strain is a universal phenomenon pertinent to the synthesis, 

fabrication, and application of all types of materials. In the plastic regime, 

materials generally undergo irreversible changes, such as failure or 

property degradation. Elastic deformation, on the other hand, can induce 

reversible changes to materials properties from electronic and chemical 

to optical. The strength of a material depends very strongly on its 

dimensions. Typically, smaller structure can tolerate larger deformations 

before yielding. Therefore, it is anticipated that stress or strain 

engineering can be profitably explored in materials with reduced 
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dimensions, such as one-dimensional nanowires.  

  Rapid progress in device miniaturization has led to the rise of flexible, 

nanoscale devices for which one-dimensional nanowires and atomic 

sheets are particularly promising candidate materials. These 

nanomaterials possess unusual properties arising from giant surface 

effect and quantum confinement, and super mechanical properties. 

Therefore, nanowires are one of ideal platforms to explore novel stress 

effect and device concepts at the nanoscale, such as energy harvesting 

piezoelectric nano-generator, stress induced phase transition, and 

wrinkle based stretchable electronics. 

 In this dissertation, we focused the effect of stress on the growth and 

piezoresistive properties of one-dimensional nanowires.  

 In a view of growth, we utilized the stress driven single crystalline 

indium nanowire growth on InGaN substrate by ion beam irradiation. 

With comprehensive microstructural and chemical analysis, we 

confirmed that source of indium nanowire growth was originated from 

Ga+ ion beam induced phase decomposition of InGaN substrate, and 

compressive stress build up by ion irradiation and atomic migration are 

responsible for the growth of indium nanowires as a process of stress 

relaxation. Since focused ion beam can be precisely controlled by 
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changing the accelerating voltage, current density, and location of 

irradiation, the diameter and length of the nanowires as well as their 

growth rate could be effectively controlled. Indium nanowires with 

diameter of 40-200 nm and length up to 120 µm were fabricated at 

growth rate as high as 500 nm/s, which is remarkable fast compared with 

other nanowire growth methods. 

 Second, the effect of stress on the phase change nanowire (Ge2Sb2Te5) 

was explored to tune the electromechanical properties for the application 

to advanced electronic and memory devices.  

 A single crystalline GST nanowires were grown by the vapor-liquid-

solid mechanism. And GST nanowires possess a large piezoresistive 

effect and strain dependent electrical switching behavior of PCM devices. 

For example, the longitudinal piezoresistance coefficient along <101
_

0> 

direction for GST nanowires reach as high as 440 x 10-11 Pa-1, which is 

comparable to the values of Si. Resistance change by strain was 

reversible, thus it restored its original resistance when uniaxial stress was 

released. Since GST is known as p-type semiconductor with negligible 

band gap of ~0.3 eV, this great piezoresistivity of GST was originated 

from the hole mobility change, which induced the tunable switching 
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behaviors of phase change memory with threshold voltage changes. The 

large piezoresistance and strain dependent behavior of PCM enable the 

potential application not only for flexible memory device, but also for 

another candidate of piezoresistive materials for strain sensors. 

 

Keywords: Nanotechnology, one-dimensional nanowire, focused ion 

beam, indium, stress driven nanowire growth, phase change memory, 

Ge2Sb2Te5, threshold switching, uniaxial stress, piezoresistive effect 
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Chapter 1. Introduction 

1.1 Introduction to nanomaterials 

Nanotechnology aims to create and use structures and devices in the size 

range of about 0.1 – 100 nm where it covers atomic and molecular length scales, 

as well as integrate the resulting nanostructures into a large system for practical 

uses. Because of this focus on the nanometer scale, nanotechnology may meet 

the emerging needs of industries that have thrived on continued 

miniaturization1.  

  Nanomaterials are generally classified regarding to their dimensionalities as 

zero-dimensional (dots or spherical nanoparticles), one-dimensional 

(nanowires, nanotubes, and nanobelts), and two-dimensional (thin films). 

Theses classifications refer to the number of dimensions in which the material 

is outside the nano-regime. Nanomaterials have received steadily growing 

interests as a result of their peculiar and fascinating properties, and applications 

superior to their bulk counterparts2. Important changes in behavior are caused 

not only by continuous modification of characteristics with diminishing size, 

but also by the emergence of totally new phenomena such as quantum 

confinement3. A typical example of which is that the color of light emitting 

from semiconductor nanoparticles depends on their sizes as shown in Figure 

1.14. When sizes of solid in the visible scale are compared to what can be seen 
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in a regular optical microscope, there is little difference in the properties of the 

particles. But when materials are created with dimensions of about 1–100 

nanometers, the properties change significantly from those in bulk. This is the 

size scale where so-called quantum effects rule the behavior and properties of 

materials. Properties of materials are also size-dependent in this nanometer 

scale. Thus, when size is made to be nanoscale, properties such as melting point, 

fluorescence, electrical conductivity, magnetic permeability, and chemical 

reactivity change as a function of the size of the particle4. 

  Nanomaterials have larger surface areas than similar masses of bulk 

materials. As surface area per mass of a material increases, a greater amount of 

the material can come into contact with surrounding materials, thus affecting 

reactivity4. A simple thought experiment shows why nanomaterials have 

phenomenally high surface areas. A solid cube of a material 1 cm on a side has 

6 cm2 of surface area. But if that volume of 1 cm3 were filled with cubes 1 mm 

on a side, that would be for a total surface area of 60 cm2. When the 1 cm3 is 

filled with micrometer-sized cubes, the total surface area amounts to 6 m2. And 

when that single cubic centimeter of volume is filled with 1-nanometer-sized 

cubes—their total surface area comes to 6,000 m2 (Figure 1.25). One benefit of 

greater surface area, and improved reactivity in nanostructured materials is 

creating better catalysts. Nano-engineered batteries, fuel cells, and catalysts can 

potentially use enhanced reactivity at the nanoscale to produce cleaner, safer, 

and more affordable modes of producing and storing energy. 
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 But even if nano-systems and nano-devices with suitable performance 

characteristics are available, nanotechnology solutions will find practical 

advantages only if they are practically viable. We will need to develop methods 

for the controlled fabrication of functional nanostructures with tunable 

properties and their integration into usable macroscopic systems and devices.  

 In both technological and scientific standpoint, one dimensional nanowires are 

of great interest as building blocks for high-efficiency nanometer-scale devices. 

Because of their unique density of electronic states, nanowires are expected to 

exhibit significantly different optical, electrical and magnetic properties from 

their bulk counterparts. The increase surface area, very high density of 

electronic states, enhanced exciton binding energy, diameter-dependent band 

gap, and increased surface scattering for electrons and phonons4,6 are some of 

the aspects in which nanowires differ from their corresponding bulk materials. 

Nanowires can provide a promising framework for the design of nanostructures 

and for potential nanotechnology applications. Therefore the development of 

methods for preparation of nanowire and further tunable properties is of 

significant broad interest at the present time. 
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Figure 1.1 Fluorescence of CdSe-Cds core-shell nanoparticles with a 

diameter of 1.7 nm up to 6 nm4  
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Figure 1.2 The effect of the increased surface area provided by 

nanostructured materials5 
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1.2 Thesis motivation 

Deformation is one of the most fundamental aspects of materials. While 

mechanical failure is an outcome of deformation to be avoided, elastic 

deformation can have a pronounced and positive impact on materials properties. 

The effect of elastic deformation becomes even more evident at low dimensions, 

because at the nanomaterials can sustain exceptionally high elastic strain before 

failure. Rapid progress in device miniaturization has led to the quick rise of 

flexible, nanoscale devices for which one-dimensional (1-D) nanowires are 

particularly promising candidate materials. These nanowires possess unusual 

electronic properties due to large surface effects and quantum confinement. 

  Therefore, 1-D nanowires are one of the ideal platforms to explore novel 

stress effects and device concepts at the nanoscale, such as energy harvesting 

piezoelectric nano-generator7, stress induced phase transition8, and wrinkle 

based stretchable electronics9. 

  Until now, there are the great demand to manipulate the external stress or 

strain to expand the functionalities of nanowires including the synthesis process, 

fabrication. Therefore, we focused the effect of stress on one-dimensional 

nanowires from the growth and piezoresistive properties. The goal is to 

investigate the effect of stress on the nanowire growth and piezoresistivity of 

phase change materials to reveal the underlying mechanisms. 

  In a view of growth, we utilized the stress driven single crystalline indium 
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nanowire growth on InGaN substrate by ion beam irradiation. With 

comprehensive microstructural and chemical analysis, we confirmed that 

source of indium nanowire growth was originated from Ga+ ion beam induced 

phase decomposition of InGaN substrate, and compressive stress build up by 

ion irradiation and atomic migration are responsible for the growth of indium 

nanowires as a process of stress relaxation. Since focused ion beam can be 

precisely controlled by changing the accelerating voltage, current density, and 

location of irradiation, the diameter and length of the nanowires as well as their 

growth rate could be effectively controlled. Indium nanowires with diameter of 

40-200 nm and length up to 120 µm were fabricated at growth rate as high as 

500 nm/s, which is remarkable fast compared with other nanowire growth 

methods. 

  Second, the effect of stress on the phase change nanowire (Ge2Sb2Te5) was 

explored to tune the electromechanical properties for the application to 

advanced electronic and memory devices. This is the first report that GST 

nanowires possess a large piezoresistive effect and strain dependent electrical 

switching behavior of PCM devices. For example, the longitudinal 

piezoresistance coefficient along <101
_

0> direction for GST nanowires reach as 

high as 440 x 10-11 Pa-1, which is comparable to the values of Si. The large 

piezoresistance and strain dependent behavior of PCM enable the potential 

application not only for flexible memory device, but also for another candidate 

7 

 



of piezoresistive materials for strain sensors. 

 This work can provide an important information to understand the stress 

related phenomenon as well as manipulating the external stress in 1D 

nanomaterials. 
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Chapter 2. Stress & strain engineering of one-dimensional 

(1-D) nanomaterials 

2.1 Introduction 

Deformation is one of the most fundamental aspects of materials. While 

mechanical failure is a result of deformation to be avoided, elastic deformation 

can have a pronounced and positive impact on materials properties and its 

applications. The effect of elastic deformation becomes even more evident at 

low dimensions, because at the micro/nanoscale, materials and structures can 

usually sustain ultra-high elastic strain (order of 8%) before yielding1,2. And 

this behavior is in contrast to conventional bulk materials, which can only 

deform on the order of 0.2% elastic strain. 

 Stress and Strain are a universal phenomenon pertinent to the synthesis, 

fabrication, and applications of all types of materials. Strain can have two 

distinct regimes: In the plastic regime, materials generally undergo irreversible 

changes, such as failure or property degradation. Elastic deformation, on the 

other hand, can induce reversible changes to materials properties. Especially, 

nanostructured materials, such as nanowires, nanotubes, have revealed a host 

of ultra-strength phenomena, defined by stress in a material component 

generally rising up to a significant fraction (1/10) of its ideal strength. Ultra-

strength phenomena of nanomaterials not only have to do with the shape 
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stability and deformation kinetics of a component, but also the tuning of its 

physical and chemical properties by stress. Reaching ultra-strength enables 

“elastic strain engineering”, where by controlling the elastic strain field1. 

  A particularly successful application of strain engineering is pushing the limit 

of miniaturization of silicon-based field-effect transistors3. By alternating 

deposition of Si and Ge layers, the interlayer lattice mismatch creates 

controllable strain in the silicon crystal. The precisely controlled strain breaks 

the crystal field symmetry and reduces the scattering of carriers by phonons, 

resulting in substantially increased carrier mobility, which allows for further 

reduction in the channel size. 

  

2.2 Stress/Strain effect in 1-D nanomaterials (nanowires) 

The strength of a material depends on its dimensions. Typically, smaller 

structures can tolerate larger deformations before yielding4. Therefore, it is 

anticipated that the effect of stress can be profitably explored in materials with 

reduced dimensions, such as one dimensional nanomaterials (nanowires). 

 Rapid progress in device miniaturization has led to the quick rise of flexible, 

nanoscale devices for which one-dimensional nanowires are particularly 

promising candidate materials. These nanomaterials possess unusual electronic 

properties due to large surface effects and quantum confinement. Owing to their 

reduced dimensions, these materials also exhibit superb mechanical properties 
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up to theoretical values. Therefore, 1-D nanowires are one of the ideal platforms 

to explore novel elastic strain effects and device concepts at the nanoscale. 

2.2.1 Size effect of mechanical properties 

Lieber’s group5 reported the size effects of mechanical properties of 

nanotubes and SiC nano-rods. They found that the strengths of SiC nanorods 

were substantially greater than those found previously for SiC bulk structures, 

and they approach theoretical values. The size effect of nanowires is also 

reflected in the variation of the Young’s modulus upon bending with the 

nanowire diameter. Yu’s group6 systematically investigated the Young’s 

modulus of metallic silver nanowires with different diameters by performing 

nanoscale three-point bending test on suspended nanowires. From 

measurement of the force applied with each push and the corresponding 

displacement, the apparent Young’s modulus could be obtained as shown in 

Figure 2.1. It is observe that the apparent Young’s modulus of the silver 

nanowires is found to decrease with the increase of the diameter (76 GPa for 

bulk, and ~160 GPa for nanowire with diameter of ~ 20 nm).  

2.2.2 Piezoresistance 

Large elastic strains can be used to tune the functional properties of nanowire. 

Application of strain to a crystal results in a change in electrical conductivity 

due to the piezoresistance effect. Yang’s group7 investigated the 
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piezoresistance of a single p-type silicon nanowire under uniaxial 

tensile/compressive strain and observed a so-called giant piezoresistance 

phenomenon (Figure 2.2). Longitudinal piezoresistance coefficient along the 

<111> direction increases with decreasing diameter. And the strain induced 

carrier mobility change have been shown to have influence on piezoresistance 

coefficient. Liu et al. theoretically constructed an elastically strained silicon 

nanoribbon, consisting an alternating regions of unstrained and a strained Si, 

which creates a single element electronic heterojunction superlattice8. In such 

a strained configuration, it is predicted that, due to the strain effect and quantum 

confinement, it is possible to manipulate the motion of carriers by elastic strain. 

2.2.3 Manipulation of metal insulator transition (MIT) temperature 

By simple tip manipulation of the bending deformation of a single-crystal 

vanadium dioxide (VO2) nanowire9, they could nucleate and manipulate 

ordered arrays of metallic and insulating domains along single-crystal beams of 

VO2 by continuously tuning the strain over a wide range of values. This active 

control of external stress/strain allowed to reduce the metal–insulator transition 

temperature to room temperature, which normally happens at an elevated 

temperature in its bulk counterpart as shown in Figure 2.3. 

2.2.4 Nano-generator 
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Wang et al. has used the elastic bending deformation of ZnO nanowires to 

create the nano-generators10 as shown in Figure 2.4. They converted nanoscale 

mechanical energy into electrical energy by means of piezoelectric ZnO 

nanowire arrays. The aligned nanowires are deflected with a conductive AFM 

tip in contact mode. The coupling of piezoelectric and semiconducting 

properties in ZnO creates a strain field and charge separation across the 

nanowire as a result of its bending. The rectifying characteristic of the schottky 

barrier formed between the metal tip and the nanowire leads to electrical current 

generation. The efficiency of the nanowire-based piezoelectric power generator 

is estimated to be 17 to 30%. This approach has the potential of converting 

mechanical, vibrational, and/or hydraulic energy into electricity for powering 

nano-devices. Specifically, no output current is collected when the tungsten tip 

first touches the nanowire and pushes the nanowire, and power output occurs 

only when the tip touches the compressive side of the bent nanowire.  
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Figure 2.1 Variation of the Young’s modulus as a function of the 

diameters silver nanowires6 
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Figure 2.2 Giant piezoresistance of p-type silicon nanowire7  
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Figure 2.3 Stress (or Strain) manipulation of metal-insulator transition at 

room temperature in VO2 nanowires9 
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Figure 2.4 ZnO nanowires: nano-generator based on piezoelectric 

properties10 
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Chapter 3. Ion beam induced stress and indium nanowire 

growth 

3.1. Introduction 

Until now, several techniques to grow various types of nanowires have been 

reported for semiconductor nanowires as optoelectronic and electronic devices 

and metal nanowires as superconducting devices1, grown with various methods 

such as chemical vapor deposition (CVD)2, laser ablation3, electrochemical 

deposition4, etc. Fabrication methods for most of nanowires are based on the 

vapor-quid-solid (VLS) mechanism in which various metals catalytically 

enhanced the growth of nanowires (details in chapter 3.2).  

  However, the difficulties to generate nanowires have been associated with 

the synthesis and fabrication of these nanostructures with well controlled 

dimension, morphology, phase purity, and chemical composition. Each method 

for 1-D nanostructure growth as introduced briefly above, has its specific merits 

and inevitable weaknesses. In terms of feasibility, methods based on the VLS 

process are the most versatile in growing various nanowires with controllable 

sizes and composition. However, they are not suitable for metal nanowires, as 

well as the catalyst may cause contamination for the nanowire product. On the 

other hand, methods using several templates also have the serious problem that 

removal of the templates through a post synthesis process may damage a 
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resultant nanowires while they provide a good control over the uniformity and 

dimension of nanowires. Still a key challenge in development of these devices, 

which are envisioned to impact human’s life in the near future, is the 

development of economical techniques for controlled creation of their building 

blocks. 

3.2 Conventional methods for nanowire synthesis  

3.2.1 Vapor-liquid-solid growth 

The growth of nanowires through a gas phase reaction including the vapor-

liquid-solid (VLS) process has been the most widely studied. Wagner proposed 

in 1960s, a mechanism for the growth via gas phase reaction involving the so-

called vapor-liquid-solid process5. He worked for the growth of mm-sized Si 

whiskers in the presence of Au particles. The mechanism described in this 

report is suggested that the anisotropic crystal growth is activated by the 

presence of the liquid alloy/solid interface, and this mechanism has been widely 

accepted and applied for understanding of various nanowires. The growth of 

Ge nanowires with Au clusters is understood based on the Ge-Au phase 

diagram in Figure 3.16. Ge and Au form a liquid alloy when the temperature is 

higher than the eutectic point as shown in Figure 3.1 (I- alloying). The liquid 

surface has a large accommodation coefficient and is therefore a preferred site 

for the incoming Ge vapor. After the liquid alloy involving Ge and Au becomes 
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supersaturated state, precipitation of the Ge nanowire starts at the solid-liquid 

interface (Figure 3.1-II, III: nucleation & growth).  

  The only clue that nanowires grew by VLS mechanism is considered by the 

existence of alloy droplets at the top of the nanowire. Wu et al.6 have reported 

real-time observation of Ge nanowire grown by in-situ heating TEM, which 

demonstrate the validity of the VLS growth mechanism. Wu’s report shows that 

there are three growth steps: metal alloying, crystal nucleation, and axial growth 

(Figure 3.2). 

Figure. 3.2 displays a sequential images of Ge nanowire growth grown by 

in-situ heating TEM. Three steps (I-III) are clearly demonstrated.  

(I) Alloying process (Figure 3.2 (a)-(c)): The maximum temperature that 

could be gained in the system was 900℃, which the Au clusters remain in the 

solid state in the absence of Ge vapor. As increasing amount of Ge vapor 

condensation and dissolution, Ge and Au form a liquid alloy. The volume of 

the alloy droplet increases, while the alloy composition moves, from left to right, 

to a biphasic regime (solid Au and Au/Ge liquid alloy) and a single-phase 

region (liquid). An isothermal line in the Au-Ge phase diagram in Figure 3.1 

(b) shows the alloying process. 

(II) Nucleation (Figure 3.2 (d)-(e)): the nucleation of the Ge nanowire begins 

when the concentration of Ge in Au/Ge alloy droplet becomes supersaturated. 

From the volume change of the Au/Ge liquid alloy, it is estimated that the 
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nucleation generally occurs at a Ge weight percentage with 50-60%. 

(III) Axial growth (Figure 3.2 (d)-(f)): Once precipitation of Ge nanowire 

begins at the liquid/solid interface, further Ge vapor into the Au/Ge droplet 

alloy increases the amount of Ge precipitation from the alloy. The incoming Ge 

vapors diffuse and condense at the solid/liquid interface, which lead to 

secondary nucleation events. This report confirms the validity of the VLS 

growth mechanism at nanoscale.  

Because the diameter of catalyst governs the diameter of nanowires, VLS 

manner is not only to provide an efficient ways to obtain uniform nanowires, 

but also to gain insight to extend the knowledge of the phase diagram of the 

reacting species. Physical methods, such as laser ablation, thermal evaporation, 

as well as chemical vapor deposition can be used to generate the reactant 

species in vapor form, required for the nanowire growth. From this perspective, 

various nanowires, such as elements, oxides, carbides, etc., have been 

successfully synthesized with VLS manner7-9. 
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Figure 3.1 (a) Schematic illustration of vapor-liquid-solid growth 

mechanism including three stages. (b) The binary phase diagram 

between Au and Ge including three stages of (I) alloying, (II) nucleation, 

and (III) growth6 
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Figure 3.2 In-situ TEM images recorded during the process of 

nanowire growth. (a) Au nanoclusters in solid state at 500℃; (b) 

alloying initiated at 800℃, at this stage Au exists mostly in solid state; 

(c) liquid Au/Ge alloy; (d) the nucleation of Ge nanocrystal on the alloy 

surface; (e) Ge nanocrystal elongates with further Ge condensation and 

eventually forms a wire (f)6. 
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3.2.2 Vapor-solid growth 

The nanowires can also be synthesized without catalysts by thermally 

evaporating a proper source materials near their melting point and depositing 

at cooler temperatures10. This method, the synthesis without liquid droplets 

corresponding to alloying, is referred to as a vapor-solid (VS) method. The VS 

method has been adopted to prepare whiskers of oxide, as well as metals with 

micrometer diameters. Even though no tight manner to control the spatial 

arrangement has been reported so far, it is worth mentioning that various 

nanowires can be obtained via VS manner if one can control the nucleation and 

the subsequent growth process11. 

3.2.3 Oxide-assisted growth 

In contrast to the well-established VLS growth, Lee and co-researchers have 

suggested a nanowire grown by the oxide-assisted mechanism12. At this report, 

these researchers find that the growth of Si nanowire is highly enhanced when 

Si powder target containing SiO2 were utilized. Lee et al. proposed that the 

growth of the Si nanowire was assisted by the Si oxide, where the SixO (x>1) 

vapor generated by thermal treatment plays the key role. Nucleation of the 

nanoparticles was assumed to occur on the substrate as shown in equation (3.1) 

and (3.2). 

SixO  Six-1 + SiO (x>1)      (3.1) 
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2SiO  Si + SiO2      (3.2) 

The precipitation of Si nanoparticles is attributed in these decompositions, 

which serve as the nuclei of the silicon nanowires sheathed by shells of silicon 

oxide. The precipitation suggesting that temperature gradient gives the external 

driving force for the formation and growth of the nanowires. 

Figure 3.3 (a)-(c) reveal the TEM images of the formation of nanowire nuclei 

at the initial stages. Figure 3.3 (a) displays isolated Si nanoparticles covered by 

an amorphous silicon oxide layer, which have the growth normal direction to 

the substrate. The tip of the Si crystalline core possesses a high concentration 

of defects, as indicated by arrows in Figure 3.3 (c). Figure 3.4 shows a 

schematic diagram of the oxide-assisted mechanism. The Si nanowires growth 

is governed by four factors: (1) catalytic effect of the SixO (x>1) layer on the 

nanowire tips (2) retardation of the lateral growth of nanowires by the SiO2 

component in the shells (3) stacking faults of growth direction of <112>, which 

contain 1/6[112] and non-moving 1/3[111] partial dislocations, and micro-

twins reveals at the tip areas coming fast growth of Si nanowires (4) the {111} 

plane with the lowest surface energy plays an important role during nucleation 

and growth, since the energy of the system is decelerated significantly when 

the {111} surfaces are parallel to the axis of the nanowires. The aforementioned 

last two factors are only working at lying in <112> direction parallel to the 

growth direction. 
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Figure 3.3 TEM images of (a) Si nanowire nuclei formed on the Mo 

grid and (b), (c) initial growth stages of the nanowires12 
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Figure 3.4 Schematic diagram of the nucleation and growth mechanism 

of Si nanowires. The parallel lines indicate the [112] orientation. (a) Si 

oxide vapor is deposited first and forms the matrix within which the Si 

nanoparticles are precipitated. (b) Nanoparticles in a preferred 

orientation grow fast and form nanowires. Nanoparticles with non-

preferred orientations may form chains of nanoparticles12 
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3.2.4 Template-based synthesis 

The growth of template-directed nanowires is the most widely studied 

strategy in solution based synthesis. In this manner, the template provides as a 

scaffold against which other materials with similar morphologies are 

synthesized. The in-situ generated material is formed into a nanostructure with 

morphology complementary to that of the template. The templates can be 

nanoscale channels within mesoporous materials such as porous alumina and 

polycarbonate membranes. For the formation of nanowires, the nanoscale 

channels are filled in terms of the solution, the sol-gel or the electrochemical 

manner. The desired nanowires can be synthesized after removal of the host 

matrix13. Unlike the polymer membranes made by etching, anodic alumina 

membrane (AAM) involving a hexagonally packed 2D array of cylindrical 

pores with a uniform size are fabricated using anodization of aluminum foils in 

an acidic medium (Figure 3.5).  

  The various materials such as elements, oxides, chalcogenides are 

synthesized by electronically conducting polymers such as polypyrole, poly(3-

methylthiophene) and polyaniline. The only drawback of template-based 

growth is difficulty of achieving materials with single-crystalline. 

  Additionally, alumina and polymer membranes with large surface areas and 

uniform pore sizes, mesoporous silica has been utilized as a template for the 

synthesis of nanowires. Mesophase structures self-assembled from surfactants 
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provide specific class of useful and versatile templates for producing 1-D 

nanostructures in relatively large quantities (Figure 3.6). It is well known that 

specific micell concentration surfactant molecules spontaneously organize into 

rod-shaped micelles14. These anisotropic structures can be employed as soft 

templates to promote the formation of nanowires when combined with suitable 

chemical or electrochemical reaction. The surfactant is required with selective 

removal to collect the nanowires. Through the template-based growth, various 

nanowires such as CdS, ZnS, and ZnSe have been synthesized by using 

surfactants such as Na-AOT and Triton X of known concentrations15. 

Nanowires themselves can be exploited as templates to generate the 

nanowires of other materials. The template can be coated to the nanowire 

fabricating coaxial nanowires, or it can react with the nanowires forming a 

novel material16. From solution or sol-gel coating, nanowires can be directly 

sheathed with conformal coating layers made of a different material to form 

coaxial nanowires. Subsequent dissolution of the original nanowires results in 

nanotubes of the coated materials. The sol-gel coating provides a general way 

to synthesize coaxial nanowires that contain electrically conductive metal cores 

and insulating sheaths. 
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Figure 3.5 AFM image of an anodic alumina membrane (AAM)13 
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Figure 3.6 Schematic diagram showing the formation of nanowires by 

templating against mesostructures which are self-assembled from 

surfactant molecules. (a) Formation of cylindrical micelle; (b) 

formation of the desired material in the aqueous phase encapsulated by 

the cylindrical micelle; (c) removal of the surfactant molecule with an 

appropriate solvent to obtain an individual nanowire1 
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3.3. Stress driven nanowire growth 

The formation of microscale metal whiskers on the surface of electrical 

components is a significant technological concern that can result in short 

circuits or electrical discontinuities17,18. The multilevel metal electrodes in 

large-scale integration may experience a significant amount of mechanical 

fatigue owing to the difference in the thermal expansion coefficients of the 

metals. With repeated device operation, thermally induced mechanical stress 

can develop to a level that causes substantial atomic diffusion to the extent 

where to leads to whisker formation. Whiskers are considered as a potential 

threat for device reliability. These whiskers are unintended and of 

uncontrollable size, and limited with respect to the type and number of materials 

that can be grown within microscopic field of view. The whiskers are, therefore, 

still at present the subject of being remedial studies. From the point of view of 

materials scientists and engineers, whiskers are ideal for studying material 

properties, owing to their near perfect single crystal structure afforded by 

spontaneous thermodynamic growth. For example, stress-induced Sn18-20, and 

Al21 whiskers are single crystals without lattice defects. This was shown by 

investigation of their elastic and plastic properties19. If whiskers with a 

nanoscale diameter are grown on a macroscopic length scale, it provides one 

with a platform to fully explore novel fundamental properties which can benefit 

from the high crystal quality offered by spontaneous growth. 
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3.3.1 Stress induced migration: atomic diffusion 

With the newly reported works on various nanowires fabricated by utilizing 

stress migration21-23 (Figure 3.7), the field of stress migration research has 

entered a new phase, not only in terms of its suppression, but also in terms of 

its applications. This is because one dimensional nano-structures have attracted 

considerable attention due to their unique mechanical, electrical, and magnetic 

properties, and their fundamental importance to MEMS/NEMS in recent years. 

  It has been demonstrated that whisker growth is driven by compressive stress 

gradients. The origin of the compressive stress can be mechanical, thermal, and 

chemical24. Based on the Tu’s work25, in order for Sn whiskers to grow, there 

must be a chemical reaction between the bonded elements to guarantee the 

necessary stress generation. Moreover, because Sn whisker growth is a 

spontaneous process, the stress that is generated is internal and so the 

geometrical properties of whiskers are uncontrollable. All of the characteristics 

described above have certain limitations that must be taken into account in 

consideration of nanowire formation by utilizing stress migration, such as the 

choice of source material, the growth rate, the generation of the driving force 

and controllability.  

  In contrast to ‘traditional’ Sn whisker growth, alternative approaches have 

been developed in which an external applied stress is used to induce atomic 

diffusion. Almost all of these fabrication techniques aimed at utilizing the 
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thermal stresses that result from a mismatch in thermal expansion coefficients 

in bilayer/multilayer structures. Let us refer to the work by Shim et al.26 to give 

a schematic representation of the nanowire growth mechanism. As illustrated 

in Figure 3.8, a tri-layer structure with an oxidized Si substrate followed by a 

Bi layer is used. It should be mentioned that there is a large difference between 

the thermal expansion coefficients of Bi (13.4 µm m-1 K-1) and SiO2 / Si (0.5 

µm m-1 K-1 / 2.4 µm m-1 K-1). The Bi film expands while it is annealed in the 

temperature range 260-270℃, while the substrate restricts expansion, putting 

the Bi film under compressive stress. By making use of stress relief and atomic 

diffusion, Bi nanowires can be fabricated. The mass of Bi nanowires that are 

formed have high aspect ratios (length/diameter), as shown in Figure 3.8 (b). 

Figure 3.8 (c) shows TEM analysis of a formed Bi nanowire. The nanowire was 

found to be uniform in diameter and to have formed a 10 nm thick Bi oxide 

layer on its outer surface.  

  It is noteworthy that the growth of stress migration-induced nanowires is 

governed by temperature, film thickness, grain size and the time that the film is 

subjected to stress during the process. Therefore, by adjusting these parameters, 

the growth of nanowires can be controlled.  

  Since the atomic diffusion induced by stress migration is a stress relief 

phenomenon, it must relate to the stress gradient. To be precise, it occurs due 

to a gradient of compressive hydrostatic stress. Denoting the hydrostatic stress 
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by σ and considering a material with a distribution of compressive stress as 

shown in Figure 3.927, the atoms diffuse from position A with more-negative 

stress (higher compressive stress) towards position B with less-negative stress 

(lower compressive stress). As a result, a local atomic accumulation is caused 

at position B. The hydrostatic stress is expressed as σ = (σx + σy + σz)/3, where 

σx, σy and σz are the corresponding normal stresses in the Cartesian coordinates 

system (x, y, z). In most of these cases, the surface of a material subjected to 

stress migration is covered by an oxide layer or by a passivation layer. In those 

cases, the normal stresses σx, σy and σz caused by the accumulation of atoms are 

the same as each other, σx = σy = σz, and hence σ is equal to σx, where x is usually 

taken in the longitudinal direction of the tested material and z is in the normal 

direction to the surface of the material. The stress migration induced atomic 

flux, JS is given by23,27 

  𝐽𝐽𝑠𝑠 = 𝑁𝑁Ω𝐷𝐷𝑜𝑜
𝑘𝑘𝐵𝐵𝑇𝑇

𝑒𝑒𝑒𝑒𝑒𝑒 �−𝑄𝑄−Ω𝜎𝜎
𝑘𝑘𝐵𝐵𝑇𝑇

�𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔 𝜎𝜎    (3.3) 

Where N is the atomic concentration, Ω is the atomic volume, kB is 

Boltzmann’s constant, T is the absolute temperature, D0 is the self-diffusion 

coefficient, Q is the activation energy and σ is the hydrostatic stress. Here, the 

gradient of σ is the driving force for atomic diffusion, and this differs with the 

electron flow, which is used to describe that of electro-migration.  
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 Figure 3.7 Growth process of the Al nanowire: illustration of the growth 

mechanism (the extrusion of atoms from the bases of nanowires)21 

  

38 

 



 

 

 

Figure 3.8 Growth mechanism and structural characteristic of the single 

crystalline Bi nanowires (a) a schematic representation of the growth of 

Bi nanowires by on-film formation of nanowires, (b) SEM image of a Bi 

nanowire grown on Bi thin film, and (c) a low magnification TEM image 

of Bi nanowire26 
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Figure 3.9 Illustration for the phenomenon of stress migration in a 

material with a distribution of compressive stress23,27 
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3.4 Ion implantation induced stress 

3.4.1. Origin of stress evolution in ion irradiated surface 

Changes in the state of stress in materials under irradiation derive from a 

number of mechanisms; accumulation of defects, the redistribution of material 

near surfaces, and phase transformation (amorphization)28. 

 It is known that ion implantation can induce high levels of stress in the surface. 

This stress has been shown to be compressive for most ion-target combination29. 

Compressive stresses are usually attributed to extensive defect production, 

together with the ion stuffing effect of the implanted species. The depth of 

material modified by highly energetic implantation process is thin (typically 

~0.5 µm), and the biaxial compressive stresses produced in this layer can be of 

the order of 1 to 10 GPa. 

  Ion implantation is a low temperature vacuum surface treatment process 

involving ion energies typically in the range 50 to 500 keV. Energetic ions 

penetrate the surface of the target material and come to rest in an approximately 

Gaussian distribution30.  

  The implanted ions lose energy by two mechanisms prior to coming to rest. 

Firstly, inelastic collision result in the displacement of host atoms from their 

structure-sites. These displaced atoms may then proceed to displace other host 

atoms until, finally, the energies of both the incident ions and the recoiling host 
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atoms are insufficient to produce further displacements. Secondly, fast-moving 

ions may lose energy by electronic excitation of the host material. This can 

result in the weakening of the host atom bonding by ionization and the 

formation of charged defects such as colour centres. Such processes are more 

efficient at higher ion energies with displacements prevalent at lower energies, 

the competition between the processes (combined with the statistical nature of 

the collision processes) producing the typically Gaussian damage and 

concentration profiles usually assumed. 

  As implantation proceeds, the accumulation of displacement damage may 

lead to the host material (if crystalline) eventually becoming amorphous30. This 

has been observed by a number of workers for a wide range of both covalently-

bonded and ionically-bonded materials (e.g. silicon31, A12O3
31, and SiC32). 

Amorphization is expected to occur first at the peak of the displacement damage 

profile beneath the host surface, i.e. initially a sub-surface amorphous zone 

occurs once the damage peak exceeds some critical, material-dependent, value. 

The thickness of this zone increases with subsequent increases in dose, until, 

when the damage level at the surface exceeds the critical value, a surface 

amorphous layer will be formed. Consequently it can be seen that, as the 

implantation dose is increased, three distinct microstructural regimes occur; 

these are summarized in Figure 3.1028. Finally, the generation of the point 

defects by displacement processes results in a volume change within the 

implanted layer. Volume expansions of up to 30% have been reported32. 
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However, if this change is constrained by either underlying or surrounding 

material, as is usual, large stresses may be generated in this relatively thin 

implanted layer29. 
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Figure 3.10 A schematic representation of the three microstructural 

regimes that arise from ion-implantation into crystalline materials. In 

Region I (low dose), a damaged but still crystalline solid solution is 

formed. In Region II (intermediate doses), amorphous material is 

initially formed at the peak of the displacement damage profile, In 

Region III (sufficiently high doses), a true surface amorphous layer is 

formed28 
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3.5 Experimental procedure 

3.5.1. Preparation of InGaN substrate 

300 nm thick In-rich InGaN layers (Figure 3.11), as a target template for FIB 

irradiation, were grown by low-pressure metal organic chemical vapor 

deposition (MOCVD)33. Trimethylgallium (TMGa), trimethylindium (TMIn) 

and ammonia were used as Ga, In, and N sources, respectively. In-rich InGaN 

growth was performed on 2 µm thick GaN layers were grown on (0001) 

sapphire substrate at 1080℃ before the growth of In-rich InGaN layers. 

Growth temperature of In-rich InGaN was 640℃ and input TMIn flow rate 

was in the range of 1µmol/min~10µmol/min. Input TMGa flow rate and reactor 

pressure were kept constant at 3 µmol/min and 300 Torr, respectively. InGaN 

layers were grown for 20 min. Thickness was 300 nm by controlling the growth 

temperature and TMIn flow rate. During the InGaN layer growth, N2 was used 

as a carrier gas. Synthesized InGaN layers are saturated with ~80% indium 

confirmed by X-ray diffraction technique (Figure 3.12), and its roughness in 

RMS scale was measured as 30nm using Atomic Force Microscopy (AutoProbe 

CP research system, ThermoMicroscopes). 
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Figure 3.11 Plane view SEM image of In-rich InGaN film grown by 

MOCVD. The inset shows the cross-section view of specimen33   
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Figure 3.12 XRD measurement of In-rich InGaN33 
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3.5.2. FIB/SEM dual beam system: nanowire growth 

Focused ion beam (FIB) / scanning electron microscope (FE-SEM) dual 

beam system (FEI Nova 200 NanoLab) in Figure 3.13 was used to grow indium 

nanowires in In-rich InGaN films. Schottkey type field-emission gun with the 

resolution of 1.1 nm and Magnum ion gun with gallium (Ga) liquid metal ion 

source, guaranteeing the resolution of 7 nm, are installed with the angular 

geometry of 52°. Both of ion and electron beam energy and their probe currents 

ranged from 5 kV to 30 kV and from 1 pA to 20 nA, respectively. This dual 

beam system does not only support 3D imaging analysis, but FIB system also 

utilizes a finely focused beam of Ga ions operated at low beam currents for 

imaging and at high beam currents for site specific milling. 5-axis motorized 

stage, gas injection system (GIS) for platinum deposition and in-situ nano-

manipulator (Onmi-probe Model 100.7) are equipped for versatile use in this 

system as well as energy dispersive x-ray spectroscopy (EDS) and electron 

backscattered diffraction (EBSD) for nano-analysis capabilities. 

3.5.3. Methods for the structural and chemical characterization 

- Focused ion beam irradiation: Indium rich InGaN layers were exposed to FIB 

of Ga+ ion with various ion current densities and accelerating voltages at room 

temperature using high resolution FIB/FE-SEM dual beam system equipped 

with a Ga liquid metal source. Pressure range inside the vacuum chamber was 
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maintained within 2.0 × 10-4 to 6.0 × 10-4 Pa during the experiment. During 

exposure to FIB, the formation of nanowires was monitored in-situ by a FE-

SEM system.  

- Characterization of synthesized nanowires: Since FIB/SEM could provide 

simultaneous secondary electron images and ion irradiation, in-situ monitoring 

of indium nanowire growth is possible during Ga ion irradiation. To 

characterize the size of indium nanowire, SEM images of nanowires at the same 

location were captured both in tilting angle 0° and 52°, and diameter and length 

of nanowires were calculated. To investigate the growth mechanism including 

indium source, nanowire growth direction, TEM specimens were prepared 

using FIB/SEM lift out technique. The target nanowire was detached from 

InGaN film by manipulating an Omni-probe, and detached nanowire was 

picked up by the attractive electrostatic force between the probe and the 

nanowire. The probe with the nanowire approached to a TEM Cu grid, and the 

nanowire was pasted with electron beam induced Pt deposition. The TEM 

sampling procedure is shown in Figure 3.14. For performing TEM analysis, the 

thickness of nanowires was reduced to 5~60 nm by milling using FIB for the 

analysis in TEM and EDS. This procedure was performed at the temperature of 

-90 oC, using a cooling stage to prevent the nanowire from melting with high 

temperature during milling. Then, the cross-section of the nanowires with the 

thickness ~60 nm was examined using TEM (JEM-3000F, JEOL). The 
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chemical composition of nanowires was analyzed using energy dispersive x-

ray spectroscopy (EDS, OXFORD). The structural properties of nanowires 

were confirmed by high-resolution TEM and electron diffraction pattern. The 

compositional change of InGaN layer during FIB irradiation was examined by 

electron energy loss spectroscopy (EELS) using high voltage electron 

microscope (HVEM, JEOL). 

- Creation of functional networks of nanowires: Functional network of 

individual nanowires were created by adopting the maskless patterning method 

of the FIB equipment. This method permits the accurate selection of the areas 

exposed to FIB. The bitmap file of the exposure pattern was imported as a 

virtual mask in the FIB system. The ion beam was raster-scanned over the cross-

shaped area with dwell time of 1 µs.  
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Figure 3.13 FIB/SEM dual beam system for nanowire growth 
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Figure 3.14 Procedure of nanowire TEM sampling: (a) the bottom of 

nanowire on InGaN film (b) Detachment of nanowire from substrate by 

Omni-probe, (c) The nanowire pick-up and transfer, (d) approaching to 

the Cu grid, (e) Pt deposition for nanowire to grid (f) completion of TEM 

sampling 
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3.6 Results and Discussion 

3.6.1. Growth of nanowire 

 Indium rich InGaN surface was exposed to FIB with various ion current 

densities and accelerating voltage at room temperature without cooling or 

heating using a FIB/SEM dual beam system equipped with a Ga liquid metal 

source. The status and position of sample could be monitored in-situ by SEM 

in the condition described below. Pressure range inside the vacuum chamber 

was maintained with 3.75 x 10-5 ~2.75 x 10-3 Pa, the accelerating voltage and 

current of the Ga+ ion beam were ranged 5 ~ 30 kV and 3 pA ~ 1 nA, 

respectively, while the working distance between ion gun and the sample 

surface was kept 19.5 mm. Exposure time was changed from several seconds 

to several tens of minutes at a fixed accelerating voltage. 

 The formation of nanowires was confirmed by in-situ SEM observation. The 

schematic of generation of nanowires using FIB on the surface area of the 

InGaN substrate in shown in Figure 3.15. During Ga+ ion beam irradiation on 

InGaN template, nanowires were growing as increased the irradiation time, and 

these nanowire were grown only on FIB-exposed region of InGaN layer. From 

the onset of irradiation, nanowires start to appear after 80 s and grow at an 

average rate of 50 nm/s until 260 s, at which point the indium source in the 

InGaN layer is exhausted as will be explained later. Figure 3.16 shows four 

snapshots of the growth sequence for nanowires taken at 50 s time intervals at 
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the ion current density of 200 nA cm-2 and an accelerating voltage of 10 kV, 

where the synthesized nanowires have lengths as large as 30 µm and diameters 

in the range 50~200 nm. By controlling the current density and accelerating 

voltages of Ga+ ion beam, the geometries of nanowires could be selected with 

the condition for longer length than 130 µm and thicker diameter than 300 nm. 

And for smaller length of 20 µm in length but as thin as 100 nm in diameter in 

Figure 3.16. 
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Figure 3.15 Schematic illustration of indium nanowire growth induced 

by FIB irradiation 
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Figure 3.16 Time evolution of formation of straight nanowires after 

exposure to FIB with accelerating voltage of 10 kV and ion current 

density of 200 nA cm-2, Scale bar = 20µm (left ) and 10 µm (right) 
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3.6.2. Identification of nanowire 

 To identify the composition of nanowires induced by FIB irradiation, HR-

TEM measurement was performed. As shown in Figure 3.17, the electron 

diffraction pattern from a nanowire with [110] zone axis confirmed that single 

crystalline nature of the indium nanowire. It could be indexed in terms of the 

body-centered tetragonal structure with lattice constants of a=0.325 nm, and c= 

0.495 nm, which agreed well with the reported values of indium bulk crystal. 

EDS built in to HR-TEM was also used for the identification of nanowires 

induced by FIB irradiation as an indium structure. In EDS spectrum, Cu peak 

was the artifact originated from Cu TEM grid. The detailed TEM observation 

indicated that indium nanowires grew along the [1
_

12] direction. 

3.6.3 Controlled nanowire growth: dimensions and growth rate 

The geometrical characteristics and growth rate of synthesized nanowires 

have been plotted as a function of Ga+ ion beam parameters, namely ion current 

density and accelerating voltage. Figure 3.18 (a) shows the length of individual 

straight nanowires synthesized on a 420 µm x 360 µm area by FIB irradiation 

with various accelerating voltages at a fixed ion current density of 15 nA cm-2. 

At this ion current density, the average length of the synthesized nanowires 

increases by increasing the accelerating voltage: from 0.503 µm at 5 kV to 

60.28 µm at 30 kV (The plot displays that length such that 10% of the wires 
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have equal or larger length). Furthermore, straight nanowires with lengths 

greater than 100 µm were synthesized for acceleration voltages of 20 kV and 

30 kV. The density of indium nanowires synthesized at all four accelerating 

voltages was also estimated (Figure. 3.18 (a)). At a low accelerating voltage of 

5 kV, the nanowire density, defined as number of wires per unit area, is ~5.76 

µm-2. While for all other three accelerating voltages, the nanowires density is 

at least one order of magnitude lower and decreases by increasing the 

accelerating voltage. A simple calculation for the total mass of the synthesized 

nanowires per unit area based on the average diameter and length of the 

nanowires and the measured density yields 2.2 10-2 g m-2 and 8.7 10-2 g m-2 

for the accelerating voltage of 5 and 30 kV, which are in the same order of 

magnitude as the indium content in the surface layer. We further measured the 

average length and diameter of the synthesized nanowires over a wider range 

of ion beam parameters. The results are summarized in Figure 3.18 (b). The 

dimensions of the synthesized nanowires depend on the ion beam parameters 

in a complex fashion. For current density of 35 nA cm-2, increasing the 

accelerating voltage leads to thicker and longer indium nanowires, suggesting 

that the accelerating voltage is closely tied to the driving force in the process. 

This trend diminishes at higher current densities, since at high accelerating 

voltage and current density, the Ga+ ions etch the indium nanowires as well as 

the InGaN surface. This effect becomes significant at voltages exceeding 20 kV 

× ×
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for current densities 350 nA cm-2 and higher. In this range the effect of cutting 

and etching becomes dominant undermining the growth rate which is driven by 

accelerating voltage34,35.  

  Finally, the average growth rate of the nanowires was measured over a range 

of ion beam parameters, Figure 3.18 (c). Here, the growth rate is averaged over 

5 distinct sets of experiment, all having the same ion current and accelerating 

voltage. The measured growth rate is an intricate function of ion beam 

parameters due to the complex interplay of the growth and erosion mechanisms 

discussed above. For example at the fixed voltage of 10 kV, the growth rate 

increases monotonically from 50 nm s-1 to 400 nm s-1 as the ion current density 

is increased from 15 to 7000 nA cm-2. Further increase in the current density 

leads to gradual reduction of the growth rate as the surface of InGaN substrate 

started to be milled (eroded) by FIB irradiation, leading to considerable 

morphological changes of the substrate surface. The maximum growth rate 

achieved in the range of ion beam parameters in Figure 3.18 (c) is ~500 nm s-1 

at the accelerating voltage of 20 kV and current density of 2000 nA cm-2. This 

growth rate is several orders faster than the current techniques36,37. 
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Figure 3.17 TEM analysis of the nanowire (a) Bright field image with 

growth direction. Inset shows the diffraction pattern of the indium 

nanowire along the [110] zone axis, (b) EDS spectrum of nanowire 

(a) 

(b) 
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Figure 3.18 Dependence of the nanowires dimensions and growth rate 

on the ion beam parameters. (a) Length distribution of the nanowires 

synthesized at current density of 15 nA/cm2 and different ion beam 

accelerating voltages. The lines denoted by 50%, 70% and 90% indicate 

the 50th, 70th and 90th percentile of the collected data for nanowires length 

at each accelerating voltage. (b) Dependence of nanowires average 

length and diamater on the ion beam parameters. (C) Dependence of the 

average growth rate of nanowires on the ion beam current density 

measured for three distinct voltages of 5, 10, 20 kV 

  

(c) 
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3.6.4 Growth mechanism 

- Origin of indium source: phase decomposition 

To confirm the origin of indium source, 1MV high-voltage TEM and EELS 

analysis was performed for the investigation of chemical component on 

nanowires themselves and In-rich InGaN substrate before and after FIB 

irradiation as shown Figure 3.19, revealing the migration of indium toward 

surface after ion beam irradiation and resulting the growth of indium nanowire. 

Before ion beam irradiation, the InGaN layer was filled with over 80 at. % of 

indium content (red in EELS map) as indicated in Figure 3.19 (a). However, the 

nanowire region after the ion irradiation was detected in rend, indicating indium, 

and InGaN layer was contained almost no indium left inside the layer. 

  Lian et al. reported about the ion irradiation induced phase decomposition of 

Cd2Nb2O7
38, and Lugstein et al. also reported that formation of Ga dots caused 

by the FIB induced phase decomposition of GaAs39. Similarly, as Ga+ FIB was 

irradiated on the In-rich InGaN layer, the phase decomposition might occur 

inside the InGaN layer. The component of weaker bonding strength, InN, was 

promptly decomposed by Ga+ ion, and the In source originated from the 

decomposed indium inside the InGaN layer was supplied enough for indium 

nanowire growth without additional indium source.   

 The effect of FIB irradiation on the morphological change of InGaN template 

was examined. During the Ga+ ion beam irradiation, its cross-section was 
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monitored in-situ by FIB/SEM dual beam system, as shown in Figure 3.20. To 

exclude the effect of ion beam irradiation of the cross-section area, FIB was 

intentionally tilted and irradiated on the surface only. During the ion beam 

irradiation, the morphology of InGaN cross-section was gradually changed. 

Decomposed indium caused by FB irradiation was filling the existing pores of 

InGaN layer, exuding, and finally forming indium nanodots on its cross-section. 

On the surface of InGaN layer, indium nanowires grew up and the growth was 

confirmed to be the bottom-up one. It was reported that the melting temperature 

of indium could be considerably reduced by the reduction in size40. Nano-size 

indium clusters formed by ion irradiation might be liquid-like during the ion 

beam irradiation and become mobile to fill the pores. 
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Figure 3.19 EELS composition map using HVEM (a) before and (b) after 

Ga+ ion irradiation on InGaN. Indium (red), Gallium (red), Nitrogen 

(green)  
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Figure 3.20 In-situ monitoring of cross-section view of InGaN during 

Ga+ ion irradiation on the surface 
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- Ion beam induced stress and atomic migration 

As we mentioned in the chapter 3.4, ion irradiation (or implantation) on 

crystalline surface can induce high levels of stress, which is generally known 

as compressive stress. The biaxial elastic stress σ11 = σ22 = σ at the depth x3 in 

the ion irradiated region can be expressed as follows41: 

  𝜎𝜎𝑒𝑒(𝑒𝑒3) =  −  𝐸𝐸
1−𝑣𝑣

 𝜀𝜀 (𝑒𝑒3)     (3.4) 

Where E is Young’s modulus, v is Poisson’s ratio and ε is the intrinsic strain 

tensor. This compressive stresses are usually attributed to the extensive defect 

production by ion collision cascade. Associated with each of these defect is an 

excess (relaxation) volume, thus creating internal stress. When we denote the 

atomic volume of the virgin crystalline material Ω and the atomic volume 

related to the defect Ωr
42, where the subscript r denotes different types defects.  

Vacancies (r = v) act in the compressive way (Ωv - Ω = ΔΩv <0) and, as a result, 

the local stress in the region of a vacancy is tensile. Interstitials (r=i) and 

implanted ions (r = ion) are expanding the lattice (Ωi - Ω = ΔΩi >0, Ωion - Ω = 

ΔΩion >0) and the local stress appearing due to interstitials and implanted ions 

is compressive. We assume that the tensor of the intrinsic strain depends on the 

density of defects nr and on the atomic volume of the defect Ωr. Taking into 

account all the components of the strain tensor, one can write41 

  ε = 1
3
�ΔΩ𝑣𝑣

Ω
𝑛𝑛𝑣𝑣(𝑥𝑥3)
𝑛𝑛0

+ ΔΩ𝑖𝑖
Ω

𝑛𝑛𝑖𝑖(𝑥𝑥3)
𝑛𝑛0

+ ΔΩ𝑖𝑖𝑜𝑜𝑖𝑖
Ω

𝑛𝑛𝑖𝑖𝑜𝑜𝑖𝑖(𝑥𝑥3)
𝑛𝑛0

�   (3.5) 
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Where n0 is the atomic density. The density of the Frenkel defects (nv = ni = 

n) depends on the ion dose. 

 Because ΔΩv > | ΔΩv | (typical values of the changes of atomic volumes are 

ΔΩv = − (0.3–0.6) Ω and ΔΩi = (1.7–2.2) Ω)43 from equations of (3.4) and (3.5), 

it can be seen that compressive stress dominates in the ion-implanted region. 

 As a microstructural proof, we calculated the lattice mismatch strain by 

measuring the d-spacing of InGaN and GaN before and after ion irradiation. 

Substrate (InGaN/GaN) was grown as a single crystal with growth direction (z) 

of [001] and lateral direction (x) of [100]. By measuring the (100) plane d-

spacing in InGaN and GaN (Figure 3.21), intrinsic stress and stress relaxation 

by ion irradiation could be obtained. Lattice mismatch strain along [100] 

direction was calculated as follows 

  ε100 =  −  𝑑𝑑𝐼𝐼𝑖𝑖𝐼𝐼𝐼𝐼𝐼𝐼−𝑑𝑑𝐼𝐼𝐼𝐼𝐼𝐼
𝑑𝑑𝐼𝐼𝐼𝐼𝐼𝐼

 × 100(%)    (3.6) 

 where dInGaN, and dGaN are d-spacing within InGaN and GaN along [100] 

direction. Before ion irradiation, lattice mismatch strain was - 9.3%, which is 

intrinsic strain by lattice mismatch during the sample synthesis (compressive 

strain due to larger d-spacing in InGaN than that of GaN). This misfit strain was 

reduced to - 4.3% after ion irradiation (Figure 3.22). As shown in Figure 3.20, 

during in-situ monitoring of cross-section view, we can observe the formation 

and growing indium droplet filling the pores in InGaN during ion irradiation. 

Since densities of solid and liquid indium44 are known as 7.31g cm-3 and 7.02 
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g cm-3, which provide the 4.1% of volume expansion during phase 

transformation. And this liquid indium was constrained within biaxially 

compressed InGaN before nanowire growth, thus stress state of indium under 

ion irradiation became hydrostatic compression due to the presence of liquid 

indium. Above the certain critical compressive stress, indium nanowires are 

expected to grow through the porous channel within the InGaN. 

 Another key factor which is responsible for the nanowire growth is stress-

induced migration. The gradient of stress is the driving force for atomic 

diffusion. Since the atoms diffuse from position with higher compressive stress 

towards position with lower compressive stress23,27. The compressive stress 

accumulated within the InGaN structure induced indium atoms to diffuse 

toward the pores. The accumulated indium became liquid like droplet and filled 

the pores in InGaN. Finally, indium nanowires were grown through the InGaN 

surface to relax the compressive stress.  

3.6.5 Site selective growth and patterning 

 As a final step, we controlled the growth region of individual indium 

nanowires using the method of maskless patterning builtinto the FIB system. 

When the InGaN surface is subject to the cross-shaped FIB irradiation shown 

in Figure 3.23, single nanowires emerge and grow at the center of the irradiated 

areas due to FIB overlapping45. In this set of experiments, the ion beam was 

raster-scanned over the cross-shaped area from left to right and from top to 

69 

 



bottom, leading to increased ion concentration at the center of the cross-shaped 

region. This method enables selection of the site of growth of individual 

nanowires. In Figure 3.23 (a) the current density and accelerating voltage are 

1.2 µA cm-2 and 10 kV, which results in indium nanowires with an average 

diameter and length of 80 nm and 6 µm, respectively. The average growth rate 

is 30 nm s-1 in this case. This method of creation of well-defined functional 

networks of nanowires has a significant potential in a number of scientific fields 

and technological applications, such as electronics and optoelectonic devices. 

Owing to their low melting point, site-controlled indium nanowires can be also 

used for assisting the growth of aligned long nanotubes using vapor–liquid–

solid mechanisms. This method can be used for building nanothermometer 

devices, opening avenues for designing novel temperature-driven switches and 

sensors. Furthermore, using the maskless patterning method, we have created 

blocks of 25 x 25 µm2 nanowire forests (Figure 3.23 (b)). In this case a Ga+ ion 

beam with accelerating voltage and current density of 5 kV and 350 nA cm-2, 

respectively, was raster-scanned over areas of the substrate. The fabricated 

nanowires have average length and diameter of 2–3 microns and 50 nm, 

respectively. 
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Figure 3.21 TEM analysis of InGaN and GaN substrate to calculate the 

misfit strain by measuring the d-spacing (a,b) Low magnification of 

sample, (c) diffraction patterns of InGaN and GaN 
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Figure 3.22 Measured d-spacings of (a) InGaN (b) GaN and (c) 

calculated misfit strain dependent on the orientation 
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Figure 3.23. Functional networks of nanowires. (a) SEM image of a 

network of single indium nanowires created on selected locations using 

a maskless patterning. (b) Nanowire forests of 25x25 µm2 size. In both 

experiments, the current density and accelerating voltage of the ion beam 

were 1.2 µA cm-2 and 10 kV for (a) and 350 nA cm-2 and 5 kV for (b). 

Scale bar = 5 µm, unless denoted otherwise 
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3.7 Conclusion 

The growth of indium nanowire by ion beam induced stress was 

systematically investigated. To development and optimization of ion beam 

induced indium nanowire growth, the effect of major growth parameters such 

as acceleration voltage, current density was investigated for the controlled 

growth. Indium source for nanowire growth was originated from the ion beam 

induced InGaN phase decomposition. And compressive stress generated by ion 

beam irradiation and stress migration of indium atoms was the driving force for 

indium nanowire growth. Nanowires could be synthesized on desired areas of 

the substrate by simply controlling the regions exposed to the ion beam using 

maskless patterning. Extension of the developed technique allows for 

fabrication of variety of functional networks of indium nanowires, with control 

over individual nanowires sites and dimensions.  
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Chapter 4. Stress induced piezoresistive effect in 

Ge2Sb2Te5 phase change nanowire 

4.1 Piezoresistive effect in semiconductor 

4.1.1. Historical overview 

Piezoresistive sensors are among the first Micro-Electro-Mechanical-

Systems (MEMS) devices and comprise a substantial market share of MEMS 

sensors in the market today1. Silicon piezoresistance has been widely used for 

various sensors including pressure sensors, accelerometers, cantilever force 

sensors, inertial sensors, and strain gauges. 

  William Thomson (Lord Kelvin) first reported on the change in resistance 

with elongation in iron and copper in 18562. Kelvin reported that parallel 

lengths of copper and iron wires were stretched with a weight and the difference 

in their resistance change was measured with a modified Wheatstone bridge. 

Since the elongation was the same for both wires, the effect observed depends 

truly on variations in their conductivities. Motivated by Lord Kelvin’s work, 

Tomlinson confirmed this strain-induced change in conductivity and made 

measurements of temperature and direction dependent elasticity and 

conductivity of metals under varied orientations of mechanical loads and 

electrical currents (Figure. 4.1)3,4.  

  The steady-state displacement measurement techniques of Thomson and 
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Tomlinson were replicated, refined and applied to other polycrystalline and 

amorphous conductors by several researchers5,6. In 1932, Allen presented the 

first measurements of direction dependent conductivity with strain in single 

crystals of bismuth, antimony, cadmium, and zinc7-9. Based on this work, 

Bridgman developed a tensor formulation for the general case of homogeneous 

mechanical stress on the electrical resistance of single crystals5. In 1935, 

Cookson first applied the term piezoresistance to the change in conductivity 

with stress, as distinct from the total fractional change of resistance10. The now 

standard notation for piezoresistivity was adapted from analogous work on 

piezoelectricity11. Voigt formalized tensor notation for stress and strain in 

crystals and formulated tensor expressions for generalized Hooke’s Law and 

piezoelectricity12. In 1950, Bardeen and Shockley predicted relatively large 

conductivity changes with deformation in single crystal semiconductors13. In 

his paper on semiconductor piezoresistance, C. S. Smith reported the first 

measurements of the exceptionally large piezoresistive shear coefficient in 

silicon and germanium14. Silicon piezoresistive devices evolved from bonded 

single strain gauges to sensing devices with integrated piezoresistive regions. 

In their 1961 paper, Pfann and Thurston proposed the integration of diffused 

piezoresistive elements with a silicon force collecting element15. The first such 

integrated device, a diffused piezoresistive pressure sensing diaphragm was 

realized by Tufte et al. in 196216.  

 Piezoresistive sensors were the first commercial devices requiring three-

79 

 



dimensional micromachining of silicon. Consequently, this technology was a 

singularly important precursor to the MEMS technology that emerged in the 

1980’s. In 1982, Petersen’s seminal paper ‘‘Silicon as a Mechanical Material’’ 

reviewed several micromachined silicon transducers, including piezoresistive 

devices, and the fabrication processes and techniques used to create them17. 

Petersen’s paper helped drive the growth in innovation and design of 

micromachined silicon devices over the subsequent years. 
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Figure 4.1 The alteration of specific resistance produced in different 

metals4 
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4.1.2. Piezoresistivity fundamentals 

- Piezoresistivity 

Piezoresistivity is one of the most often used transducer effects, in particular 

for electromechanical sensors made out of silicon. Typical applications are 

pressure sensors, accelerometers, resonant micro structures used e.g. for 

chemical sensing18 and for force sensors for atomic force microscopy19. The 

reason for the common use of the piezoresistive effect is its simplicity. 

 The electrical resistance (R) of a homogeneous structure is a function of its 

dimensions and resistivity (ρ), 

   𝑅𝑅 = 𝜌𝜌𝜌𝜌
𝐴𝐴

       (4.1) 

Here, l is length, and A is the cross sectional area the current is flowing. The 

change in resistance due to applied stress is a function of geometry and 

resistivity changes. The cross-sectional area of a bulk material reduces in 

proportional to the longitudinal strain by its Poisson’s ratio, ν, which for most 

metals ranges from 0.25 to 0.35. For anisotropic silicon, the effective 

directional Poisson’s ratio ranges from 0.06 to 0.3620. The isotropic lower and 

upper limit for are -1/0 and 0.521.  

 The gauge factor (GF) of a strain gauge is defined as  

𝐺𝐺𝐺𝐺 =  Δ𝑅𝑅 𝑅𝑅⁄
𝜀𝜀

       (4.2) 
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where ε is strain and ΔR/R is fractional resistance change with strain. The 

change in resistance is due to both the geometric effects (1+2ν) and the 

fractional change in resistivity (Δρ/ρ) of the material with strain22,  

Δ𝑅𝑅
𝑅𝑅

= (1 + 2𝜈𝜈)𝜀𝜀 + Δ𝜌𝜌
𝜌𝜌

      (4.3) 

Geometric effects alone provide a GF of approximately 1.4 to 2.0, and the 

change in resistivity, Δρ/ρ, for a metal is small - on the order of 0.3. However, 

for silicon and germanium in certain directions, Δρ/ρ is 50–100 times larger 

than the geometric term. For a semiconductor, elasticity and piezoresistivity are 

direction-dependent under specified directions of loads (stress, strain) and 

fields (potentials, currents).  

- Mathematical description of the piezoresistive effect 

The name ‘piezo’ comes from the Greek word ‘piezin’ which means 

squeezing or pressing tightly. Combined with resistivity it describes the 

dependence of electrical resistivity ρ on a mechanical strain ε or stress σ. The 

formula is usually given in terms of stress σ applied to the resistor. For isotropic 

materials in the linear elastic region, the stress-strain relationship is given by 

Hooke’s law 

         𝜎𝜎𝑥𝑥 = 𝐸𝐸 𝜖𝜖𝑥𝑥       (4.4) 
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with the Young’s modulus E. The strain ε is defined as the relative change in 

length (ε = Δl/l). 

  The linear piezoresistive effect in one direction in an isotropic material is 

defined by 

∆𝜌𝜌𝑥𝑥
𝜌𝜌𝑥𝑥

=  𝜋𝜋𝑥𝑥 𝜎𝜎𝑥𝑥       (4.5) 

The piezoresistive coefficient π has units of Pa−1. To describe the 

piezoresistive effect for isotropic materials in all three dimensions including 

normal and shear stress components, the coefficient π must be defined as a 

tensor and thus equation (4.5) becomes 

∆𝜌𝜌𝑖𝑖
𝜌𝜌𝑜𝑜

=  ∑ 𝜋𝜋𝑖𝑖𝑖𝑖 𝜎𝜎𝑖𝑖𝑖𝑖       (4.6) 

The indexes describe the geometrical orientation of the effect. The stress 

component, j defines the three normal stresses and the three shear stresses. In 

the contractive notation, six components are used. To describe the directionality 

of the resistivity, the same relationship between voltage and current can be 

applied as between stress and strain. Therefore, the index i has six components 

as well. In the contractive notation, the general piezoresistive coefficient π 

becomes a second rank tensor with 6 × 6 elements.  
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For anisotropic materials, the number of independent components can often 

be reduced due to symmetry effects. For example, in single-crystal silicon there 

are only 12 non-zero coefficients instead of 36. Due to the cubic crystal 

symmetry, only three of them are independent π11, π12 and π44. For isotropic 

material, the number of independent components can be reduced to only two. 

  For most applications, only two arrangements of load and resistance change 

are of interest, resulting in the longitudinal and the transverse piezoresistive 

effect. The first one describes the change of the resistance if the force is applied 

in the same geometrical direction as the E-field and thus the current is flowing, 

while the second one describes the change to a load applied perpendicular to 

the E-field and the current direction. Both structures can be easily build and 

used to characterize the different piezoresistive effects. The effective values for 

the longitudinal piezoresistive coefficient (πl) and the transverse piezoresistive 

coefficient (πt) can be calculated from the piezoresistive coefficient tensor πij. 

(4.7) 
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For anisotropic materials such as single-crystal silicon, (πl) and (πt) depend on 

the orientation of the resistor with respect to the crystal axis and the values can 

be computed using coordinate transformation techniques. For an unknown, 

isotropic material, the values of πl and πt can be identified directly by using 

appropriate test structures. A description of the linear piezoresistive effect can 

then be given by superposition of the longitudinal and the transverse 

piezoresistive effect: 

      ∆𝜌𝜌
𝜌𝜌

=  𝜋𝜋𝜌𝜌𝜎𝜎𝜌𝜌 +  𝜋𝜋𝑡𝑡𝜎𝜎𝑡𝑡 ≈ 𝜋𝜋𝜌𝜌𝜎𝜎𝜌𝜌     (4.8) 

with the stress components σl in longitudinal and σt in transverse direction. 

The σt can be neglected in the nanowire under uniaxial stress application, so 

this equation can be reduced to as shown in equation (4.8). 

- Piezoresistivity Theory 

 The theories of semiconductor piezoresistance are grounded in one-

dimensional descriptions of electron and hole transport in crystalline structures 

under strain (potentially extended to three dimensions and to include crystal 

defects, electric potentials, and temperature effects). Unlike metals, whose 

piezoresistivity are based on geometric changes, the piezoresistive effect of 

silicon are based on mobility changes of carriers. Volume changes affect the 

energy gap between the valence and conduction and, the number of carriers and 

thus the resistivity changes. The solid state physics theory postulates that the 
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energy of electrons in the crystal lattices is not continuous but is separated as 

energy bands due to interaction between electrons and lattice atoms, namely 

conduction and valence bands.  

  In the conduction band, there is a minimum energy necessary for electrons 

to exist. This minimum energy is called band edge point (BEP), as shown in 

Figure 4.2. In the case of silicon, the peak of valence band and valley of 

conduction band are not aligned at the same wave-number k. This refers to 

indirect band gap semiconductor. Instead the valleys of conduction band sit on 

the six <100> equivalent axes. This is called the one band many valley model. 

At room temperature, there will be electrons getting enough thermal energy to 

partially fill these valleys. In the absence of stress, these six valleys have the 

BEP at the same energy level, and electrons fill these valleys equally. But when 

the stress is introduced into crystal, the lattice structure and the distance 

between lattice points will also be distorted by stress. As a result, the interaction 

between the electrons and lattice atoms will also be changed accordingly. This 

causes the band edge point (BEP) for some valleys to decrease and for some 

other valleys to increase. Therefore, more electrons would get enough energy 

to get into some valleys and fewer electrons would get into other valleys. 

  Figure 4.2 illustrates that as an isotropic stress is applied in [100] direction, 

it causes lattice compression in the same direction14. Usually this compressive 

stress would reduce lattice traction in other principal axes and under this 

situation, the minimum energy of conductive band valley in [100] direction will 
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be lowered while the minima on the other axes will be raised. The Fermi levels 

does not change according to crystal lattice distortion, hence when there is a 

compressive stress in [100] and results in its BEP to be lower, it causes the 

redistribution of electrons between the band valleys and more electrons will 

move in [100] valley from [010] and [001] valleys, which experience traction 

stress. Consequently, the average mobility of electrons in [100] direction, the 

direction of compressive will decrease. While, the mobility of electrons in the 

direction of traction will increase. This phenomenon can be better explained 

using quantum mechanics. In quantum mechanics, the mass of electrons varies 

due to the interaction with lattice atoms24. When the energy band structure is 

distorted due to application of stress, the curvature of energy band in k space, 

d2E/d2k, will also be changed (Figure 4.3). This change therefore, alters the 

effective mass of carriers and further changes the mobility of carriers. 

𝜇𝜇 =  𝑞𝑞𝑞𝑞 𝑚𝑚∗�        (4.9) 

τ is the mean time between collisions of carriers with lattice atoms, q is the 

charge of carriers and m* is the effective mass. It can be calculated that the 

electrons moving from [010] and [001] into [100] carry smaller effective mass. 
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Figure 4.2 Isotropic stress applied on silicon crystal. BEP refers to the 

minimum energy for electron to exist in conduction band14 
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Figure 4.3 Schematic of hole energy of silicon subjected to uniaxial 

stress24 
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4.2. Phase change memory 

4.2.1 General introduction 

Since the first demonstration of resistance switching phenomenon by S. R. 

Ovshinsky25, there has been a great interest and study on the phase change 

memory. Switching of chalcogenides can be summarized in 2 ways; memory 

switching and threshold switching26. Memory switching involves phase 

transition from amorphous to crystalline phase; permanent change in material 

properties results from the memory switching. Threshold switching refers to the 

abrupt reduction of the electrical resistance which does not involve phase 

transformation. By using these switching characteristics, non-volatile memory 

can be constructed which is referred to as phase change memory (PRAM). An 

operation scheme of PRAM is shown in Figure 4.4. Memory switching requires 

Joule heating to make a phase transformation. But electrical resistivity of the 

amorphous phase is larger than crystalline phase. As a result, it requires high 

voltage to make enough current to flow through amorphous material to induce 

phase transition by Joule heating. But amorphous chalcogenides make 

threshold switching at relative low voltage and turns into low resistance state. 

This allows large current flow at relatively low voltage and enables SET 

(crystallization) and RESET (amorphization) switching to occur at similar 

voltages26. For RESET of the crystalline device, a short (treset ~ 50 ns) and 

intense (Ireset ~ 1 mA at 50 nm-diameter contact) pulse is applied to induce local 
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heating at the contact region between Ge2Sb2Te5 and bottom electrode; resultant 

resistance of the device is determined by high resistive amorphous cap above 

the bottom electrode and this state is called high resistance state (HRS). For 

SET of the amorphous device, a relatively long (tset ~ 500 ns) and intermediate 

(Iset ~ 0.2 mA at 50 nm-diameter contact) is used to induce crystallization by 

increasing temperature of the amorphous cap to above crystallization 

temperature. Major limitation of PRAM operation is caused by the large 

RESET current. 

  Though the concept of PRAM appeared in 1960s, early devices suffered from 

low thermal efficiency because of the large size of the device. Also, materials 

for PRAM were not optimized and the required properties such as fast 

crystallization, thermal stability of amorphous phase, and high endurance were 

not realized27. A breakthrough was made by Chen et al.’s report about Ge-Te 

binary system28 and N. Yamada et al.’s report on Au-Ge-Sn-Te alloy29. Several 

years later, N. Yamada et al. made a report on the phase transformation 

properties of GeTe-Sb2Te3 pseudo-binary compound which have been studied 

most intensively for the application of optical memory and PRAM30. Till 2004, 

single/dual layer blue-ray disk with the capacity of 25/50 GB were 

commercialized using GeTe-Sb2Te3 compound26. These materials are intended 

to achieve the conflicting properties; for example, high crystallization speed for 

fast SET and stability of the amorphous phase at room temperature (or 

somewhat elevated temperature for high-temperature application) for the good 
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retention of the RESET state. To enhance the performance of PRAM, 

optimization of the device structure and material characteristics using doping 

or composition tuning has been tried. 
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Figure 4.4 Operation principles of PRAM: (L) application of current 

pulse and resultant phases of phase change material, (R) typical current-

voltage curves of PRAM26. 

  

94 

 



4.2.2 Ge2Sb2Te5 compound 

Among the chalcogenide alloys, the ternary compound Ge2Sb2Te5 (GST), is 

the most popular compound employed in the realization of phase change 

memories. The high conductive GST state is related to a polycrystalline phase 

with grains organized in a distorted face-centered-cubic (fcc) lattice where a 

sublattice is constituted by six-fold coordinated tellurium atoms and the other 

one is randomly occupied by germanium and antimony30-32. Due to the 

stoichiometry of the GST, the germanium and antimony sublattices present one 

atomic position unoccupied for each basic cell, leading to a 20% of vacant 

sites33,34. Since the crystalline phase shows a long-range structural order, it can 

be treated as a Bloch semiconductor. Despite a long-range atomic order 

disappear in the vitreous insulating state, a short-range order still exists. 

Absorption spectra show the existence of an optical gap of about 0.7 eV with 

an exponential Urbach tail with a decay of 80 meV, related to localized states, 

probably the lone pairs31,35. Since the transitions induced by programming 

operations require about 100–200 ns and since more than 1012 switching 

operations have been demonstrated on prototype devices, they assumed that 

atomic positions remain quite the same both in the amorphous and the crystal 

GST and that phase transition occurs without a significant atomic diffusion. 

Their work was supported by recent work32 where a distorted fcc is proposed 

for c-GST, constituted by rigid building blocks that are bonded to each other in 
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a crystal lattice. During melting, the interblock bonds break, still maintaining 

unbroken intrablock bonds, leading to an increase in GST volume. Due to the 

weakened intrablock bonds, the Ge atoms can flip into the natural tetrahedral 

coordination, determining an “umbrella flipped” structure of the a-GST. 

4.2.3 Electronic state of amorphous Ge2Sb2Te5 

 Due to long-range atomic order, the electronic dynamics in crystalline 

chalcogenides can be treated according to the Bloch’s theorem. On the other 

hand, amorphous solids are mainly characterized by the absence of a long-range 

order, with a spatially uneven profile of both the conduction and valence bands. 

However, investigations on amorphous compounds demonstrated the existence 

of localized states with variable transport properties36,37. It thus became a 

common practice in the 1960s to describe these materials as in Figure 4.5 (left), 

where the carrier mobility is a function of the energetic level in the band 

diagram and “mobility edges” separate fully conductive bands from low 

mobility states. However, by assuming that the low mobility localized states 

behave like trapping centers and that more conductive levels resemble 

delocalized states, it is thus possible to describe the amorphous materials as 

very defective “semiconductors,” where the “mobility edges” separate the 

delocalized levels (free bands) from low mobility states, defining a mobility 

gap larger than the real energy gap (Figure 4.5, right). The theory of localized 

states in amorphous alloys has been theoretically developed38-41 in the 1970s. 
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In those works, they suggest the existence of a short-range chemical order also 

in the disordered solids and, in particular, it has been suggested that the 

structural unit of the amorphous chalcogenide is the twofold coordinated 

chalcogen, usually indicated as 𝐶𝐶20 (neutral twofold coordinated chalcogen). 

Different coordinations of the chalcogen atoms thus result in deviant electronic 

configurations, acting as electronic defects40. Moreover, since chalcogen atoms 

are twofold instead of fourfold coordinated, the two unpaired electrons are 

supposed to lead to lone pair states38, while neutral threefold 𝐶𝐶30 and onefold 

𝐶𝐶10  coordinated chalcogen lead to a stable charged valence alternation pair 

(VAP) defect through the reaction39,41 

𝐶𝐶30 + 𝐶𝐶10  ⟶ 𝐶𝐶3+ + 𝐶𝐶1−      (4.10) 

Although the exact microscopic structure and the nature of the electronic 

defects in chalcogenide compounds is still under discussion, the existence of a 

large concentration of low mobility states is a key element for a comprehensive 

description of their peculiar electronic properties. 

4.2.4 Band structure of Ge2Sb2Te5 

The physics of both crystalline and amorphous phases has been mapped in a 

standard semiconductor model by properly implementing band diagrams and 

transport properties. Absorption measurements on crystalline GST (c-GST) 

show an optical indirect transition with an energy gap of about 0.5 eV. Since 
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the conduction is mainly related to free holes with a measured density of about 

1019~1020 cm−3, practically independent from temperature32,35, c-GST has been 

modeled as a quasidegenerate semiconductor. Because no measurement of the 

density of states has been documented in the literature, they assumed the values 

as in Table I37. Since the density of vacant sites is about 20% of the total atomic 

density and at thermal equilibrium they are negatively charged, an acceptor 

level with a density of 5 x 1020 cm−3 has been introduced in the band diagram, 

as reported in Figure 4.6 on the left. To take into account the low temperature 

dependence of conductivity, the trap level has been positioned at 100 meV from 

the valence band. As a result of the Poisson equation, the Fermi level lies close 

to the valence band (at about 50 meV), thus causing the p-type quasidegenerate 

behavior of crystal.  

  The amorphous phase can also be correctly described with a band diagram. 

The absorption spectra in the amorphous phase shows the existence of an 

optical band gap of 0.7 eV32,35. A strong exponential activation of the electrical 

conductivity with temperature has been reported in the literature, suggesting 

that amorphous GST behaves practically as an intrinsic semiconductor with a 

Fermi level at about 300 meV from the free hole band32,35. Furthermore, 

absorption spectra also show the existence of an Urbach tail with a decay 

constant of about 80 meV, thus extending for about 200 meV inside the band 

gap35. To map the Mott and Davis mobility model in their model, they translate 

the band diagram of Figure 4.6 (left) into the band diagram of Figure 4.5 (right). 
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The low mobility tail, underlined by the Urbach tail and probably related to the 

lone pairs is a signature of the existence of a mobility edge in the valence band. 

As depicted in Figure 4.6, they model this tail with donor states, close to the 

free hole band, which are neutral at thermal equilibrium with a uniform density 

of 1020~1021 cm−3 eV−1 in an energy range of 200 meV from the valence band 

mobility edge. On the other hand, VAPs have been modeled as couples of 

donor-acceptor levels with a density of 1018~1020 cm−3, respectively, close to 

the conduction and valence bands.  
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Figure 4.5 Band diagram for amorphous chalcogenide. On the left is 

Mott’s model and on the right is the mapping in a standard 

semiconductor band diagram 
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Figure 4.6 Band diagrams for both crystal and amorphous phases 

implemented in numerical model31 
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Table 4.1 Numerical values of the parameters describing the band 

structure for crystalline and amorphous GST37. 

  

102 

 



4.2.5. Mechanisms of threshold switching 

Threshold switching (OTS) is a fundamental mechanism for PCM devices, 

allowing a high current density in the device active area of amorphous bits, 

without developing enormous electrical fields. Despite this fundamental role of 

OTS effect, the nature of the physical principle responsible for the conductance 

switching is still controversial. In the past 40 years, several theoretical effects 

have been devoted to explain this crucial phenomenon25,42. Due to the large 

thermal activation energy of amorphous chalcogenide electrical conductivity31, 

the switching phenomenon has been first ascribed to a thermal breakdown in 

the amorphous film. By increasing the applied voltage, in fact, the current 

density increases and as a result of Joule effect, the temperature increases too, 

thus, locally enhancing the electrical conductivity. When the temperature 

sufficiently rises, a positive feedback switches on and a huge thermal 

generation of electrical carriers takes place. The voltage drop on the amorphous 

film can thus decrease while maintaining a high current density42. The balance 

between the thermal generation, localized along the current pattern, and the 

lateral carrier diffusion leads to the creation of a hot filament. 

  Meanwhile. Adler et al. proposed that the OTS effect is not related to a 

thermal breakdown but in agreement with the original Ovshinsky point of view, 

he explained the threshold switching as a pure electronic phenomenon43. In fact, 

he supported a purely electronic mechanism primary related to the balance 
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between a strong Shockley Hall Reed (SHR) recombination through trap levels 

and a generation mechanism driven by both electric field and carrier densities44. 

In his original model, he considered the chalcogenide material as a doped 

homogeneous semiconductor resistor with a single trap level closed to one band, 

and the doping level closed to the opposite band (e.g., an acceptor doping 

density Na close to the valence band and a 𝐶𝐶𝑐𝑐𝑡𝑡𝑡𝑡𝑡𝑡 donor trap concentration near 

the conduction band). This description represents an attempt to describe the 

electrical behaviors of chalcogenide glasses with a minimum number of 

assumptions. The acceptor doping density Na is assumed greater than 𝐶𝐶𝑐𝑐𝑡𝑡𝑡𝑡𝑡𝑡 to 

mimic the p-type low-field conductivity experimentally observed on the 

majority of chalcogenide compounds45,46, while the donor trap concentration 

near the conduction band 𝐶𝐶𝑐𝑐𝑡𝑡𝑡𝑡𝑡𝑡 can represent the positively charged traps of 

the VAP pairs. Additional elements (e.g., the negatively charged traps of VAP 

pairs) can be neglected because their contribution is not necessary to explain 

the electronic switching effects. 
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4.3 Experimental procedure 

4.3.1. Synthesis of Ge2Sb2Te5 nanowire 

Ge2Sb2Te5 (GST) nanowires were synthesized using the metal catalyst 

mediated vapor–liquid–solid (VLS) process in a horizontal vacuum tube 

furnace47. Bulk GeTe and Sb2Te3 powders (99.99%, Sigma-Aldrich) were used 

to serve as precursors. The powders were separately located inside a horizontal 

tube furnace in different temperature zones in order to simultaneously produce 

vapor-phased reactants. GeTe (Tm=724℃) powder was placed in the middle of 

the furnace and Sb2Te3 (Tm=617℃) at the upstream side (5 cm away from the 

middle of the furnace). The silicon substrate coated with sputtered-Au/Pd film 

was placed at the downstream side of the furnace (~20 cm away from the middle) 

as shown in Figure 4.7. The furnace was ramped to 670 °C with a flow of Ar       

gas (130 sccm) at 100 torr pressure and maintained for 1 hour. After the growth, 

the furnace was slowly cooled down to room temperature. The as-synthesized 

nanowires were characterized by scanning electron microscopy (SEM, FEI DB 

strata 235 FIB) equipped with energy dispersive x-ray spectroscopy (EDS, 

Oxford INCA) and transmission electron microscopy (TEM) 
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Figure 4.7 CVD system and furnace schematic diagram for nanowire 

growth. 
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4.3.2. Device fabrication 

As-grown GST nanowire were transferred from grown substrate to polyimide 

(PI) film (300mm thickness) by contact printing method48. A piece of PI film 

was gently in contact with as grown GST nanowire substrate, and then PI film 

was gently slid in one direction and detached from the substrate. Even though 

large numbers of GST nanowires were transferred and aligned with sliding 

direction on the PI substrate, great care was needed to select the individual 

nanowire to filter out overlaid nanowires as shown in Figure 4.8. Position of a 

single GST nanowire on PI substrate was aligned with optical microscope and 

Au (200 nm)/Ti (or Cr, 50 nm) electrodes were deposited by electron-beam 

evaporation using a metal shadow mask (Figure 4.9). And then, specimens was 

uniaxially strained by bending the PI substrate with custom-built strain stage. 

Schematic illustration for overall process was shown in Figure 4.10. 
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Figure 4.8 Aligned GST nanowires on PI substrate by contact printing 

method: (a) high density and (b) low density transfer by controlling the 

contact pressure 
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Figure 4.9 Process for device fabrication and optical image of fabricated 

memory device. 
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Figure 4.10 Sequence of experiment to exert the external stress/strain to 

GST nanowire including nanowire transfer, alignment, and straining 
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4.3.3 Method for mechanical stressing and electrical measurement 

The fabricated memory devices (metal electrode-NW-PI substrate) was 

mounted on custom-built uniaxial strain stage. Reducing the distance between 

two grip parts by rotating the screw provided the memory devices to be bent 

upward or downward, which exert the uniaxial tensile or compressive strain (or 

stress) to the single nanowire device, respectively. All electrical measurement 

were performed with Keithley 2602 (I-V analyzer), Keithley 2700 (switching 

box), and Keithley 3401 (pulse-generator) 
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4.4 Results and Discussion 

4.4.1. Analysis of GST nanowires 

The structure and chemical composition of the synthesized GST nanowires 

were characterized with SEM, EDS, and TEM. Figure 4.11 (a) is a 

representative SEM image of as synthesized GST nanowires on the surface of 

Si substrate, showing high-yield nanowire growth. The nanowires have a 

diameter in the range of 80~400 nm and are up to tens of micrometers in length 

(> 40 µm). Closer structural inspection reveals that majority of nanowires 

display Au/Pd particles at their ends (Figure 4.11 (b)), indicating that nanowire 

growth was achieved based on the vapor-liquid-solid (VLS) mechanism47. The 

chemical composition of the synthesized nanowires were identified with EDS 

as Ge (27.05 at. %), Sb (23.58 at. %), and Te (49.38 at. %) (Figure 4.11 (c)) 

which is almost close to the ideal atomic ratio of Ge2Sb2Te5. Further structural 

characterization of the GST nanowires was performed with TEM analysis. 

Figure 4.12 (a) shows a low-magnification bright field TEM image of a single 

GST nanowire with uniform diameter of ~80 nm along its entire length. The 

high resolution TEM image and selected area diffraction (SAD) pattern (Figure 

4.12 (b-c)) obtained in the [0001] zone axis suggest that these nanowires are 

defect-free single crystals with growth direction of [1010], which corresponds 

to the d-spacing (~3.65Å) of (1010) plane for hexagonal GST structure.  
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Figure 4.11. Morphology and chemical composition of GST nanwories 

by SEM and EDS analysis: (a) low magnification, and (b) high 

magnification SEM images of GST nanowires, and EDS spectrum with 

chemical composition. 
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Figure 4.12 (a) Bright field TEM image of a single crystalline GST 

nanowire, (b) high-resolution TEM imgae of the nanowire: the white 

arrow indicates the growth directionof the nanowire, (c) diffraction 

pattern of hexagonal GST structure (ZA [0001]) 

  

114 

 



4.4.2. Young’s modulus of GST nanowire 

Young’s modulus of GST nanowires were measured by in-situ uniaxial 

tensile test inside the scanning electron microscope (SEM) chamber. Individual 

GST nanowire was mounted on a microelectromechanical system (MEMS)-

based tensile testing device (Figure 4.13 (a-b)) and controlled uniaxial tensile 

strain was applied. Nanowires were drop cast onto a lacey carbon TEM grid 

and a single nanowire was harvested using a nanomanipulator inside a SEM 

chamger. The single GST nanowire was aligned to the grips of the MEMS 

device and clamped using electron beam induced Pt-C deposition (Figure 4.13 

(c)). Force on the specimen was measured by the displacement of the load cell, 

which consists of a compound flexure beam system with a stiffness of 44 N/m. 

Displacements of the nanowire, the actuator, the load cell, and on the substrate 

beneath the suspended grips were determined from SEM image series with 

resolution better than 0.1 pixels or 1 nm. The effective engineering strain was 

measured from the relative displacements of the two grips and the original 

gauge length. Typical engineering stress-strain curves of GST nanowires during 

loading-unloading was shown in Figure 4.13 (d). GST nanowire with diameter 

of 240 nm (red curve in Figure 4.13 (d)) showed elastic behavior. Smallest 

nanowire (d=115 nm) appeared to be capable of measurable albeit limited 

inelastic deformation (blue curve in Figure 4.13 (d)). Given relatively low 

elastic modulus of the material, the nanowires can sustain ~1 to 1.5% elastic 
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strain before inelastic deformation. Young's modulus of GST nanowires was 

size-independent over the range of 100~300 nm, with an average value of ~45 

GPa as shown in Figure 4.13 (e). This is slightly higher than thin films 

measurements49, which give ~35 GPa  (assuming a Poisson's Ratio of 0.3). 

The measured Young’s modulus was used to calculate the piezoresistive 

coefficient of GST nanowire. 

  The GST phase change memory device was uniaxially straind by bending the 

PI substrate. When the substrate is bent upward (downward), the top surface in 

in tension (compression), and the bottom surface is in compression (tension). 

One surface inside the sheet, known as the neutral surface, has no strain. The 

strain in the top surface in the bending direction equals the distance from the 

neutral surface devidec by R. Uniaxial strain in the top surface is given by50 

ε = (𝑔𝑔𝑆𝑆 +  𝑔𝑔𝑁𝑁𝑁𝑁)/2𝑅𝑅 ≈  𝑔𝑔𝑆𝑆/2𝑅𝑅    (4.11) 

 where dS, dNW, and R were thickness of substrate, thickness of nanowire, and 

curvature radius, respectively. Since thicknesses GST nanowire and PI film 

were about 200nm (dNW) and 50µm (dS), dNW was negligible for strain 

calculation due to large thickness difference. Therefore, uniaxial compressive 

(tensile) strain was exerted to GST NW when PI substrate was bent to 

downward (upward). Because the applied strain level was less than 0.4%, 

deflection or delamination of nanowire from the PI substrate was not 

observable during reversible straining from 0 to +/- 0.4% of uniaxial strain. 
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Figure 4.13 In-situ uniaxial tensile test of GST nanowire for Young’s 

modulus measurement inside SEM chamber. (a-b) Optical images of the 

MEMS tensile testing device. (c) GST nanowire is attached to load cell 

using electron beam induced Pt-C deposition. (d) Engineering stress-

strain curves with varying nanowire diameter. (e) Measured Young’s 

modulus values of GST nanowire. 
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4.4.3. Piezoresistivity in GST nanowire 

To characterize the overall electrical response of a GST nanowire device, we 

applied a voltage sweep from -1.0 to 1.0 V and monitored the current flow in 

the GST NWs at different strain levels ranging -0.4 ~ +0.4 %. Figure 4.14 (a) 

illustrates the typical current (I) - voltage (V) characteristic of GST nanowire 

for various strain levels. Before introducing the external strain, strain free GST 

nanowire showed linear I-V characteristics with resistance of 13 kΩ, and ohmic 

behavior was readily established at the interfaces for the p-type nanowires 

studied here. As we introduced the external strain, resistance was linearly 

changed to 21.7 kΩ and 5.8 kΩ at the strain of 0.4% and -0.4%, respectively. 

The conductance increases under compression and decreased under tension. 

This trend is qualitatively consistent with typical p-type semiconductor51. 

Relative change of resistance (R) was surprisingly large up to ± 60%, and 

resistance change by strain were reversible. 

 As the nanowire became slightly narrower (thicker) under uniaxial tension 

(compression) due to Poisson’s ratio, the change in resistance caused by an 

applied stress or strain is the result of not only from dimensional change, but 

also piezoresistance, which is the first report for GST nanowire. 

  Relative change in resistance was converted to relative change of resistivity 

by subtracting the dimensional changes of NWs as follows52,  

𝑅𝑅/𝑅𝑅𝑡𝑡 = (1 + 2𝜈𝜈)𝜀𝜀 +  𝜌𝜌/𝜌𝜌𝑡𝑡     (4.12) 
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 where ν is the Poisson’s ratio (0.3 for GST), and ε is the uniaxial strain along 

the GST nanowire with resistance, R. The resistance and the resistivity in the 

strain free GST are denoted by Ro and ρo, respectively. Since the changes in 

resistance are significantly larger than the dimensional changes, it is worth 

noting that GST nanowire as p-type semiconductor showed large 

piezoresistance effect.  

 The quantitative relation between resistivity and stress/strain is given by the 

fourth-rank piezoresistance tensor1. When a uniaxial stress is applied and the 

electric field and current are along the same direction, the longitudinal 

piezsoresistance coefficient53 can be measured and defined as the relative 

change in resistivity per unit stress as follows, 

𝜋𝜋𝜌𝜌
𝜌𝜌 =  1

𝑋𝑋
Δ𝜌𝜌
𝜌𝜌0

       (4.13) 

 where ρo is the resistivity under zero stress and X is the stress. Uniaxial 

stresses were applied on GST nanowires along their lengths by bending the PI 

substrates. The longitudinal piezoresistance coefficients along the <101
_

0> 

direction was examined. The relationships between Δρ/ρo and stress X are 

shown in Figure. 4.14 (b). Moreover, piezoresistance effect was linear in the 

stress range performed here due to low stress level. From the equation (4.13), 

we could obtain the 𝜋𝜋𝜌𝜌
𝜌𝜌 for <101

_

0> GST nanowires ranging from 92.5 to 448.5 

x 10-11 Pa-1, which is comparable to that for Si nanowire54. 
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Figure 4.14 Current (I)-Voltage (V) measurement of GST NW under different 

strain condition: (a) I-V sweep curves of GST nanowire with uniaxial strain 

from -0.4% (compression) to 0.4% (tension), Inset shows resistance changes 

with external strain. Electrical measurements show that GST nanowire exhibits 

reversible responses to external strain, and original resistance was recovered 

after releasing strain. (b) Plot of relative resistivity changes of representative 

GST nanowires vs. external strain and stress representing piezoresistance effect.  
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 4.4.4 Origin of piezoresistivity in GST 

- Stress induced variation of melting temperature 

 Since GST in one dimensional nanowire, we firstly consider the variation of 

Tc (crystallization temperature) by applying stress. Modified Tc by uniaxial 

stress is given by the Clausius-Clapeyron equation55, 

𝑑𝑑𝑇𝑇𝑐𝑐
𝑑𝑑𝜎𝜎

= 𝜀𝜀𝑜𝑜𝑇𝑇𝑐𝑐𝑜𝑜

∆𝐻𝐻
       (4.14) 

∆𝑇𝑇𝑐𝑐
𝑇𝑇𝑐𝑐𝑜𝑜

= 𝜀𝜀𝑜𝑜 ∆𝜎𝜎
∆H

       (4.15) 

Where ΔH is the latent heat of transition (~610J/cm3 56), maximum uniaxial 

stress (Δσ) in this study is ~0.14 GPa. ΔTc/Tc was 0.0043, which is negligible 

change in transition temperature. This implies that uniaxial stress induced 

conductivity tuning is originated from the electronic properties and band 

structure. 

- Effect of band gap, carrier concentration and mobility 

For both theoretical considerations and practical applications, it is worth 

examining whether band gap, carrier concentration or mobility plays the 

dominant role these remarkable resistivity change for GST nanowires.  

  Generally, stress-induced conductivity rise for semiconductor is often 

associated with the broadening and eventual overlap of the valence and 

conduction band57 due to the shortening and the rotation of bond (change in 

121 

 



bond lengths and bond angles). Xu et al. reported that resistance of hexagonal 

GST (h-GST) declines monotonically with increasing hydrostatic pressure58. 

And they concluded that dependency of the resistivity on the hydrostatic 

pressure as follows, 

𝑑𝑑 ln𝑅𝑅
𝑑𝑑𝑑𝑑

=  𝑑𝑑 ln𝜌𝜌
𝑑𝑑𝑑𝑑

=  𝑑𝑑 ln
1 𝑛𝑛�

𝑑𝑑𝑑𝑑
=  1

2𝑘𝑘𝐵𝐵𝑇𝑇
 𝑑𝑑𝐸𝐸𝑔𝑔
𝑑𝑑𝑑𝑑

    (4.16) 

Where Eg is the electronic band gap of semiconductor, and P denotes the 

hydrostatic pressure. As we know, in many chalcogenide semiconductors the 

energy gap decreases as the pressure increases, or dEg/dP < 0 57,58. According 

to their work, there needs high pressure over several GPa levels of stress to 

change the band gap (dEg/dP ~ -0.04 eV/GPa). However, very small stresses of 

maximum 0.14 GPa were applied to GST nanowire as shown in Figure 4.14. 

Therefore, there would be negligible changes of band gap and carrier 

concentration. This relation showed that a significant change in resistivity and 

origin of piezoresistance effect can only be attributed to a significant mobility 

change. Relationship between resistivity, carrier mobility, and effective mass 

can be defined as follows, 

 𝜌𝜌 =  1
𝜎𝜎

=  1
𝑞𝑞(𝑛𝑛𝜇𝜇𝑖𝑖+𝑝𝑝𝜇𝜇𝑝𝑝)

= 1
𝑞𝑞𝑝𝑝𝜇𝜇𝑝𝑝

     (4.17) 

𝜇𝜇𝑝𝑝 =  𝑞𝑞𝜏𝜏𝑚𝑚𝑝𝑝

𝑚𝑚𝑝𝑝
∗        (4.18) 
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1
ℏ2

𝑑𝑑2𝐸𝐸
𝑑𝑑𝑘𝑘2

=  1
𝑚𝑚∗       (4.19) 

where, q, n, p, μn, μp, and m* are charge of carrier (1.602 x 10-19 C), carrier 

concentrations of electron and hole, electron mobility, hole mobility, and 

effective mass, respectively. Because GST is p-type semiconductor, majority 

carriers are hole, and stress dependent hole mobilities, which originated from 

effective mass deviation from band diagram under stress, were calculated. With 

hole concentration of ~1020 cm-3 for crystalline GST37, relative change in hole 

mobility is tuned to 130% (at strain -0.4%), which is remarkable hole mobility 

enhancement. Since GST nanowire (diameter less than 100nm) can sustain the 

elastic strain up to 1.5%, hole mobility could be even more enhanced up to 

480%. 

4.4.5 Effect of stress on phase change behavior 

As a phase change memory device, resistance of amorphous and crystalline 

phases were compared according to the stress. And threshold switching 

behavior was conducted. As shown in Figure 4.15, both of crystalline and 

amorphous GST showed higher (lower) resistance when tensioned (compressed) 

and change in threshold voltage was almost linear to the change in resistance 

of amorphous GST. Han et al. reported that compressive pressure increased the 

densities of fourfold rings in amorphous GST, shifting the local order toward 

the crystalline phase, which lower the activation energy toward crystallization57. 

123 

 



Therefore, PCM device is expected to show fast crystallization when 

compressed.  
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Figure 4.15 Resistance of amorphous and crystalline GST nanowire 

under the compressive (blue), tensile (green) stress and unstrained (red) 

state  

125 

 



 

 

Figure 4.16 (a) Threshold switching behavior of GST and (b) relation 

between threshold voltage and resistance 
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4.5 Conclusion 

 
Strain engineering can be utilized to tune the properties of phase change 

materials (PCM) for the applications in advanced electronic and memory 

devices. Recently, the effects of strain or stress on the phase changing 

properties of Ge2Sb2Te5 (GST) are being investigated to further expand our 

insights into physics and applications of nanostructure materials. In this work, 

GST nanowires possess a large piezoresistative effect and stress/strain 

dependent electrical switching behavior of PCM devices. For example, the 

longitudinal piezoresistance coefficient along <101
_

0> direction for p-type GST 

NWs reach as high as 440 x 10-11 Pa-1, which is comparable to the values of Si. 

Large piezoresistivity of GST was originated from the hole mobility 

enhancement This piezoresistance effect in GST may have significant 

implication in PCM device to further expand its application to flexible 

electronics. 
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Chapter 5. Conclusion 

In this thesis, I investigated the effect of external stress on (1) the growth of 

indium nanowire, and (2) piezoresistive effect in phase change Ge2Sb2Te5 

nanowires. 

  First, external stress driven nanowire growth was characterized. External 

stress was induced by using Ga+ focused ion beam. To develop and optimize 

the ion beam induced indium nanowire growth, the effect of major growth 

parameters such as acceleration voltage, current density was investigated for 

the controlled growth. Since focused ion beam can be precisely controlled by 

changing the accelerating voltage, current density, and location of irradiation, 

the diameter and length of the nanowires as well as their growth rate could be 

effectively controlled. Indium nanowires with diameter of 40-200 nm and 

length up to 120 µm were fabricated at growth rate as high as 500 nm/s, which 

is remarkably faster compared with other nanowire growth methods. Indium 

source for nanowire growth was originated from the ion beam induced InGaN 

phase decomposition. And compressive stress generated by ion beam 

irradiation and stress migration of indium atoms was the driving force for 

indium nanowire growth. Nanowires could be synthesized on desired areas of 

the substrate by simply controlling the regions exposed to the ion beam using 

maskless patterning. Extension of the developed technique allows for 

fabrication of variety of functional networks of indium nanowires, with control 
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over individual nanowires sites and dimensions. 

  Second, stress and strain engineering can be utilized to tune the properties of 

phase change materials (PCM) for the applications in advanced electronic and 

memory devices. Recently, the effects of strain or stress on the phase changing 

properties of Ge2Sb2Te5 (GST) are being investigated to further expand our 

insights into physics and applications of nanostructure materials. In this work, 

GST nanowires possess a large piezoresistative effect and stress/strain 

dependent electrical switching behavior of PCM devices. For example, the 

longitudinal piezoresistance coefficient along <101
_

0> direction for p-type GST 

NWs reach as high as 440 x 10-11 Pa-1, which is comparable to the values of Si. 

Large piezoresistivity of GST was originated from the hole mobility 

enhancement This piezoresistance effect in GST may have significant 

implication in PCM device to further expand its application to flexible 

electronics, memories, and strain sensors 
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Appendix I. UV-responsive nanoparticle and its 

application to oil recovery 

6.1 Oil absorption/desorption materials and wettability 

Collecting oil in the ocean or other bodies of water has been considered as a 

challenging environmental issue. Therefore, oil collection has become a highly 

important research topic due to the increasing amounts of industrial oily 

wastewater and frequent oil spills. Several methods for oil cleanup have been 

developed, such as the use of oil absorbents or oil skimmers1-4. However, 

recovered oil by these methods typically contain at least 5~10% of water3,4. To 

separate oil from water, recent approaches have focused on controlling the 

wettability of the oil or water. Two types of structures or materials have been 

explored: oil removal and water removal. The oil-removing materials are 

required to have superhydrophobicity while possessing superoleophilicity in air, 

to absorb only the oil from the water under the surface by using various porous 

sponge-like materials5-11. However, because oil-removing materials are easily 

fouled by high oil adhesion due to their oleophilic nature, the reusability of the 

materials is limited by degraded separation or absorption capacity7,8. In the case 

of water-removing materials, the wettability needs to be superhydrophilic; 

however, the material or structure needs to be superoleophobic underwater12-18. 

Due to high water adhesion to the material surface, water has a very low wetting 
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angle. The underwater superoleophobic interface with low affinity for oil drops 

prevents the coated materials from oil fouling, which makes the oil and the 

material to be easily recycled. Therefore, this water-removing property has 

been applied to oil-water separation filters13-18.  

 Recently, it has been reported that surface wettability can be switched or tuned 

using external stimuli such as light irradiation19,20, mechanical loading21, 

chemical treatment22, electric fields23, magnetic fields24, temperature25, and 

pH26,27. In particular, switchable wettability between superhydrophilicity and 

superhydrophobicity has been studied on various photo-responsive materials 

such as TiO2
28-32, ZnO19, and SnO2

20. The switchable wettability of TiO2 has 

been reported. Its original water CA of 35° undergoes a dramatic wettability 

transition due to UV irradiation, causing it to become superhydrophilic with a 

CAwater/air less than 5°; however, the underwater oleophobicity increases, as 

evidenced by the change in the oil (heptane) CA underwater from 146° to 167°30. 

The role of TiO2 under UV irradiation is known to enhance the surface 

superhydrophilicity and underwater superoleophobicity. Thus, UV irradiation 

on TiO2 enables versatile applications for antifogging and self-cleaning28, 

photo-controllable oil/water filtration30, and water purification31. Although 

many researchers have focused on oil/water separation using photo-responsive 

TiO2, the uses of wettability conversion between hydrophilicity and 

hydrophobicity are limited to mesh type filtration30. To work as oil absorbing 

materials in the presence of water, TiO2 should have both hydrophobicity and 
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oleophilicity. However, as-prepared TiO2 surface typically shows 

hydrophilicity, and subsequent surface modifications are needed to be 

hydrophobic, which degraded by UV irradiation32. Furthermore, a TiO2-coated 

nanocellulose aerogel was reported to show photo-induced switchable 

wettability33, illustrating that water could be absorbed and repelled with and 

without UV irradiation. However, the main focus of the paper is to explore the 

photo-induced switchable water absorption and wettability. 

 

6.2 Experimental procedure 

6.2.1. Synthesis of hydrocarbon and TiO2 nanoparticles (NPs) 

Hydrocarbon NPs11 were deposited by glow discharge on the bottom of a 

vacuum chamber. The chamber was evacuated to a base pressure of 

approximately 2×10-5 Torr. C2H2 was introduced into the chamber at a flux rate 

of 20 sccm (standard cubic centimeter per minute) as the hydrocarbon precursor. 

The deposition temperature of the bottom of chamber was held at room 

temperature by water cooling, and the working pressure was maintained at 500 

mTorr. The discharge was sustained at a radio frequency (RF) and power of 

13.56 MHz and 600 W for a total process time of 30 min. TiO2 nanoparticles50 

were prepared by chemical vapor synthesis (CVS) using titanium 

tetraisopropoxide (TTIP, 98%; Junsei, Japan) as the precursor for Ti. The 
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nebulized precursor mist was transported into the preheated tube furnace 

(~1350℃) with nitrogen as a carrier gas; the gas then reacted with the oxygen 

gas that was supplied separately. The respective flow rates of nitrogen and 

oxygen were controlled at 4.0 and 5.0 slm (standard liter per minute), 

respectively. The synthesized TiO2 NPs were collected in a thermophoretic 

chamber equipped with halogen lamps and cooling jackets. The TiO2 NPs 

deposited on the surface of cold jackets were scraped off as a white powder. 

6.2.2. Fabrication of nanoparticle sponge (nano-sponge) 

Hydrocarbon11 and TiO2
50 NPs were synthesized by glow discharge and 

chemical vapor synthesis, respectively. Because both hydrocarbon and TiO2 

NPs have similar diameters (~ 30 nm in average), hydrocarbon/TiO2 NPs were 

mixed at the volume ratios of 10/0, 8/2, 6/4, 4/6, 2/8, and 0/10 (Figure 6.1 and 

Table 6.1). The mixed NPs were dispersed in isopropyl alcohol (IPA) and were 

ultrasonicated. IPA solutions containing hydrocarbon/TiO2 NPs with different 

volume ratios were coated by drop casting on glass slides. The slides were left 

to evaporate and were used to measure both the water and oil contact angle in 

the air and the oil contact angle underwater. 

6.2.3 Fabrication of the NS/p-PDMS 

 A porous PDMS was selected as the membrane for oil absorption-desorption 

experiments under UV irradiation. Because PDMS has high transmittance and 
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low absorption under UV irradiation, TiO2 NPs within a Nano-sponge coated 

porous PDMS can act as a photocatalyst for hydrocarbon decomposition and 

display a wettability transition for oil absorption and desorption. The porous 

PDMS was fabricated using a sugar templating method.[6] The fabricated 

porous PDMS was dipped into IPA solutions containing hydrocarbon/TiO2 NPs, 

ultrasonicated for 10 min, and finally dried in a vacuum chamber. 

6.2.4 Characterization methods 

A scanning electron microscope (SEM, Inspect F50, FEI) operated at an 

accelerating voltage of 10 keV, which was used to observe the morphology and 

configuration of hydrocarbon/TiO2 NPs. All of the specimens for SEM 

observation were coated with Pt to reduce the charging effect. Compositional 

analysis was performed using energy-dispersive X-ray spectroscopy (EDS) to 

confirm the compositional ratio of the mixed NPs. High-resolution transmission 

electron microscopy (HR-TEM) and electron energy loss spectroscopy (EELS) 

were used to confirm the distribution of hydrocarbon and TiO2 NPs, with the 

corresponding compositional mapping of carbon, oxygen, and titanium. CA 

was measured by sessile drop method, after 5 seconds from the liquid drop 

placement on the surface for stabilization, and it was kept constant for each CA 

measurement. The UV-responsive wettability of the nano-sponge coated glass 

slides was characterized by measuring the CA of deionized (DI) water and oil 

(n-hexane) droplets in the air and underwater, respectively. After each nano-
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sponge was UV-irradiated for 2 hours (18 W Hg lamp with wavelength 

280~360 nm and irradiance of 51 µW/cm2) with a distance of ~10 cm between 

the UV light source and the specimen, superhydrophilicity in the air and 

superoleophobicity underwater were realized. For the CA measurements of DI 

water in air, droplets of approximately 5 μL were gently deposited on the 

substrates, using a microsyringe. To measure the underwater oil CA, the nano-

sponge coated glass slides were inverted and placed in a transparent container 

filled with DI water. Then, oil drops were gently inserted by a syringe needle 

to the coated surface. All of the measurements were recorded using a digital 

camera at room temperature. Two different types of oils, n-hexane (density of 

0.6548 g/ml) as a light oil and 3 M Fluorinert FC-770 lubricant (density of 

1.793 g/ml) as a heavy oil, were tested for the release of the adhered oil under 

UV irradiation. The effects of TiO2 on the wetting transition and the oil release 

behaviors with UV irradiation were evaluated by comparing the oil desorption 

from the 10/0 and 6/4 (hydrocarbon/TiO2) nano-sponges. X-ray photoelectron 

spectroscopy (XPS, PHI 5000 VersaProbe (Ulvac-PHI)) was used to determine 

the binding energy of the 6/4 nano-sponge before and after UV irradiation. The 

background pressure was decreased to ~6.7 x 10-8 Pa. The XPS data were 

collected using monochromatized Al Ka radiation at 1486.6eV. All of the 

binding energies were calibrated using the C 1s peak at 284.6 eV. Gas bubbles 

grown on the surface of the nano-sponge during UV irradiation were collected 
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under water. To prevent interference by other gas molecules in the atmosphere, 

the collected gas bubble were directly injected to a Quadrupole mass 

spectroscopy (HPR20, Hiden Analytical) with He as a carrier gas; the sample 

were analyzed to identify and quantify the gas phases. UV-visible 

spectrophotometer (Varian Cary 100) was used to investigate the transmission 

of UV light into the NS/p-PDMS. Additional air bubble flow was supplied to 

the NS/p-PDMS to enhance the oil desorption rate, after crude oil (32.8° API, 

density: 860 kg/m3) absorption under UV irradiation. 

. 
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Figure 6.1 Preparation of nano-sponge, composed of Mixture of 

hydrophobic hydrocarbon and hydrophilic TiO2 nanoparticles and the 

surface morphology and chemical composition of the nano-sponge using 

scanning electron microscopy (SEM) and energy-dispersive X-ray 

spectroscopy (EDS). Photograph of hydrocarbon/TiO2 NPs (a) before 

and (b) after mixing in an IPA solution. SEM images of the nano-sponges 

(hydrocarbon/TiO2 NPs) with volume ratios of (c) 10/0, (d) 6/4, (e) 4/6 

and (f) 0/10. (g) Atomic composition of the nano-sponges with different 

mixing volume ratios measured with EDS. 
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Table 6.1 Weight and volume mixing ratio of each nano-sponge and its 

atomic composition determined using energy-dispersive X-ray 

spectroscopy. 

 

 

  

Hydrocarbon [g] TiO2 [g] Volume mixing ratio 
[Hydrocarbon/TiO2] 

Carbon 
(at.%) 

Oxygen 
(at.%) 

Titanium 
(at.%) 

0.0518 0.0 10 / 0 97.11 2.5 0.0 

0.04144 0.016 8 / 2 82.58 10.98 5.93 

0.03108 0.032 6 / 4 66.28 19.74 12.74 

0.02072 0.048 4 / 6 44.56 33.15 21.61 

0.01036 0.064 2 / 8 25.0 45.57 28.71 

0.0 0.08 0 / 10 2.94 61.92 34.47 
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6.3 Results and Discussion 

6.3.1 Tunable surface wettability underwater 

Because surface wettability is determined by the surface chemical 

composition and microstructure, changing the mixing ratio of hydrocarbon and 

TiO2 in each nano-sponge would provide different wettabilities for water or oil 

in different environments, such as in air or underwater. As shown in Figure 6.2 

and 6.3, the surface wettabilities of water and oil (n-hexane) on a glass slide 

coated with the nano-sponge were explored in air and water. The CAs for water 

and oil in the air were measured with respect to the mixture ratio before and 

after UV irradiation, as shown in Figure. 6.3. By increasing the TiO2 content 

on the nano-sponge coated flat glass slide, the water CA in the air reduced from 

128° for the mixing ratio of 10/0 (hydrocarbon/TiO2) to 0° for that of 0/10. This 

indicates that the surface wettability could be controlled from mild hydrophobic 

to superhydrophilic without UV irradiation. However, all of the water CAs was 

significantly reduced upon UV irradiation. In the case of ratios from 4/6 to 0/10, 

the water CA was almost zero in the air. In the case of oil droplets, regardless 

of the TiO2 content and UV irradiation, superoleophilicity was exhibited on all 

of the samples in which oils were totally absorbed by the nano-sponge in the 

air. However, the underwater wettability for oil dramatically changed with 

respect to the sample composition and UV irradiation, as shown in Figure 6.3 

(b). As the TiO2 content in the nano-sponge increased, the underwater 
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oleophobicity was enhanced from 45° for the 10/0 ratio to 125° for the 6/4 ratio. 

The samples with mixing ratios of 2/8 and 0/10 showed superoleophobicity 

underwater with CAs greater than 150°, even before UV irradiation. After UV 

irradiation, the underwater oil CAs were also improved and all of the samples 

except for the 10/0 ratio (131°) showed superoleophobicity with oil CAs over 

150°. 

  The significant changes in underwater oil CA by UV irradiation were due to 

the changes in the surface energy of the nano-sponge. Thus, the work of 

adhesion or surface energy can be calculated using the Young-Dupré 

equation34,35 as follows: 

𝑊𝑊𝑡𝑡𝑜𝑜𝑠𝑠 =  𝛾𝛾𝑡𝑡𝑜𝑜(1 + cos𝜃𝜃)      (6.1) 

where Wows, γow, and θ are the work of adhesion in the oil-water-solid system, 

the interfacial tension of oil and water, and the apparent underwater oil CA, 

respectively. Theoretically, equilibrium CA should be used to calculate the 

work of adhesion. However, only the advancing CA can be reliably measured 

and derives minimum work of adhesion36. In this study, we assumed that the 

apparent CA is equivalent to advancing CA due to low CA differences less than 

8°. Therefore, the work of adhesion was calculated by using apparent CA, and 

this would show a similar trend with the minimum work of adhesion calculated 

by using advancing CA. Because Wows is the work necessary to separate a unit 

area of the oil-solid interface in water, it was calculated using the interfacial 
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tension of the oil-water and underwater oil CAs. The interfacial tension 

between n-hexane and water was measured as 50.2 mN/m, and each value of 

Wows was calculated from equation (6.1) and plotted in Figure 6.3 (b). Before 

UV irradiation, oil droplets adhered onto the surfaces with ratios from 10/0 to 

4/6. However, oil droplets adhered only to the samples with the ratios of 10/0 

and 8/2 after UV irradiation. For the other mixing ratios, oil droplets easily 

rolled off the nano-sponge surface under water, with a very low sliding. As the 

underwater oil CA increased, the work of adhesion decreased, indicating that 

the interfacial adhesion of each nano-sponge drastically decreased with UV 

irradiation. The CAs under salt water (3.5% dissolved NaCl) were also 

compared with those of pure DI water, and it was found that the effect of salt 

was negligible. And there was a report that 10% of UV irradiation of 305 nm 

can reach maximum depth of 16 m in sea water37. Therefore, UV induced high 

contrast in work of adhesion is still effective for the application in the ocean. 

  Because the hydrophilicity increased as the oleophilicity decreased with UV 

irradiation, one can suppose that water may have a greater chance to replace oil 

at the nano-sponge and oil interface due to the increased water affinity. 

Therefore, the depletion of adhesion at the interface could be explained by 

photocatalytic oxidation (PCO) and the wetting transition of TiO2 during UV 

irradiation38-40. X-ray photoelectron spectroscopy (XPS) measurements were 

performed to reveal the chemical state of the 6/4 nano-sponge before and after 

UV irradiation (Figure 6.3 (c)). The XPS data were analyzed for the C, O, and 
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Ti core levels of a 6/4 nano-sponge sample. The change in the C 1s spectrum 

clearly showed that the hydrocarbon (C-H, 284.6eV) was drastically 

decomposed into carboxyl carbon (O=C-O, 288.3eV) and oxidant carbon (C-O, 

285.8eV). In addition, the change in the O 1s spectra corresponded to the 

adsorption of the hydroxyl group (-OH, 532.5eV), which converted the surface 

to a superhydrophilic surface after UV irradiation41. Before UV irradiation, the 

Ti 2p XPS spectrum showed two typical values of TiO2 at 458.6 and 464.3eV, 

which were assigned to the binding energies of Ti 2p3/2 and Ti 2p1/2, respectively. 

Additionally, two new peaks at 460.1 and 465.4 eV (related with Ti 2p3/2 and 

Ti 2p1/2) with strong intensities were found and could be attributed to the 

presence of strong interactions at the interfaces between TiO2 and hydrocarbon 

as Ti-O-C bond42. The formation of the Ti-O-C bond was also shown at 

531.4eV in the O 1s spectrum before UV irradiation, and this bond was 

decomposed upon UV irradiation by the PCO of TiO2. As a result, one can 

consider that the oil-hydrocarbon interface may deteriorate due to the PCO of 

TiO2 NPs. Therefore, the interfacial bond becomes very weak, and the water 

molecule may replace the decomposed sites of hydrocarbon NPs on the nano-

sponge. 
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Figure. 6.2 Water CA in air and oil (n-hexane); CA underwater on the 

nano-sponges for each volume ratio (hydrocarbon/TiO2: 10/0, 8/2, 6/4, 

4/6, 2/8, 0/10) before/after UV irradiation for 2 hrs 
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Figure 6.3 Surface wettability of water and oil (n-hexane) on a nano-

sponge before and after UV irradiation. (a) Water and oil contact angle 

(CA) in air, (b) underwater oil CA and work of adhesion. Insets are 

snapshots of the oil droplets immediately prior to detachment from the 

injection needle before (lower inset) and after (upper inset) UV 

irradiation. (c) X-ray photoelectron spectroscopy analysis before (upper 

graph) and after (lower graph) UV irradiation 

147 

 



6.3.2 Spontaneous bubble growth 

The underwater oil CAs were monitored in-situ under UV irradiation on the 

nano-sponge coated glass slide, as shown in Figure 6.4. A light oil droplet (n-

hexane, density: 0.6548 g/ml) was placed on the 6/4 nano-sponge coated glass 

slide, in which the mixing ratio was selected to show high adhesion contrast; 

underwater oleophobicity with high adhesion before UV irradiation and 

superoleophobicity with low adhesion after UV irradiation. As the nano-sponge 

coated glass was immersed into water, air bubbles with an average volume of 

0.015 mm3 were trapped on the surface of the nano-sponge, which were mainly 

captured by the hydrophobic hydrocarbon NPs. As the oil droplet contacted the 

surface, the nano-sponge was partially wetted by the oil, resulting in a CA of 

113°. Simultaneously, air bubbles trapped on the surface of nano-sponge were 

encapsulated within oil droplets due to the positive oil spreading coefficient, So 

(+4.2 mN/m for n-hexane). Interestingly, air bubbles encapsulated within oil 

droplets continuously grew with the increasing UV irradiation time, and the oil 

CA increased from 113° to 157°, which indicated that a wetting transition 

occurred from mild oleophobicity to superoleophobicity underwater. Several 

small bubbles began to grow and coarsen. Then, these bubbles became one 

larger bubble and provided increased buoyancy to the bubble containing the oil 

droplet until it finally released the oil droplet. 
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Figure 6.4 Spontaneous growth of bubbles within an oil droplet on the 

surface of nano-sponge underwater with UV irradiation. (a) Bubble 

growth within a light oil (n-hexane, density: 0.6548 g/ml) droplet in 

contact with 6/4 nano-sponge underwater with increasing UV irradiation 

times of 0, 1, 2, 4, 8, and 16 hr and (b) underwater oil CA measured from 

(a) 

149 

 



6.3.3 Oil absorption and desorption using the nano-sponge.  

To investigate the self or spontaneous release of oil droplet due to TiO2 on the 

wetting transition and hydrocarbon decomposition at the interface, heavy oil 

droplets (3M Fluorinert FC-770, density of 1.793 g/ml) were explored in 

contact with the nano-sponge coated glass slides with different mixing ratios of 

hydrocarbon/TiO2 (6/4 and 10/0) under UV irradiation. Heavy oil was used to 

show that the buoyancy of the bubble could be large enough to overcome the 

sum of the interfacial adhesion and the weight of the oil. In Figures 6.5 (a) and 

(b), both of the samples showed mild oleophobicity underwater, with oil CAs 

of 125° and 113°, respectively. Due to the content of hydrophilic TiO2 in the 

6/4 nano-sponge, oleophobicity showed slightly higher in underwater oil CA. 

Initially, both of the samples contained tiny air bubbles on their surfaces under 

water, which were captured by hydrophobic hydrocarbon NPs. Air bubbles 

were encapsulated by the oil immediately after the contact with heavy oil 

droplets, due to the positive spreading coefficient, So (+3.8 mN/m for FC-770). 

  As UV light was irradiated, the bubbles inside of the oil droplets 

spontaneously grew and dragged the oil droplet upward due to the increased 

bubble buoyancy. The change in the oil contact radius (RC) and underwater oil 

CA were monitored during the bubble growth under UV irradiation (Figures 

6.5 (c) and (d)). Because changes in RC were attributed to receding contact 

angles43 and interfacial adhesion, which varies with UV irradiation time on the 
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nano-sponge, the oil and bubble desorption behaviors with varying underwater 

oil CA and RC can be explained. In the case of the 6/4 nano-sponge, the 

underwater oil CA slightly increased due to the lateral bubble growth at the 

beginning of UV irradiation. As the bubble buoyancy increased, the lateral 

force exerted on the center of the oil droplet gradually increased. The 

underwater oil CA gradually decreased from 136° to 115°, and discrete contact 

line movements between the oil and the 6/4 nano-sponge surface were observed, 

as shown Figure 6.5 (a). When the underwater oil CA was lowered to the 

receding contact angle (RCA) value, the oil droplet receded with the reduction 

of RC. The underwater oil CA gradually decreased to 85° and abruptly reduced 

to 59°, before the moment of oil detachment from the surface, leaving only a 

small amount of oil residue on the surface after 33 hours of UV irradiation. As 

RC was reduced to 0.65RC, necking of the oil droplet occurred close to the oil-

solid interface (Inset in Figure 6.5 (d)). The neck of the oil became unstable and 

the oil/bubble was pinched off. In contrast, the underwater oil CA for the 10/0 

nano-sponge gradually decreased from 113° to 94°, whereas RC was almost 

unchanged, as shown in Figures 6.5 (c) and (d). The RCA for the 10/0 nano-

sponge was expected to be smaller than that of the 6/4 nano-sponge, due to 

different TiO2 content. The decrease in the underwater oil CA in the 10/0 nano-

sponge was not enough to decrease the RCA. Thus, the necking and pinching 

off occurred at the oil-bubble interface farthest from the oil-solid interface, 

leaving most of the oil droplet adhered to the surface. This phenomenon was 
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attributed to the oleophilic hydrocarbon NPs, which firmly held the oil droplet 

at the interface with relatively high interfacial adhesion strength over the 

buoyancy of the oil-encapsulated bubble. 
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Figure 6.5 Spontaneous growth of bubbles within an oil droplet and 

oil/bubble release behavior on the surface of the nano-sponge underwater 

with UV irradiation: A heavy oil (3 M Fluorinert FC-770, density: 1.793 

g/ml) release behaviors from the nano-sponges with hydrocarbon/TiO2 

volume ratios of (a) 6/4, (b) 10/0 with UV irradiation for 0, 17, 30, 32, 

and 33 hr, as well as after 33 hr. (c) Underwater oil CA and (d) ratio of 

the oil contact radius (RC) to the original oil contact radius (RC, initial) for 

the 6/4 and 10/0 nano-sponges with UV irradiation.  
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6.3.4 Vertical force balance at the oil-solid interface 

Regarding the forces acting at the oil-solid interface, the vertical forces of 

buoyancy, pressure, and surface tension are expressed as follows, 

𝐺𝐺𝐵𝐵   = 𝐺𝐺𝐵𝐵,𝑏𝑏𝑏𝑏𝑏𝑏𝑏𝑏𝜌𝜌𝑒𝑒 +  𝐺𝐺𝐵𝐵,𝑡𝑡𝑖𝑖𝜌𝜌 =  𝜌𝜌𝑜𝑜𝑔𝑔𝑉𝑉𝑏𝑏 +  𝜌𝜌𝑜𝑜𝑔𝑔𝑉𝑉𝑡𝑡 −  𝜌𝜌𝑡𝑡𝑔𝑔𝑉𝑉𝑡𝑡  (6.2) 

 

𝐺𝐺𝑑𝑑 =  ∆𝑃𝑃(𝜋𝜋𝑅𝑅𝑐𝑐2) = �2𝛾𝛾𝑜𝑜𝑜𝑜
𝑅𝑅

− (𝜌𝜌𝑜𝑜 − 𝜌𝜌𝑏𝑏)𝑔𝑔ℎ1 − (𝜌𝜌𝑜𝑜 − 𝜌𝜌𝑡𝑡)𝑔𝑔ℎ2�× (𝜋𝜋𝑅𝑅𝑐𝑐2) (6.3) 

 

𝐺𝐺𝑆𝑆 =  𝛾𝛾𝑡𝑡𝑜𝑜(2𝜋𝜋𝑅𝑅𝑐𝑐) sin𝜃𝜃      (6.4) 

 

𝐺𝐺𝑆𝑆 =  𝐺𝐺𝑑𝑑 + 𝐺𝐺𝐵𝐵       (6.5) 

 

where FB, FB,bubble, FB,oil, FP, FS, γow, RC, θ, ρw, ρo, g, Vb, Vo, R, h1, and h2 are 

the force induced by buoyancy, buoyancy forces of the bubble and oil, pressure 

force due to excess pressure (ΔP) inside the oil and bubble acting on the 

contact area, surface tension force, oil-water interfacial tension, oil contact 

radius, underwater oil CA on solid, the densities of water and oil, acceleration 

due to gravity, bubble volume, oil volume, radius of curvature at the top of the 

oil droplet, bubble height, and height between the solid surface and bubble 

bottom, respectively. The magnitude of the excess pressure across the curved 

oil-water interface from the Young-Laplace equation is 2𝛾𝛾𝑡𝑡𝑜𝑜/𝑅𝑅. If hydrostatic 

pressure under gravity is applied, the total excess pressure can be taken as the 

right hand side of equation (6.3). 
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 Because the bubble growth rate was very small, only static forces were 

considered. Therefore, each force was balanced in equation (6.5), and the 

surface tension force FS and buoyancy force FB,oil of the oil droplet were 

responsible for holding the oil on the nano-sponge surface. The pressure, FP, 

and bubble buoyancy, FB,bubble, forces were responsible for pulling the bubble 

and oil off from the surface. Each force was non-dimensionalized by dividing 

the buoyancy force of the oil to illustrate the force exerted for the unit density 

and unit volume of oil. In the beginning of UV irradiation, FB was negative 

(downward direction) due to large oil density and FB,bubble was negligible. As 

buoyancy force of the bubble increased with the growth of bubble while that of 

the oil was unchanged, the total buoyancy force acting upward increased 

(became positive) with UV irradiation. Additionally, the surface tension force 

(FS) of the 6/4 nano-sponge working against the buoyancy and the Laplace 

pressure forces decreased due to receding-induced RC reduction (RB/RC ≈ 2.36), 

whereas that of the 10/0 nano-sponge was maintained due to contact line 

pinning (RB/RC ≈ 1.04), as shown in Figures 6.6 (b) and (c). At the moment of 

detachment, FP would be nearly zero due to the negligible neck radius. 

Consequently, the remaining oil volumes were determined by the magnitude of 

the surface tension force acting at the oil-solid interface before oil or bubble 

detachment. 

 Because the RC for both cases were almost the same as the radius of the neck, 

during all of the bubble growth processes, a modification of Tate’s law can be 
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written as follows44,45 

 2𝜋𝜋𝑅𝑅𝑐𝑐𝛾𝛾𝛾𝛾 = ∆𝜌𝜌𝑔𝑔𝑉𝑉      (6.6) 

where the correction factor 𝛾𝛾 is ratio of the detached mass to the total mass, 

as a function of 𝑔𝑔/𝑉𝑉1/3. In general, φ(𝑔𝑔/𝑉𝑉1/3) increased with a decreasing 

𝑔𝑔/𝑉𝑉1/3< 0.8545. In this case, r is the contact radius RC, and V is the oil volume 

which is constant. As a result, one can consider that the remaining oil volume 

on the nano-sponge surface depends on the RC. Reduction of the RC at the 

detachment corresponded to the reduction of the surface tension force, which 

resulted in the small amount of the oil residue left on the 6/4 nano-sponge. 

However, a constant RC for the 10/0 nano-sponge was responsible for the 

constant surface tension force by contact line pinning, which held most of the 

oil on the 10/0 nano-sponge even after bubble detachment. Overall, this oil 

detachment was driven not only by the buoyancy force from growing bubbles 

in oil but also by the reduction of the surface tension force induced by the 

wetting transition to superoleophobicity, further reducing RC. 
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Figure 6.6 Vertical force components of the surface tension (FS), pressure 

force (FP), and buoyancy (FB) of the oil/bubble at the oil-solid interface 

underwater during UV irradiation: (a) schematic illustration of each 

force component. The buoyancy, pressure force, surface tension force, 

and net force (FNET) were non-dimensionalized and plotted as bubble 

radius (RB)/contact radius (RC) for (b) 6/4 and (c) 10/0 nano-sponges. 
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6.3.5 Oil absorption and desorption with NS/p- PDMS 

To visualize oil absorption/desorption with the nano-sponge, the 6/4 nano-

sponge was coated on the inner and outer surfaces of a porous PDMS sponge6 

by dip coating, which showed superhydrophobicity in air and superoleophilicity 

underwater. Even after full oil absorption (Figure 6.7 (a)), many bubble nuclei 

were still observed inside and on the surface of the NS/p-PDMS. As the UV 

was irradiated, oil was dragged along with the bubbles in the upward direction 

because the increased buoyancy, which was due to the continuous generation 

and coarsening of bubbles, exceeded the lowered interfacial adhesion energy 

between the oil and the nano-sponge by the UV-activated TiO2. Then, the oil 

was finally detached with the bubbles from the NS/p-PDMS, as shown in Figure 

6.7 (c). It is worth noting that UV light at the wavelength of 300 nm can 

penetrate through p-PDMS and NS/p-PDMS (thickness ~5 mm) up to ~50 % 

and ~8 % of transmittances, respectively. Intrinsic PDMS transmittance and 

porous structure enabled all TiO2 NPs within NS/p-PDMS to be activated by 

UV irradiation. 

 Because continuous bubble growth was observed on the surface of the nano-

sponge, as shown in Figures 6.5 and 6.7, the bubbles were analyzed for their 

chemical composition. Rising bubbles that are released with oils were collected 

by covering the transparent container over the oil-absorbed NS/p-PDMS, as 

shown in Figure 6.7 (d). As the duration of UV irradiation increased, the 
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number of desorbed oil/bubbles increased; subsequently, the number of bubbles 

trapped at the bubble/oil collecting surface increased. The collected bubbles 

were analyzed using mass spectroscopy, confirming that the bubbles were 

composed of oxygen (17.3%) and nitrogen (82.7%), similar to the contents in 

air (Figure 6.7 (e)). Through the control experiment using deaerated DI water, 

it was found that the bubble source originated from dissolved oxygen and 

nitrogen in the water, indicating that bubble growth was a diffusion-controlled 

phenomenon. Due to the pre-existing air bubble nuclei in the oil droplets, 

bubble growth could have occurred by molecular diffusion from the DI water 

to the air bubble, even at low levels of gas supersaturation in the water46. 

Furthermore, it has been discussed that oil having high gas solubility acts as a 

gas storage trap; therefore, the mass transfer of oxygen or nitrogen molecules 

could be enhanced through the oil layer between the air bubble and water 

phases47,48. Thus, there is an increased driving force for dissolved air to diffuse 

through the oil. The bubbles in oil can grow larger due to lower oil surface 

tensions (organic liquids including oils: 10~30 mN/m) than the surface tension 

of water (72.8 mN/m). It is concluded that the mechanism of oil desorption is a 

combined effect of air bubble growth, wetting transition, and PCO by the UV-

responsive TiO2, as shown in Figure 6.8. 
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Figure 6.7 Spontaneous oil (n-hexane, dyed in blue) 

absorption/desorption of a 6/4 NS/p-PDMS during UV irradiation, and 

the origin of bubble growth with the oil desorption mechanism. Oil 

desorption with UV irradiation time (a) 0 hr and (b) 8 hr, respectively. 

(c) Snapshot of oil/bubble release (~ 24 hr). (d) Top view of the collected 

oil/bubbles. The inset shows the side view of the collected oil/bubble. (e) 

Mass spectroscopy analysis of collected gas bubbles.  
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Figure 6.8 Mechanism of bubble growth and oil desorption with UV-

responsive TiO2   
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6.3.6 Recyclable oil absorption and desorption.  

To function as a promising smart material for oil absorption/desorption, the 

oil absorption capacity and recyclability are the key requirements for practical 

oil clean-up applications. Thus, the absorption capacity and recyclability of a 

6/4 NS/p-PDMS and a p-PDMS were compared using crude oil and different 

desorption methods of UV/bubbling, only bubbling, and simple squeezing, as 

shown in Figure 6.10. There have been several reports showing that gas bubbles 

remove contaminants, such as chemicals, powders, and oils, with high 

efficiency by several gas flotation techniques49. Thus, air bubbling was 

externally supplied to the 6/4 NS/p-PDMS during UV irradiation, resulting in 

a similar effect to spontaneous bubble formation and growth from dissolved air 

in water, but with an enhanced oil desorption rate. Figure 6.9 shows the typical 

sequence for crude oil absorption and desorption by UV/bubbling: air-filled 

NS/p-PDMS before oil absorption, oil-filled NS/p-PDMS, desorption of oil, 

and water-filled NS/p-PDMS after full desorption. During the recycling test, 

the oil absorption capacity and oil desorption efficiency were determined by 

weighing the sponges and were calculated as follows: 

Absorption capacity (%) =  𝑁𝑁−𝑁𝑁0
𝑁𝑁0

 × 100(%)   (6.7) 

Desorption efficiency (%) =  𝑁𝑁𝐷𝐷
𝑁𝑁𝐴𝐴

 × 100 (%)   (6.8) 

where W0 and W are the weight of the sponges before and after oil absorption, 
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respectively. WA is weight of absorbed oil, and WD is weight of desorbed oil.  

 After crude oil desorption, the NS/p-PDMS and p-PDMS were dried in a 

vacuum for several hours to evaporate the infiltrated water and residue of crude 

oil, respectively. The oil absorption capacity of the NS/p-PDMS was slightly 

higher due to the increased porosity of the hydrocarbon and TiO2 NPs, 

compared with that of the p-PDMS (459% and 430%, respectively). However, 

the oil absorption capacity of the NS/p-PDMS was maintained at 459±4% after 

10 cycles, whereas that of the p-PDMS gradually reduced from 430% (441%) 

to 361% (424%) by squeezing (bubbling) (Figure 6.10 (a)). Regarding the oil 

desorption efficiency, with only UV irradiation on the 6/4 NS/p-PDMS, 65% 

of oil was desorbed for 48 hours due to slow bubble growth. However, with 

only air bubbling without UV irradiation, 91±2% of absorbed oil was desorbed 

from the p-PDMS sponge within 1 hour while the oil residues were 

continuously increased with the number of cycling. The oil desorption by 

squeezing was 80±3%. According to other researchers, p-PDMS maintained 

their absorption capacity during recycling tests by squeezing. However, they 

cleaned the p-PDMS to remove the oil residues using other chemical solvents 

such as ethanol6. This rinsing process itself caused secondary contamination 

and required effort to dispose of the chemicals. With together of UV/bubbling, 

the oil residues could be mostly removed and desorption efficiency was as high 

as 98±1% in the 6/4 NS/p-PDMS sponge as shown in Figure 6.10 (b). As 

discussed earlier, wetting transition under UV irradiation would occurred at the 
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interface between the absorbed oil and the NS/p-PDMS surface, which resulted 

in almost perfect desorption even after 10 cycle tests. As shown in Figure 6.11 

(a), crude oil slicks continuously appeared from the p-PDMS (black color, 

containing greater than 19% oil) on the water surface even after squeezing and 

subsequent drying in a vacuum. On the other hand, the NS/p-PDMS sponge 

showed no slick due to almost complete desorption of the oil during 

UV/bubbling (yellow color after water evaporation, Figure 6.11 (b)). The 

underwater oil wettability on the NS/p-PDMS was altered to 

superoleophobicity as the oil was replaced with infiltrated water during 

UV/bubbling (Figure 6.11 (b)). For the reuse of the sponge, the NS/p-PDMS 

sponge restored its original wettability from underwater superoleophobicity to 

oleophilicity with the sequential process of evaporating the infiltrated water and 

storage in the dark. Therefore, the oil desorption method of UV triggered 

wetting transition, when using with bubbling together, had a superior capability 

for oil clean-up and recyclability without secondary contamination, compared 

with simple squeezing of the p-PDMS sponge. 
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Figure 6.9 (a) Underwater crude oil absorption of the 6/4 NS/p-PDMS, 

fully absorbed state, and oil desorption with air bubble flow/UV 

irradiation. (b) A schematic procedure of oil absorption and desorption 

with UV-responsive wettability and air bubble flow 
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Figure 6.10 (a) Oil absorption/desorption capacities and recyclabilities 

of the NS/p-PDMS (desorption by UV/bubbling) vs. a p-PDMS 

(desorption by squeezing or bubbling). (b) Oil desorption efficiency: 

bubbling and UV irradiation on the NS/p-PDMS sponge vs. squeezing 

the p-PDMS for oil desorption  
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Figure 6.11 (a) Underwater oleophilic nature of the p-PDMS after 

squeezing. (b) Underwater oleophobic nature of the 6/4 NS/p-PDMS 

after UV/bubbling  
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6.4 Conclusion 

A smart approach to control the oil absorption/desorption of the nano-sponge 

has been demonstrated by the simple mixing of a hydrophobic hydrocarbon and 

photo-responsive, hydrophilic TiO2 NPs. The role of the hydrophobic nature of 

the hydrocarbon NPs was to selectively absorb only the oil from water. Then, 

a UV-induced wetting transition by TiO2 NPs from a mild oleophilic state to an 

underwater superoleophobic state released the absorbed oil from the nano-

sponge with UV irradiation. This was further demonstrated by the NS/p-PDMS 

with high oil absorption/desorption efficiency without the occurrence of 

secondary pollution. Because materials for smart control of oil 

absorption/desorption are not limited only to hydrocarbons and TiO2 NPs, any 

type of mixture of hydrophobic and hydrophilic materials with photo-

switchable wettability could be used to realize oil-water separation and oil spill 

clean-up. Furthermore, nano-sponge is expected to separate the various type of 

emulsions, due to the wide range of tunable wettability with several tens of 

nanometer scale pores for practical application for emulsion separation. 
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Appendix II. Microtexture development during equi-

biaxial tensile deformation in monolithic and dual phase 

steels 

7.1 Microstructure and deformation behavior in DP steel 

Modern high strength steels have been developed for the automotive industry 

for the purpose of reducing the weight of the car body, which improves fuel 

efficiency and satisfies the consumer’s increasing demand for safer and more 

comfortable vehicles. Among the high strength steels, generally, dual phase (DP) 

steels are low-carbon low-alloy materials with 5 ~ 30 vol.% hard martensite in 

a ductile ferrite matrix. As they combine high strength and good formability at 

low production costs, they are also widely used for recent automotive 

applications1-7. In general, the martensite fraction in low-carbon DP steel could 

be controlled by the deformation of ferrite–pearlite steel and a subsequent 

intercritical annealing condition. During deformation, DP steel shows complex 

inhomogeneous deformation behavior, which is given by the presence of 

different microstructural constituents. The complex deformation behavior 

might act as a drawback to broad application of DP steel. To ensure the reliable 

application of DP steel, it is important to understand the influence of the 

complex deformation behavior on the microstructure change. Therefore, there 

have been many researches to analyze microstructure changes of DP steel with 
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respect to subgrain texture evolution during deformation8-17. 

  It is well known that the mechanical properties of polycrystalline materials 

during plastic deformation are strongly affected by their initial microstructures 

and microstructual changes, such as the rotation of the crystallographic 

orientations of individual grains, the subgrain evolution, or the quantity and 

distribution of dislocations including both geometrically necessary dislocations 

(GNDs) and statistically stored dislocations (SSDs). Finally, the macroscopic 

mechanical behavior of materials such as DP steel was governed by the 

combination of microstructural changes and their micromechanical responses, 

which were influenced by grain or phase interactions during deformation. 

Lebensohn et al. simulated the microstructure change and the subgrain 

evolution in polycrystalline copper during uniaxial tensile deformation and the 

results were compared with the experimentally measured data18. Dillien et al. 

measured lattice curvature in ferrite of DP steel during cold rolling19. It was 

revealed that a strong lattice curvature develops predominantly around 

martensite grains and this leads to high orientation gradient in ferrite grain 

adjacent to martensite grains. As for the GNDs20-22, recently, the accumulated 

GND density in DP steel was estimated based on the misorientation distribution 

with the help of a high-resolution electron backscatter diffraction (HR-

EBSD)23,24. However, most of works were related to GND formation in DP steel, 

which was originated from the volume expansion during austenite-to-

martensite transformation without further deformation. 
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 In this study, in order to understand the subgrain texture and microstructural 

evolution in individual ferrite grains in interstitial-free (IF) and DP steel sheets 

with various martensitic fractions during plastic deformation HREBSD 

measurement on a special deformation stage for equibiaxial tension was carried 

out inside a scanning electron microscope chamber. The micromechanical 

effect of hard martensite islands on adjacent ferrite grains in DP steels was 

analyzed by comparing the microstructural changes in the IF and DP steels. The 

distribution of GND and the height distribution inside ferrite grains near 

martensite islands, as well as the overall texture evolution for each deformation 

step, were observed through high resolution transmission electron microscopy 

(HRTEM) and atomic force microscopy (AFM), respectively. From the 

measured microstructural and geometrical changes in the IF and DP steels the 

effect of hard martensite on the microstructure of the steels during plastic 

deformation was investigated and is discussed. 
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7.2 Experimental procedure 

7.2.1. Equi-biaxial tensile deformation and microstructure 

A quantitative measurement of orientation changes during stepwise biaxial 

tensile deformation of individual ferrite grains and grain-aggregates in IF and 

DP steels was attempted by combining EBSD and a specially designed 

mechanical device as shown in Figure 7.1. The device was installed in the SEM 

chamber and operated so as to develop the equi-biaxial tensile mode at the 

center-top part of the sheet-type specimens as the screw rotated up, as shown 

in Figure 7.1 (b). Figures 7.1 (c) and (d) are digital images of the specimen on 

the device before and after equi-biaxial tensile deformation, respectively. A 

lubricant between the hemisphere-shaped cap and specimen was used to 

decrease the frictional stress between the specimen and the screw. A disk-

shaped specimen with a diameter of 16mm was prepared with a wire-cutting 

method, as shown in Figure 7.1 (a). The specimen was mechanically polished 

down to a thickness of 300μm by using a diamond suspension. Then, a final 

surface polishing by colloidal silica and an Ar+ plasma cleaning were conducted 

for high quality digital imaging.  

  To trace the microstructure of the same area on the specimen during stepwise 

equi-biaxial tensile deformation, four rectangular micro-indentation marks 

were placed on the specimen surface before loading, as shown in Figure 7.1 (a). 

From the shape change of the rectangular indentation marks during deformation, 
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it was confirmed that the equi-biaxial tensile deformation was applied. 

Macroscopic strains at each deformation step were obtained by measuring the 

relative displacement of the indentation marks along both horizontal and 

vertical directions in the SEM images. The tensile strain was measured to be up 

to about 13 % along one direction.  

  All experiments were carried out in a scanning electron microscope (JEOL, 

JSM-6500F) equipped with a field emission gun. The crystallographic 

orientation changes of strained grains were analyzed by an EBSD system 

(INCA crystal, Oxford and HKL channel 5). The accelerating voltage and probe 

current were set at 20kV and 4nA, respectively. The band detection numbers 

and resolution of the Hough transformation were also maintained as constants 

at 5 and 50, respectively, for consistent EBSD measuring conditions. It is 

known that the appropriate spatial resolution, which is simply the distance 

between two adjacent pixels, should be chosen according to the grain size25. 

Given ferrite grain sizes of 17µm and 6.5µm in IF and DP steels, respectively, 

the spatial resolutions used were 1µm and 0.1µm respectively. 

  To investigate the thickness directional displacement in ferrite grains near 

martensite islands after equi-biaxial tensile deformation, atomic force 

microscopy (PSIA, XE-150 model) was used. From the measured surface 

morphology, the distribution of thickness directional strain was evaluated in the 

ferrite phase in DP steels. After EBSD measurements of deformed DP steel, the 
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dislocation structure in ferrite adjacent to martensite islands was observed by 

high resolution TEM (JEOL, 3000F).  For the TEM observation of the special 

ferrite region, a cross-sectional sample was fabricated via a focused ion beam 

(FIB, Nova NanoLab 200) equipped with a Schottky field emission gun column, 

Ga+ ion beam column, Pt gas injection system, and Omniprobe internal 

micromanipulator. The damage by the Ga+ ion beam during FIB sample 

preparation was reduced by Ar+ plasma cleaning. 

7.2.2. Materials and determination of martensite fraction. 

The present investigation was carried out for IF and DP steels, whose 

chemical compositions are listed in Table 1. While IF steel consists of only a 

monolithic ferrite phase, DP steels consist of soft ferrite and hard martensite. 

The proportion of martensite in DP steels was controlled by the deformation of 

the initial ferrite–pearlite steel and subsequent intercritical annealing treatments 

at the temperatures of 720℃, 760℃, and 850℃ for 30 minutes and these 

treatments resulted in area fractions of 7%, 18%, and 27%, respectively. The 

above values were determined through a phase analysis for EBSD patterns 

(EBSPs) of the specimens. A conventional tool for phase volume fraction 

measurement is diffraction profile analysis using an X-ray or neutron beam26,27. 

This method is based on the difference in lattice symmetry.  However, this 

method tends to fail when attempting to discriminate between various phases 

of steels that form by the decomposition of austenite, because those phases, 
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such as ferrite, bainite, and martensite, have almost identical lattice structures 

in most cases. Recently, it has been shown that the quantitative measure of the 

EBSP quality is very useful for mapping microstructures28-30. Since the pattern 

quality is sensitive to lattice defects and surface topology, a map constructed 

with it shows detailed features of the microstructure, such as the boundaries. 

Also, because different phases generally have different diffraction intensities, 

the map can also present phase contrast. The phases that form at low 

temperatures, such as bainite and martensite, usually have higher dislocation 

contents, which lead to degraded EBSPs with lower pattern quality. Thus in this 

study, the initial area fraction and position of martensite in DP steels were 

determined based on EBSD band contrast (BC) images using the subset 

selection function in an HKL channel 5 system, where BC quantifies the pattern 

quality.  Figure 7.2 shows the BC image map and profile, which was scaled to 

be the byte range 0 to 255, for the DP steel with 18% martensite area fraction 

as an example. For grain identification and subsequent grain averaging of the 

BC, the misorientation angle for the grain boundary definition was set to 5°. In 

Figure 7.2 (b), the BC histogram indicates that the martensite phase has original 

BC values ranging from 20 to 120. Accordingly grains with grain average BC 

below 98 were assigned to martensite whereas grains with BC over 98 were 

assigned to be ferrite. 
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Figure 7.1 Schematic diagram and digital images of equi-biaxial tensile 

deformation device for EBSD measurement: (a) Sample shape for equi-

biaxial tensile deformation. (b) Schematic diagram of equi-biaxial tensile 

deformation device controlled by rotation of screw. Digital images of 

equi-biaxial tensile deformation device (c) before and (d) after 

deformation 
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Figure 7.2 (a) Band contrast image and (b) histogram for martensite 

selection in DP steel. Blue color in (a) indicates martensite phase 
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7.3 Results and Discussion 

7.3.1 Microtexture development in IF and DP steels 

Equi-biaxial tensile deformation for IF and DP steels with martensite area 

fractions of 0%, 7%, 18%, and 27% was carried out in the SEM chamber using 

the device shown in Figure 7.1. For the deformation steps corresponding to the 

horizontal directional strains of 0%, 5%, 9%, and 13%, the orientation images 

at the center top of the sheet specimens were measured by EBSD. We confirmed 

that the strain developed at the center top of the specimen was almost equi-

biaxial strain based on the finding that the rectangular indentation marks on the 

specimen surface remained nearly rectangular. The measured orientation image 

maps from the surface normal direction (ND), overlaid onto the BC image maps, 

are shown in Figure 7.3. For the zero strain case (before equi-biaxial tensile 

deformation), the ferrite and martensite in the DP steels could be identified from 

the BC image maps, as shown in Figures 7.2 and 7.3. It is clear that martensite 

islands (dark area) are well distributed at triple junctions of ferrite grain 

boundaries in DP steels.  

  In order to observe the effect of the martensite islands on texture change in 

ferrite phase, although the initial crystallographic orientations in IF and DP 

steels are not similar due to the previous different themomechanical treatments, 

IF and DP steels with various martensite fractions were compared. In Figure 

7.3, the red, green, and blue colors represent the <001>, <101>, and <111> 
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crystallographic directions parallel to the normal direction (ND) of the 

specimen, respectively. It was evident that the area of the green region, which 

is close to <101>//ND, decreases as the biaxial strain increases. This means that 

<101>//ND rotates towards <111>//ND or <001>//ND with the biaxial strain. 

This is as expected because equi-biaxial stretch is similar to compression and 

the stable end orientations for bcc materials deforming in compression are 

<001>//ND and <111>//ND. The tendency of orientations between <101>//ND 

and <112>//ND to split and be unstable was noted by Katoh and Hutchinson, 

who also noted its importance for subsequent annealing31,32. In addition to the 

overall texture change, the post-deformation images of the IF and DP steels 

clearly indicate the development of intragranular misorientations in terms of 

noticeable color gradation inside the ferrite grains. Note that the dark area 

broadens as the deformation progresses in DP steels. This indicates that the BC 

values of ferrite regions adjacent to martensite islands were drastically reduced 

as the biaxial deformation increased. This tendency was stronger in the DP steel 

with larger martensite fractions and was rarely observed in IF steel. In this study, 

we investigated why differences in microstructural change occur in IF and DP 

steels during equi-biaxial deformation. 
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Figure 7.3 EBSD orientation maps of IF and DP steels with martensite 

area fractions of (a) 0%, (b) 7%, (c) 18% and (d) 27% during equi-biaxial 

tensile deformation 
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7.3.2 Visco-Plastic Self-Consistent (VPSC) model: texture prediction 

In order to investigate the overall texture change during equi-biaxial tensile 

deformation, a visco-plastic self-consistent (VPSC) model was used. The self-

consistent approximation is one of the commonly used methods for estimating 

the macroscopic behavior of polycrystalline aggregates. However, since this 

method is based on a mean-field approach33-35, the actual micromechanical 

fields and orientation changes that develop inside the grains of a polycrystalline 

material may vary from the predictions. In this study, a velocity gradient of 

equi-biaxial tension in the plane of material with random BCC grains was 

applied. Version 7c of the Los Alamos VPSC code was employed36. The slip 

systems were assumed to be {110}<111> and {112}<111>. For crystallographic 

slip, a standard rate-dependent plastic slip law37 was employed in the VPSC 

code. 
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where s
ijm , 0γ , ( )xijε  and ( )xklσ  are the symmetric Schmid tensor 

associated with slip system (s), a normalization factor, the deviatoric strain rate 

and stress, respectively. The rate-sensitivity exponent (n) and the initial shear 

stress ( s
0τ ) resolved onto the slip plane were assumed to be 20 and 2 MPa, 

respectively. 

185 

 



  The simulated texture at a von Mises equivalent strain of 0.75 is shown in 

Figure 7.4 as ND inverse pole figures. By partitioning grains into two regions 

divided by a line connecting <113> and <304>, two different stable orientations 

for equi-biaxial tensile deformation were found. Those colored red tended to 

rotate towards <100>//ND, while the blue grains moved towards <111>//ND. 

Orientations starting near <101> corner rotated towards the <100> - <111> line 

at the early stages of deformation. This simulation result macroscopically 

matches with the experimental observation in Figure 7.3 that indicate the area 

fraction colored green, which represents orientations close to <101>//ND, 

decreases as the biaxial strain increases. 

  Figure 7.5 shows the ϕ2 =45° sections of ODF measured in ferrite grains of 

IF (Figure 7.5 (a)) and DP (Figure 7.5 (b)) steel with a martensite area fraction 

of 27%. The texture data were obtained by EBSD at the same position of the 

specimen before (left-hand column) and after (right-hand column) biaxial 

deformation. In the IF steel, the ferrite grains have an initially strong γ-fiber 

(<111>//ND) and a weak <100>//ND component. Since <111>//ND is the stable 

orientation for the equi-biaxial tensile deformation mode, as shown in VPSC 

simulation, the intensity of the γ-fiber in IF steel increased after deformation. 

On the other hand, in the DP steel, although the initial ferrite texture is very 

similar to that in the IF steel, the rotated cube texture components of (001)[11
＿

E1E0] and (001)[
＿

AAE1E

＿

A0], which are another stable orientation for equi-biaxial tensile 
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deformation, intensified along with the increase in the γ-fiber. This difference 

between the IF and DP steels may be a consequence of the interphase 

interaction between hard martensite and soft ferrite. 
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Figure 7.4 Inverse pole figures of steel (a) with random orientation 

before equi-biaxial strain and (b) after equi-biaxial strain of 40%. Black 

arrows indicate rotation direction of orientation. Red and blue dots 

indicate two different regions with <001>//ND and <111>//ND for equi-

biaxial tensile deformation, respectively 
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Figure 7.5 ODF sections with ϕ2 =45° obtained at the same area of (a) IF 

and (b) DP steels with 0% and 27% martensite area fraction before (left-

hand column) and after (right-hand column) equi-biaxial tensile 

deformation 
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7.3.3 Orientation rotation/spread of individual ferrite grains 

  To investigate the microtexture development inside individual ferrite grains 

and the intergranular and interphase interactions, several grains with initial 

orientations marked in black in the inverse pole figures of Figure 7.6 were 

chosen and examined in detail. In both IF and DP steels, the grains in the regions 

close to the <001> and <111> corners rotate towards the stable orientations 

<001> and <111>, respectively. This trend agreed with the VPSC prediction. 

However, in the experimental measurement, increasing orientation spread 

inside grains was observed as the deformation increased. Notably, the 

orientation spread in the DP steel is much greater than that in IF steel. Taking 

the smaller grain size (6.5µm) in DP steel than that (17µm) in IF steel into 

consideration, the difference of orientation spread between IF and DP steels is 

substantial. In the IF steel, orientations starting near the <101> corner move 

towards the midsection of the <001> – <111> line and this feature was also 

reproduced by the VPSC calculation. On the other hand, it should be noted that 

the grains of <616>//ND and <416>//ND in DP steel (Figures 7.6 (d) and (e)) 

exhibit entirely different rotation histories in comparison with the similar grain 

of <516>//ND in the IF steel. Notably, the grain of <416>//ND in DP steel splits 

into different grains based on the <113> - <304> border line. It can be seen that 

one part of the grain moves to <001> and the other part to <111>. These grain 

fragmentations in DP steel during deformation might be closely related to the 
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strengthening of the rotated cube texture component as shown in Figure 7.5.   

7.3.4 Strain partitioning and geometrically necessary dislocation (GND) 

 Based on the above obvious difference of micromechanical behavior and 

microtexture development between IF and DP steels during equi-biaxial 

deformation, several effects of hard martensite in DP steel were considered. 

One of these is strain partitioning between ferrite and martensite38-40 due to the 

difference in their hardness. To compare the small-scale mechanical properties 

of two phases, the nanoindenter-EBSD correlation technique30,41,42 was used. 

The mean hardnesses of the ferrite and martensite in the DP steel with 18% 

martensite area fraction were determined to be 2.9 and 7.3 GPa, respectively. 

The difference in hardness increases the accumulated strain in the ferrite phase 

relative to the martensite in DP steel. Therefore, at the same biaxial strain, the 

actually applied strain in the ferrite region of DP steel is effectively larger than 

that of IF steel and the enhancement is dependent on the martensite fraction. In 

addition to the concentration of strain in the ferrite phase, several researchers 

reported that local shear strain adjacent to the ferrite-martensite interfaces 

develops in DP steels due to strain partitioning39,43,44. Local shear strain is likely 

to result in localized high dislocation density in the ferrite adjacent to martensite 

islands, and induce a low BC in this region as shown by EBSD measurements, 

as shown in Figure 7.3. 

  Another important effect of the strain partitioning in DP steel is the drastic 
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increase of surface roughness during deformation. Figure 7 shows the surface 

morphology and height distribution of DP steel with 18% martensite area 

fraction after 5% biaxial strain, which was measured by atomic force 

microscopy (AFM). The martensite islands are high relative to the ferrite grains 

because of the strain concentration in the soft ferrite grains. It is also apparent 

that the ferrite regions near the phase interfaces were constrained in the 

thickness direction because of continuity with neighboring hard martensite 

islands, which deformed significantly less. The strain constraint in the ferrite 

regions near ferrite-martensite interfaces induced a steep inclination of the 

surface in these regions, which also contributes to low BC near the phase 

interfaces in the EBSD measurements, as shown in Figure 7.3. 

  The variation in the strain near the ferrite-martensite interface should give 

rise to strain gradients in ferrite adjacent to martensite islands that induces 

geometrically necessary dislocations (GNDs)20-22. To confirm the GNDs in 

ferrite regions near martensite, a specimen was re-prepared after 5% biaxial 

deformation by a light mechanical polishing with colloidal silica to eliminate 

the surface roughness induced by the deformation. For the EBSD measurement 

of a smaller region, the spatial resolution was set to 0.05µm. Figure 8 (a) shows 

an orientation image after re-preparation of the specimen. Orientation gradients 

(white arrows) in ferrite grains (marked “F”) adjacent to a martensite island 

(marked “M”) were evident. To calculate the GND density from the orientation 

192 

 



gradient, the method suggested by Kubin and Mortensen45 was used. Assuming 

a series of twist subgrain boundaries in the cylinder, each containing two 

perpendicular arrays of screw dislocations, the GND density ( gρ ) is related to 

the misorientation angle (θ ) as follows,  

ub/2g θρ =                                (7.2) 

where u and b are the length between two consecutive pixels and the Burgers 

vector, respectively. Figure 8 (b) shows the calculated distribution of the GND 

density in the ferrite grains of the region indicated by the dashed box area in 

Figure 8 (a). The GND density is higher in the ferrite region that is near 

martensite, where the orientation transition occurs. To observe the dislocation 

structure directly, the dashed box area depicted in Figure 8 (b) was prepared as 

a cross sectional sample via FIB and analyzed by HR-TEM. Figure 8 (c) shows 

a high angle angular dark field (HAADF) image of this region in the [110] 

ferrite zone axis. It is clear that a high density of tangled dislocations is present 

in the ferrite region22 where the orientation transition occurs. The TEM 

observation is in good agreement with the calculated distribution of the GND 

density based on the EBSD measurement. From this observation, it was 

confirmed that the strain constraint in ferrite regions near ferrite-martensite 

interfaces during deformation induces high density of GNDs. The high 

dislocation density contributes to the low BC near phase interface observed in 
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the EBSD measurements, as shown in Figure 3, and the large orientation spread 

in DP steel. 
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Figure 7.6 Inverse pole figures of measured initial and final orientation 

of several grains in (a) IF and (b-e) DP steels with 0% and 18% 

martensite area fraction 
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Figure 7.7 (a) EBSD BC image, (b) AFM topography and (c) AFM line 

profiles matching with line 1 and 2 in (b), respectively, measured in DP 

steel with 18% martensite area fraction after 5% equi-biaxial tensile 

deformation. F and M indicate ferrite and martensite, respectively 

196 

 



 

Figure 7.8 (a) EBSD orientation map of DP steel with martensite area 

fraction 18% after 5% biaxial deformation. Specimen surface was re-

polished to eliminate the surface roughness. (b) Calculated distribution 

of GND density in ferrite grain indicated as dashed box area in (a). (c) 

HAADF image of the dashed box area depicted in (b) 
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7.4 Conclusion 

Microtexture development during equi-biaxial deformation in IF and DP 

steel sheets with various martensite fractions was investigated by performing 

HR-EBSD measurement on a special deformation stage positioned inside an 

SEM chamber. The effect of the hard martensite phase on the microstructural 

changes during deformation was as follows. 

(1) In both IF and DP steels, orientations close to the <001> and <111> corners 

rotated towards the stable orientations <001> and <111>, respectively. 

Grains with initial orientation near <101> tended to move towards the 

midsection of the <001> – <111> line at the early stage of deformation. 

These trends were reproduced by the VPSC calculation. However, grains 

in DP steels tended to develop higher misorientations inside grains as 

deformation proceeded in comparison with IF steel. Notably, this trend 

was strong in grains with initial orientations near <101>. These could be 

described by the strain partitioning and the development of additional local 

strain above the imposed equi-biaxial strain in ferrite regions near 

martensite-ferrite interfaces. 

(2) The Band Contrast (BC) values in ferrite regions adjacent to martensite 

islands drastically decreased as the biaxial deformation increased. This 

tendency was more evident in DP steel with larger martensite fractions but 

was rarely observed in IF steel. The loss of pattern quality was induced by 
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the strain gradient and the steep inclination of the surface in the ferrite 

regions near martensite-ferrite interfaces. The strain gradient was 

confirmed through the observation of GNDs in this region through EBSD 

and TEM.   
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요약 (국문초록) 

 

응력 (Stress)은 재료의 합성, 제작, 변형, 그 적용에 이르는 전반적인 

과정에 동반되는 물리적, 기계적 현상이다. 소성변형 영역에서는 파괴, 

물성저하와 같은 비가역적인 변화를 야기하는 반면에, 탄성변형 

영역에서는 전기적, 화학적, 광학적 특성을 가역적으로 변화시키는 것이 

가능하다. 탄성영역 내에서 물성변화는, 특히 재료의 크기가 작아짐에 따라 

더욱 강화됨에 따라, 1 차원 나노와이어와 같은 저차원 나노물질을 이용한 

변형공학(stress 또는 strain engineering) 관련 연구가 활발히 이루어지고 

있다. 

 이러한 저차원 나노물질들은 부피대비 높은 표면면적(surface effect), 

양자구속효과(quantum confinement effect), 뛰어난 기계적 물성을 가짐에 

따라 벌크 물질과는 상이한 특성을 보여준다. 따라서 나노와이어는 저차원 

나노물질 연구 소재 중 주목 받고 있는 소재 중의 하나이다. 또한 외부 

응력을 이용한 나노소재의 반응을 이용하여 에너지 하베스팅(energy 

harvesting), 압전형 나노 발전기(piezoelectric nano-generator), 신축성 

전자 장치(stretchable electronics) 개발에 활용되고 있다. 

 본 연구에서는 1 차원 나노 물질 (나노와이어)의 성장 및 전기적, 기계적 

거동에 미치는 응력의 영향에 관한 연구를 진행하였다. 본 연구는 크게 두 

가지로 나누어 설명할 수 있다.  

  첫째, 외부응력을 이용한 나노와이어의 성장 연구는 다음과 같다. 갈륨 

(Ga+) 집속 이온빔(Focused Ion Beam)을 InGaN 기판에 조사함에 따라 

발생하는 압축응력을 이용하여, 단결정 인듐(indium) 나노와이어를 성장 

시켰다. 이온빔 조사 전, 후 시편의 미세구조 및 화학 성분 분석을 통해 

인듐 나노와이어는 갈륨 이온빔 조사에 의한 InGaN 기판의 상분해로 

인듐이 공급되어 성장하는 것을 확인하였다. 또한 이온빔 조사 또는 

이온주입은 시편 표면층에 격자간 원자, 공공 등의 결합을 형성하여 
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압축응력을 유발하는 것으로 알려져 있으며, InGaN 기판의 면간거리 

측정을 통해 인듐 나노와이어는 내부에 축적된 압축응력의 완화를 통해 

성장하는 것을 확인할 수 있었다. 상분해된 인듐은 나노크기의 입자형태로 

존재하여 진공상태에서 액상의 형태로 다공성 기판 내부를 채우게 되며 

최종적으로 정수압(hydrostatic pressure) 상태가 된다. 이러한 압축응력은 

인듐 원자의 이동을 가속화시켜, 단결정 나노와이어를 최고 500 nm/s 의 

속도로 고속성장 시키는 것이 가능하였다. 집속이온빔을 이용한 

나노와이어의 성장은 이온빔의 가속전압, 전류밀도, 조사영역 등을 

정밀하게 설정하는 것이 가능하여, 나노와이어의 길이, 두께뿐만 아니라 

성장속도를 효율적으로 조절할 수 있다. 두께 40-200 nm, 최고길이 120 

µm 의 나노와이어가 성장가능하며, 고속의 성장속도는 기존 다른 

나노와이어의 성장 방법에 비해 현저히 빠른 성장속도를 보여주었다. 뿐만 

아니라 이온빔을 이용한 마스크리스(maskless) 패터닝을 이용하여, 특정 

영역에 나노와이어를 선택적으로 성장시키는 방법은 나노와이어를 이용한 

소자 제작에 획기적인 기여를 할 것이라 예상된다. 

 두번째로, 나노와이어에 외부응력을 가함에 따른 기계적, 전기적 특성의 

변화를 상변화 메모리에서 활용되는 Ge2Sb2Te5 (GST) 물질을 이용하여 

압저항 효과 및 상변화 특성을 연구하였다. 단결정 GST 나노와이어는 

기상-액상-고상 매커니즘을 이용하여 <10 1
_

0> 방향으로 성장시켰으며, 

일축압축 (-0.4%) 시 저항이 감소하고, 인장 (+0.4%) 시 저항이 

증가하였으며, 이러한 상대적인 저항변화 (±60%)는 외부응력에 따라 

가역적으로 반응하였다. GST 나노와이어는 in-situ 인장 실험을 통해 평균 

45 GPa 의 탄성계수와 1.5%까지 탄성영역을 가짐을 확인할 수 있었으며, 

본 연구에서 적용한 0.4% 이상의 탄성변형을 넘어서 추가적인 변형 및 

전기적 특성의 변화가 가능함을 확인할 수 있었다. 측정한 탄성계수 및 

저항변화를 통해 P 형 반도체인 GST 나노와이어는 92.5~448.5 x 10-11 

Pa-1압의 압저항 계수 (𝜋𝜋𝜌𝜌
𝜌𝜌
)를 가짐을 확인할 수 있었으며, 이 결과는 GST 
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물질로써 최초의 압저항 효과에 관한 연구 결과이며, 실리콘 나노와이어의 

특성과 비교될만한 압저항 효과로 예상된다. 0.4% 미만의 미소변형 

구간에서의 GST 나노와이어의 압저항 효과는 밴드갭 또는 캐리어 농도 

변화에 기인한 것이 아니라 공공의 이동도 (hole mobility)의 향상에 

기인한 것이라 예상된다. 또한 이러한 외부응력은 GST 의 비정질에서 

결정질로 상변화 거동에도 영향을 미침에 따라, 임계전압 (threshold 

voltage)이 압축시 감소, 인장시 증가하는 변화를 보여, 압축시 더 빠른 

결정화 거동을 보임을 확인할 수 있었다. 이와 같은 결과는 상변화 메모리 

소자 연구에 기여하여 휩 가능한 전기소자, 상변화 메모리, 변형센서로의 

적용이 가능할 것이라 예상된다. 

 본 연구 결과는 1 차원 나노와이어의 성장에서부터 전기적, 기계적 특성 

변화에 미치는 응력의 변화를 변형공학의 측면에서 연구하였다. 

외부응력을 조절함에 따라 인듐 나노와이어의 성장 조절 및 성장 

매커니즘을 이해하였으며, 상변화 물질인 GST 나노와이어의 전기적, 

기계적 특성 향상을 변형공학 측면에서 적용하였다. 위 연구 결과는 1차원 

나노물질의 합성 및 활용에 있어서 큰 기여를 한 것으로 판단된다. 

 

표제어: 나노기술, 1차원 나노와이어, 집속이온빔, 인듐, 응력을 이용한 나

노와이어 성장, 상변화 메모리, Ge2Sb2Te5, 임계전압, 일축 응력, 압저항 

효과 
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