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Abstract
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Seoul National University

Silicon and germanium are considered as one of the best
candidates of anode material for the Li-ion batteries due to its
enormous capacity. However, it has been known that the Li ion
insertion and extraction during electrochemical cycling results in a
huge volume expansion and shrinkage, which can lead to fracture
of the anode. This mechanical degradation can lead to the fading of
the capacity of the battery by isolating active materials, and by
creating new surface area for solid electrolyte interface (SEI)
growth. Thus, understanding of how electrodes are able to sustain
electrochemical reaction without mechanical degradation is
I

essential for the development of high-capacity Li-ion batteries. This
thesis explores the deformation and fracture of anode materials
during electrochemical cycling to provide a guideline for the
practical design of high-capacity lithium ion batteries to avoid
fracture.
First, we report observations of microstructural changes in {100}
and {110} oriented silicon wafers during initial lithiation under
relatively high current densities. Evolution of the microstructure
during lithiation was found to depend on the crystallographic
orientation of the silicon wafers. In {110} silicon wafers, the phase
boundary between silicon and LixSi remained flat and parallel to the
surface. In contrast, lithiation of the {100} oriented substrate
resulted in a complex vein-like microstructure of LixSi in a
crystalline silicon matrix. A simple calculation demonstrates that
the formation of such structures is energetically unfavorable in the
absence of defects due to the large hydrostatic stresses that develop.
However, TEM observations revealed micro-cracks in the {100}
silicon wafer, which can create fast diffusion paths for lithium and
contribute to the formation of a complex vein-like LixSi network.
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This defect-induced microstructure can significantly affect the
subsequent delithiation and following cycles, resulting in
degradation of the electrode.
Second, we have measured the fracture energy of lithiated
silicon thin-film electrodes as a function of lithium concentration
using a simple bending test. Silicon thin-films on copper substrates
were lithiated to various states of charge. Then, bending tests were
performed by deforming the substrate to a pre-defined shape,
allowing for a variation in the curvature along the length of the
electrode. From the bending test, the critical strains at which cracks
initiate in the lithiated silicon were determined. Using the substrate
curvature technique, we also measured the elastic modulus and
stresses that develop in the electrodes during electrochemical
lithiation. From these measurements, the fracture energy was
calculated as a function of lithium concentration using a finite
element simulation of fracture of an elastic film on an elastic-plastic
substrate. The fracture energy was determined to be  = 12.0 ±
3.0 J m-2 for amorphous silicon and  = 10.0 ± 3.6 J m-2 for
Li3.28Si, with little variation in the fracture energy for intermediate
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Li concentrations.
Third, we measure stresses that develop in sputter-deposited
amorphous Ge thin films during electrochemical lithiation and
delithiation. Amorphous LixGe electrodes are found to deform
plastically at stresses that are significantly smaller than those of
their amorphous LixSi counterparts. The stress measurements allow
for quantification of the elastic modulus of amorphous LixGe as a
function of lithium concentration, indicating a much-reduced
stiffness compared to pure Ge. Additionally, we observe that
thinner films of Ge survive a cycle of lithiation and delithiation,
whereas thicker films fracture. By monitoring the critical conditions
for crack formation, the fracture energy is calculated using an
analysis from fracture mechanics. The fracture energies are
determined to be  = 8.0 J m-2 for a-Li0.3Ge and  = 5.6 J m-2
for a-Li1.6Ge. These values are similar to the fracture energy of pure
Ge and are typical for brittle fracture. Despite being brittle, the
ability of amorphous LixGe to deform at relatively small stresses
during lithiation results in an enhanced ability of Ge electrodes to
endure electrochemical cycling without fracture.
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Chapter 1. Introduction
1.1 Introduction to Li ion batteries
Currently, more than 70% of the global energy consumption depends
on the non-renewable fossil fuel, which can induce serious environmental and
health problems. The utilization of green energy including solar and wind
powers is believed to be one of the most promising alternatives to support a
more sustainable economic growth [1-4]. However, the utilization of solar and
wind powers requires highly efficient energy storage devices. In this context,
electrochemical energy storage devices such as batteries play an important role
in the efficient use of renewable energy [1-3, 5].
Li ion batteries are well known for their large energy and power
densities compared to various existing battery technologies (shown in Figure
1.1). Consequently, they have found widespread use in practice for applications
sensitive to size as weight, such as electric vehicles and portable electronics –
cellular phones, laptop computers, and power tools, among others [1, 6]. Within
the context of these applications, there still remains a demand for lower cost,
longer lifetime, larger rate capabilities, and larger capacities [7, 8].

1

Figure 1.1 Comparison of various battery technologies in terms of specific
power (vertical) and specific energy (horizontal axis) [9].

2

1.2 Basics of Li ion batteries
Li ion battery consists of three main components, positive and
negative electrode separated by a separator dipped in electrolyte. Negative
electrode is normally an electron donor group which is electropositive in nature
like Li metal [10]. Positive electrode is normally an electron acceptor which is
strongly electronegative (e.g. LiMO2 (M= Co, Ni, Mn, etc) compounds).
During discharge process, the negative electrode electrochemically oxidized
and releases electron. This electron moves through outer circuit to the positive
electrode which accepts electron. In Figure 1.2, the schematic of Li ion battery
operation is explained using LiCoO2 as positive electrode and carbon as
negative electrode.
During charging process, Li+ moves from LiCoO2 to carbon through
the electrolyte which causes oxidation of Co3+ to Co4+ and the reverse happens
during discharge; Li+ moves from carbon to LiCoO2. Role of electrolyte is to
act as a medium for the transfer of ions between the two electrodes. In general,
Li salt (LiPF6) dissolved in organic solvent (ethylene carbonate, methylene
carbonate etc.) is used as electrolyte in Li ion batteries. Main requirements for
the electrolyte are [11], (1) it should be a good Li ion conductor and electronic
insulator (2) stability over the operating voltage window (3) chemical
compatibility with cell components and electrodes (4) thermal stability and (5)
there should not be any charge accumulation and concentration polarization.
3

Material that undergoes chemical reaction producing current during
battery operation is known as active mass or active material [12]. In batteries
the electrode itself takes part in chemical reaction apart from being a charge
transfer media. Consequently, the chemistry associated with electrodeelectrolyte interface and bulk of electrode are the main factors that determine
the battery performance. Thus performance of Li ion battery crucially depends
on the nature of electrode material used.

4

Figure 1.2 Schematics of Li ion battery using LiCoO2 as cathode and graphite
as anode.

5

1.3 Various electrode materials for Li ion batteries
Compounds that accommodate Li ions either in vacant sites or having
open channels for Li ion diffusion are capable of reversible Li insertion. Thus,
transition metal compounds with vacant sites to accommodate Li ions have
been studied as electrode material. Further, they have the ability to exist in
various oxidation states and hence Li exchange could get compensated with
electron flow in the outer circuit. Other materials that do not have vacant sites
for accommodating Li ions have also been found to be potential candidates for
the Li ion batteries. They react with Li by a different mechanism such as
conversion (e.g. metal fluorides MF2: M = Fe, Cu), alloying (e.g. Si, Ge, Sn,
etc): that is different from that of insertion.

1.3.1 Positive electrodes (cathode materials)
Different positive electrode materials vary in cost, safety, and energy
density. Table 1.1 lists the types of positive electrode materials currently
available on the market. Li cobalt oxide (LCO) is the most common type; nickel
manganese cobalt (NMC) is somewhat safer and less expensive. Li iron
phosphate (LFP) is emerging as a choice when safety or high discharge rate is
more important than energy density, such as electric vehicles and power tools.
Some cells use a blend of Li manganese oxide (LMO) and NMC, providing
better cycle life and storage properties than either material alone.
6

Table 1.1 Properties of common positive electrode materials [13].
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1.3.2 Negative electrodes (anode materials)
Anode materials are necessary in Li ion batteries because Li metal
forms dendrites which can cause short circuiting, start a thermal run-away
reaction on the cathode, and cause the battery to catch fire. Furthermore, Li
metal also suffers from poor cycle life. Therefore, most of current Li ion
batteries adopt graphite and other carbon materials as an anode. These materials
are used because they are abundant and are electrically conducting and can
swell modestly to accommodate the Li ions associated with building charge.
As can be seen in the Table 1.2, a number of alternative materials have
better substantially characteristics than those of graphite. For instance, Si is
intensively investigated as an anode material recently because it can swell much
more than graphite, storing up to 10 times more Li ions. However this swelling
can break the electrical contacts in the anode causing catastrophic failure for
the battery. Therefore, a numerous scientific investigations have been
conducted to solve these issues by adopting coating layer and/or making
composite materials. More details about these efforts will be discussed in next
part.
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Table 1.2 Comparison of a number of properties of various anode materials
[14].
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1.4 Characteristics of Si and Ge (Group IV elements) as an
anode material
1.4.1 Advantage of Si and Ge electrodes
A variety of alloy anodes and intermetallic compounds of group III, IV
and V (Al, Sn, Ge, Si, Sb, etc) have been studied for battery application. Among
these, Si has a high theoretical capacity of ~ 3700 mAh g-1, which is more than
10 times larger than that of commercial graphite [14, 15]. The discharging
potential of Si, about 0.2 V with respect to Li/Li+, is lower than most of other
alloy-type and metal oxide anodes. Such a low operation potential can lead to
a high energy density of full cells using Si anodes. Furthermore, Si is
environmentally friendly and abundant in the Earth’s Crust. Notably, the actual
cost per unit energy of Li ion batteries could be further lowered by increasing
the gravimetric capacity.
Compared to Si, Ge has received much less attention, despite its high
volumetric capacity (7366 Ah L-1 for Li15Ge4), second only to Si (8334 Ah L-1
for Li15Si4), as well as its high gravimetric capacity (1384 mAh g-1 for Li15Ge4)
[16, 17]. Although Ge is more expensive than Si, which could be the main
reason for the lack of attention in the past, Ge has several outstanding features
as a promising high-capacity anode material: (1) High electronic conductivity:
since the bandgap of Ge (Eg = 0.66 eV at 300 K) is smaller than that of Si (Eg =
1.12 eV at 300 K), Ge has a much higher intrinsic electronic conductivity than
10

that of Si. (2) High Li ion diffusivity: the diffusivity of the Li ion in Ge is about
two orders of magnitude larger than that in Si at room temperature [18, 19].
With these favorable transport properties, it is expected that Ge will have a
better rate capability than that of Si.

1.4.2 Problems of Si and Ge electrodes
A major drawback of high-capacity electrode materials, such as Si and
Ge, is the huge volume change upon full lithiation/delithiation (about 281% for
Li15Si4 and 246% for Li15Ge4) [20], which could result in pulverization of the
electrode and delamination from the current collector, thereby leading to a
significant capacity loss of the Li ion batteries (shown in Figure 1.3) [15,21].
The large volume change is also believed to be responsible for damages and reformation of the solid electrolyte interphase (SEI), causing irreversible capacity
loss. The severe mechanical degradation of both Si and Ge anode during cycles
is huge huddle for the commercialization. To address this issue, various types
of nanostructures, such as nanowires, nanotubes, and nanoparticles, have been
studied with encouraging improvement in capacity retention compared to their
bulk counterparts.
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Figure 1.3 Lithiation induced cracking and fracture of a large Si particle with
a diameter of 540 nm [22].
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1.4.3 Various strategies to improve the battery performance
1.4.3.1 Nano-structured electrodes
Nano-structured electrode provides structural stability to tolerate the
huge volume expansion during cycling. Liang et al. [23] have report the highly
reversible expansion and contraction of Ge nanoparticles under lithiation and
delithiation cycling with in-situ transmission electron microscopy. During
multiple cycles to the full capacity, the Ge nanoparticles remained robust
without any visible cracking despite ~ 260 % volume changes (as shown in
Figure 1.4).
Also, porous Si nanoparticles are one of the promising candidates as
anodes by providing enough free space for expansion during lithiation [24, 25].
This porous silicon nanoparticles was synthesized by etching SiO2 from the
composite of SiO2/carbon coated with Si. The specific capacity was maintained
at 2780 mAh g-1 after 100 cycles at 0.2 C, which is 99% of the 1st cycle capacity
[24]. In the same vein, hollow particles and core-shell structures also have been
proven to be durable Li ion battery anodes [26].
Si/Ge nanowire is the other route to improve the battery performance.
Since the nanowire structure exhibits an excellent large strain and volume
accommodation property [15], and electrodes comprised of 1D Si nanowires
have been shown to have a dramatically improved electrochemical performance
(Figure 1.5) [15, 27]. In addition, using nanowire based electrodes is also of
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great significance in terms of understanding multiple important fundamental
concepts involving lithium ion transportation, fracture initiation and
propagation within materials.

14

Figure 1.4 Morphological evolution and phase transformation in a crystalline
Ge nano particle during lithiation [23].
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Figure 1.5 Electrochemical data for Si nanowire electrodes [15].
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On the other hand, there has been a great success in the application of
Si thin films as anodes in terms of specific capacity and cycle life [28-30]. The
amorphous Si films delivered a reversible specific capacity of about 2000 mAh
g-1 for 50 cycles, whereas the Si nanocrystals with 12 nm mean diameter
delivered an initial specific capacity of 1100 mAh-1 with 50% capacity retention
after 50 cycles. The improved performance is attributed to the nanometer scale
dimension: the domain size is smaller than the critical size for fracture as a bulk
mechanical process, and there is no dislocation in nanocrystals. The critical
fracture size of Si was estimated to be about 300 nm [28]. In addition, as shown
in Figure 1.6, patterning the thin films to provide sufficient stress relief generate
artificial cracks is a logical good approach to avoid cracking in the electrodes.
If the pattern size is smaller than the critical crack spacing, there would be no
further cracking.

17

Figure 1.6 SEM images of (a) unetched Si thin film electrode, (b) patterned
silicon electrode, (c) unetched Si thin film electrode after the first cycle, and (d)
patterned Si electrode after the first cycle [31].
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1.4.3.2 Coating and encapsulation of electrodes
Surface coating on electrodes is a relatively new method that could
improve the capacity retention. The coating is believed to protect the electrode
from attack by the electrolyte, to facilitate Li ion transportation and enhance the
interfacial kinetics, as well as to act as an artificial SEI layer. It was reported
that the ultrathin coating can also enhance the mechanical integrity, enhance the
fracture resistance, and improve the cycling stability [31]. Several groups
reported that Si electrodes coated with Al2O3 fabricated by atomic layer
deposition (ALD) show fewer cracks after cycling (one result shown in Figure
1.7) [31-33].
In addition, Liu et al. [34] propose a hierarchical structured Si anode
that inspired by the structure of a pomegranate (shown in Figure 1.8), where
single Si nanoparticles are encapsulated by a conductive carbon layer that
leaves enough room for expansion and contraction following lithiation and
delithiation. This microstructures lower the electrode–electrolyte contact area,
resulting in high Coulombic efficiency (99.87 %) and volumetric capacity
(1,270 mAh cm-3), and superior cycle ability (97 % capacity retention after
1,000 cycles).
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Figure 1.7 A comparison of cycling behaviors between Si and Al2O3/Si
electrodes. (a) Cycling stability and Coulombic efficiency, (b) Voltage profile
of the first three cycles under CC-CV condition, (c) dQ/dV curves of Si, and (d)
dQ/dV curves of Al2O3/Si. (e) SEM images of cycled Si and (f) Al2O3 coated
Si [31].
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Figure 1.8 SEM/TEM images of Si pomegranates showing the micrometer
sized and spherical morphology [34].
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1.4.3.3 Formation of composite materials
Volume change during cycling has also been solved by using
composite with various carbonaceous materials, which accommodate the stress
associated with volume expansion. Hereby, it prevents the silicon anode from
pulverizing and improves capacity retention of the electrode. Various types of
carbons such as soft carbon, hard carbon, graphite, CNT and graphene are used
as carbon matrix for silicon anode [34-36]. Graphene layers have huge surface
area which possibly accommodates the volume expansion exerted by Si
particles. As shown in Figure 1.9, Si-graphene composites exhibit a stable
capacity of > 2200 mAh g-1 even after 50 cycles in contrast to about 1000 mAh
g-1 obtained with graphitic carbon composites [37]. In addition, Piper et al. [38]
utilize cyclized-PAN both as a binder and conductive additive because of its
good mechanical resiliency to accommodate large expansion of Si as well as its
good ionic and electronic conductivity. It can be seen in Figure 1.10 that the
nano-Si/cyclized-PAN composite anodes exhibit a specific charge capacity of
nearly 1500 mAh g-1 with a coulombic efficiency (CE) approaching 100% even
after 150 cycle.
Volume expansion of electrodes can also be reduced by fabricating
inactive-active composites. Inactive metal like Fe, Co, Ni, Mn are made to form
a composite with active metals like Sn, Si, or Al. Such a combination of
composite dissociate to form matrix of inactive metal dispersed LixM (M =
22

active material like Si). Inactive metal provides a stable matrix for volume
expansion and maintains the contact. Thus, stable capacity is preserved for long
cycling [39, 40].
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Figure 1.9 Discharge capacity vs. cycle number for the electrodes made from
graphene film and graphene-Si composite film, and charge and discharge
curves for the first and second cycles (inset) [37].
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Figure 1.10 (Left Figure) TEM micrograph and EELS elemental mapping of
the uncycled nano-Si/cyclized-PAN electrode. (Right Figure) Cyclic capacity
(circles) and CE (squares), and voltage profile of nanoSi/cyclized-PAN
electrodes [38].
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Chapter 2. Microstructural evolution induced by microcracking of silicon during fast lithiation
2.1 Introduction
Because of their high power densities, lithium-ion batteries are
employed in applications that are especially sensitive to weight and size, such
as portable electronic devices and electric vehicles [1-6]. Generally, graphitebased materials are used for anodes due to their low cost and stable performance,
but they have a limited capacity of 372 mAh g-1 [7]. Silicon has drawn
considerable attention as one of the most promising anode materials due to its
huge theoretical capacity of ~ 4200 mAh g-1 (Li22Si5) [8-11]. Associated with
this large capacity, insertion of lithium into silicon causes large volumetric
expansion in the range of 300% to 400% [11-14]. Under constraint, this
expansion can generate stresses, leading to fracture and pulverization of the
electrode, degrading the capacity of the electrode during cycling. To prevent
this mechanical degradation, nanostructures such as nanowires, thin films,
hollow nanoparticles, 3D porous nanoparticles, and Si-C composites are being
investigated [15-26].
Although silicon transforms to several distinct silicon-lithium
crystalline phases at elevated temperature [10], it is well known that
electrochemical lithiation of silicon at room temperature results in an
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amorphous phase of lithiated silicon [5, 12, 27-29]. Obrovac et al. [5] suggested
that the lithiation of crystalline silicon is a two-phase reaction in which a
reaction front separates the growing amorphous lithiated phase from pristine
crystalline silicon. Chon et al. [30] showed clear images of a crystalline-toamorphous phase transformation that occurs during initial lithiation of a {100}
silicon wafer. Furthermore, Lee et al. [31] demonstrated anisotropic
deformation of silicon nanopillars during lithitation. A number of firstprinciples calculations and experimental studies have shown that the lithiation
reaction is anisotropic and fastest in the <110> direction [31-34]. If lithiation is
controlled by this reaction mechanism as opposed to diffusion through the
lithiated phase, anisotropic expansion may occur [34, 35]. Most previous
studies have assumed that lithium insertion and reaction processes at the
reaction front are spatially uniform. However, defects, geometrical instabilities,
and solid-electrolyte interface (SEI) layers can cause spatially inhomogeneous
lithiation. These inhomogeneities may lead to a non-uniform strain distribution
in the lithiated phase, resulting in fracture and the degradation of the capacity
of the battery. In addition, fast transport of both electrons and lithium ions is
desired for achieving a high charging/discharging rate in lithium-ion batteries.
Several researchers have already reported a number of microstructural
observations of silicon wafers during lithiation at lower current densities [30,
34]. However, little is known concerning the microstructural evolution during
lithiation at elevated current densities.
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In this paper, we report on an experimental study in which we applied
relatively large lithiation current densities to {100} and {110} oriented silicon
wafers to evaluate the effect of crystal orientation on the microstructural
evolution of the lithiated phase. We observe uniform lithiation of {110} silicon
wafers, but a complex microstructure with micro-cracks in {100} silicon wafers.
Since these micro-cracks only occur in the {100} substrates, we suggest that
the formation of crystalline LixSi depends on crystal orientation and plays an
important role in micro-crack generation. These observations have important
ramifications for mitigation of damage during lithiation of crystalline silicon.

2.2 Experimental procedures
2.2.1 Electrochemical cell test of silicon wafer
Single-side polished silicon wafers of two orientations, {100} and
{110}, were used as working electrodes. The wafers were not etched prior to
use. All wafers were 500 μm thick, were doped with boron, and had a resistivity
of 1-30 Ω cm. The wafers were cut into 5 mm x 5 mm sections, cleaned with
methanol and acetone, and assembled into electrochemical cells using standard
2032 half coin cells with lithium foil as the counter electrode. Copper foil was
used as a current collector. The electrolyte was a 1 M solution of LiPF6 in 1:1
(vol%) ethylene carbonate (EC) : diethyl carbonate (DEC). Once assembled,
32

the silicon electrodes were lithiated at a constant current density of 500 μA cm2

for different amounts of time. Three sets of samples were lithiated under

identical conditions to confirm the microstructural observations. After lithiation,
the electrodes were removed from the half coin cell, rinsed in dimethyl
carbonate (DMC), and dried for 10 minutes. To prevent reactions with ambient
air, all processes including assembly and disassembly of the cells were
performed inside a glovebox filled with high-purity argon. Similar experiments
were also performed using a custom-fabricated hermetic Teflon cell to alleviate
any concerns about the spring in the coin cell adversely affecting the results in
any way. We observed microstructural evolution in {100} and {110} wafers
similar to those observed in the coin cells, indicating a negligible effect of the
spring-induced pressure on our results (results not shown).

2.2.2 Methods for the microstructural characterization
The microstructure of the lithiated phase was observed inside a
focused ion beam (FIB, FEI NOVA200 DualBeam) system equipped with an
air-lock chamber. Samples were cross-sectioned using a beam of Ga ions and
then observed using scanning electron microscopy (SEM). Platinum was
deposited for surface protection. After imaging, sample cross-sections were
lifted out and attached to Cu TEM grids using a manipulating probe. A high-
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resolution transmission electron microscope (HR-TEM, Technai F20) operating
at 200 keV was used for detailed analysis of the microstructure of the lithiated
phase. Selected area electron diffraction (SAED) patterns and Fourier
transforms were analyzed using a software package (Gatan, Digital
Micrograph). For phase determination, x-ray diffraction data was collected with
an x-ray diffractometer (XRD, Bruker, D8 Advance) using Cu-Kα radiation. To
prevent air exposure during sample transfer, all samples were transported inside
an argon-filled portable chamber with an air-lock.

2.3 Results and discussion
2.3.1 Microstructure after lithiation – FIB analysis
Figure 2.1 shows SEM images of {100} and {110} silicon wafers after
initial lithiation under constant current densities of 500 μA cm-2 for 2.5 hr. The
surface morphology and the microstructure of the lithiated phase clearly depend
on the orientation of the silicon. Figure 2.1(a) shows a typical SEM image of
the surface of a {110} silicon substrate. Evidently all regions maintain a
relatively clean surface, and surface cracks are not observed. As shown in
Figure 2.2(b), a planar phase boundary between the LixSi layer and the
crystalline silicon is observed. The total thickness of the LixSi layer is
approximately 2.39 μm (dashed red line in Figure 2.2(b)). It should be noted
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that the average measured thickness of the LixSi layer is significantly smaller
than the calculated value (4.8 μm) based on the total applied current density
[30]. Since we applied a high current density of 500 μA cm-2, a large
overpotential results. Thus, a large amount of lithium is consumed in side
reactions, such as SEI formation [36, 37].
In {100} silicon wafers, however, some regions maintain a pristine
surface similar to the {110} silicon wafer (Figure 2.1(c)), while others are
riddled with surface cracks (Figure 2.1(e)). Similar surface features were also
observed on samples lithiated for 1 hr, but fewer regions with surface cracks
were observed as compared to the 2.5 hr lithiated sample. The lengths of the
surface cracks were typically several tens of micrometers. If the lithiation
reaction front remains flat, cracking is not expected during lithiation of
crystalline Si wafer because the lithiated phase will develop a compressive
biaxial stress state [35]. In contrast, the observation of surface cracks in {100}
silicon wafers (Figure 2.1(e)) indicates a different physical picture, namely a
non-planar reaction front, which can lead to a more complicated state of stress
and thereby generate surface cracks. Figure 2.1(f) shows a cross-sectional
image of a region where surface cracks occur in the {100} silicon wafer. The
image reveals a microstructure that contains a complex vein-like network of
LixSi layers in a crystalline silicon matrix. The LixSi layers are several hundreds
of nanometers in width and penetrate more than 6 μm into the silicon wafer.
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The LixSi layers in the network seem to follow a preferred direction inclined
relative to the surface of the substrate. In contrast, as shown in Figure 2.1(d), a
planar phase boundary between the LixSi layer and the crystalline silicon is
observed in regions away from surface cracks. This morphology is similar to
that of the {110} silicon wafers, and the average thickness of the LixSi layer is
approximately 1.42 μm (dashed red lines in Figure 2.1(d)).
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Figure 2.1 SEM images of silicon wafers that were lithiated at 500 μA cm-2 for
2.5 hr. (a) Surface and (b) cross-sectional images of the {110} silicon wafer
showing no surface cracks. (c) Surface and (d) cross-sectional images of the
{100} silicon wafer away from the surface cracks, and (e) surface and (f) crosssectional images of an area where surface cracks occur.
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2.3.2 Microstructure after lithiation – TEM analysis
To provide insight into the development of the microstructure,
samples from regions with surface cracks were removed from a {100} silicon
wafer and observed using HR-TEM. Figure 2.2(a) shows cross-sectional TEM
images of the wafer after one hour of lithiation at 500 μA cm-2. The white arrow
points from the surface of the silicon wafer toward the interior. The image
shows a relatively simple network of LixSi that displays two preferred
directions: one almost parallel to the surface of the wafer and the other at an
angle of approximately 45 - 55 to the surface. The width of each LixSi layer is
approximately tens of nanometers, and the layers penetrate approximately 3 μm
into the silicon. Figure 2.2(c) shows the microstructure after 2.5 hr of lithiation.
The width of the individual LixSi layers is now several hundreds of nanometers,
and multiple channels interconnecting the LixSi layers have been created,
although they still show the same preferred orientation. The high-resolution
images and the Fourier transforms of the regions (Figures. 2(b) and 2(d))
provide phase information: the thin layers consist of amorphous Li xSi and are
separated by single-crystalline silicon. The high-resolution images indicate that
the boundary between both phases is very sharp with a width of only a few
nanometers. We consider two other possible mechanisms for creating such a
microstructure: an instability of the reaction front due to anisotropic reaction
kinetics or formation of defects that provide fast paths for lithium diffusion.
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Figure 2.2 TEM images of a lithiated {100} silicon wafer subjected to a current
density of 500 μA cm-2. (a) Bright field image of the silicon wafer lithiated for
1 hr. (b) High-resolution image and corresponding Fourier transform image of
the region indicated in (a). (c) Bright field image of the silicon wafer lithiated
for 2.5 hr. (d) High-resolution image and corresponding Fourier transform
image of the region indicated in (c).

39

2.3.3 The driving force for the reaction front movement
Anisotropic reaction kinetics in crystalline silicon have been observed
in a number of studies [31, 34, 38]. It is possible that these kinetics can result
in an instability such as non-planar growth along the direction with the fastest
reaction rate. To examine this possibility, we now evaluate the driving force for
the movement of the reaction front, as discussed in detail in a previous paper
[35]. The reaction at the interface can be represented by

1
1
Li  Si  Li xSi .
x
x

(2.1)

Associated with this reaction is a net change in free energy, G , given by [35]

G  Gr  e 





1 Si Si
 h    hLixSiLixSi ,
x

(2.2)

where e is the elementary charge,  is the applied voltage,  h is the
hydrostatic stress,  is the atomic volume, and Gr is the change in free
energy associated with the lithiation reaction when the applied voltage and the
stress in both phases vanish. We have neglected any dissipation at the
electrolyte/electrode interfaces, inside the electrodes, and in the electrolyte. In
our sign convention, a positive value of  promotes lithiation of silicon, and
a more negative value of G represents a larger driving force for the reaction.
A compressive hydrostatic stress in the pure silicon phase promotes lithiation
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while a compressive stress in the lithiated silicon retards it.
The net change in free energy is the driving force for the movement of
the reaction front. The velocity of the reaction front will increase as the
magnitude of the driving force increases. We take the reaction to be thermally
activated, and, as an example, described by a familiar kinetic model [39]:

 Q    G  
V  V0 exp    exp  
  1 ,
 kT    kT  

(2.3)

where V0 is a parameter analogous to the exchange current density, Q the
activation energy,

k

the Boltzmann constant, and

T

the absolute

 Q
 may be a function of the
 kT 

temperature. The prefactor V0 exp  

crystallographic orientation, as discussed elsewhere [34].
To illustrate the effects of the stress on the reaction, we will consider
accommodation of lithium via two simple mechanisms: growth of a planar
reaction front and growth of a small perturbation that eventually leads to a veinlike LixSi network, as illustrated in Figure 2.3. These two cases represent the
different structures observed in the experiments. For the growth of a flat
reaction front (Figure 2.3(a)), the lithiated silicon phase is under equal biaxial
compression equal to the yield strength,  Y x , and the hydrostatic stress in
Li Si

the lithiated phase is  h

Li x Si

 2 YLixSi / 3 . The stress in the crystalline silicon
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phase is zero everywhere,  h  0 . Using a value of  Y 3.75  500 MPa
Li

Si

[40], we obtain  h

Lix Si

Si

 0.33 GPa . Using LixSi  7.6 1029 m3 and

x  3.75 [34], the contribution of the stress to the free energy,





1 Si Si
 h    hLixSi LixSi , is 0.042eV for growth of the planar reaction front.
x
Consider now a very small perturbation in the reaction front (Figure
2.3(b)). Because the reaction front is no longer planar, a stress state develops in
both the lithiated silicon and in the single-crystalline silicon. To first order, the
stress state in the vicinity of the perturbation can be approximated by the stress
field around a misfitting sphere. From elasticity, one obtains [41]

 rLi Si   Li Si   p ,
x

x

p



 rSi   p
2 E LixSi E Si mf



a3
,
r3

 Si 

2 E Si 1  2 LixSi  E LixSi 1  Si 

where a is the radius of the sphere,

,

p a3
2 r3

(2.4)

r is the radial position from the center

of the sphere, E represents the elastic modulus,  represents Poisson’s ratio,
and

 mf represents the mismatch in linear strain. Near the interface, the

Li Si
Si
hydrostatic stresses,  h   r  2   / 3 , are  h x   p and  h  0 .
Li Si
Si
Using representative values of E  160 GPa [42], E x  12 GPa [43],
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 Si  0.22 [42],  Li Si  0.26 [42],  mf  0.55 (for a 280% increase in
x

volume upon lithiation), we find  h

Li xSi

the stress to the free energy,

 11 GPa . Thus, the contribution of





1 Si Si
 h    hLixSi LixSi , is estimated at
x

1.38eV for growth of a (spherical) perturbation. We should point out that the
solution from elasticity is not exact because of large deformation effects and
plastic deformation. However, we have performed a full elastic-plastic and
large deformation simulation in ABAQUS for a spherical particle of lithiated
silicon in a pure silicon matrix. These results give a contribution of the stress to
the free energy of 0.92 eV .
This analysis shows that the stress has a relatively large retarding effect
for growth of a perturbation and a relatively small retarding effect for growth
of a planar reaction front. In fact, within the context of the presented kinetic
model (Equations 2.2 and 2.3), no value of applied voltage will result in
preferential growth of a perturbation. This assertion persists even considering
the variation in the measured values of the reaction rates along different

 Q
 is a function of orientation)
 kT 

crystallographic orientations, (i.e. V0 exp  

as measured by Pharr et al. [34]. For instance, since the rate of reaction
(neglecting stress effects), V0 , is faster along <110> than along <100>, it
seems possible that for a {100} wafer, lithiation may occur via a perturbation
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along the <110> direction. However, the energy penalty associated with the
stresses generated in forming such a perturbation outweighs the gain in the
reaction rate along the <110> direction. Thus, within the context of this model,
the lithiated phase will always grow by motion of a flat reaction front for silicon
wafers of any orientation.
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Figure 2.3 The schematic shows a configuration of a lithiated silicon film on a
crystalline silicon substrate. The dashed regions represent growth from the
initial configuration. (a) The bottom left schematic illustrates lithium insertion
by (continued) growth of a flat reaction front, (b) while the bottom right
schematic illustrates lithium insertion by growth of a perturbation.
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2.3.4 Microstructure induced by micro-cracks
The above calculation suggests that the stress has a very large
stabilizing effect – i.e, a complex geometry of LixSi layers cannot form by a
perturbation of the reaction front. Instead, we propose that defects provide a
fast path for lithium diffusion, thereby leading to non-uniform lithiation. Figure
2.4 shows TEM images of the region delineated by the square in Figure 2.2(a).
Line structures with a width of a few nanometers can be seen in Figure 2.4,
which lie along the same preferred directions as the LixSi network shown in
Figure 2.2(a). We believe that these line structures are micro-cracks that provide
fast diffusion paths for lithium. The HR-TEM image shows the region of the
tip of the micro-crack as indicated by the varying contrast. Moreover, the
Fourier transform image shown in Figure 2.4 indicates that the line structures
lie along the {111} planes: the preferential cleavage planes in silicon. Since the
cross-section was made parallel to a [110] direction in the surface of the wafer,
the observed micro-cracks both parallel to the surface and at an angle of ~54°
to the surface may indicate cracking between {111} plane. Once several microcracks form, the local stress field near the crack becomes more complex and a
network of interconnecting cracks can develop.
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Figure 2.4 TEM images of a lithiated {100} silicon wafer under a current
density of 500 μA cm-2 for 1 hr (square in Figure 2.2(a)). The arrows indicate
the <111> direction. The line structures are micro-cracks that act as fast
diffusion paths for lithium.
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Figure 2.5 shows XRD patterns for the {100} and {110} silicon
substrates before and after lithiation. The broad peak around 18 is attributed to
the borosilicate glass capillary tube of the specimen holder. Before lithiation,
the {100} and the {110} silicon electrodes only display silicon peaks. After
2.5hr of lithiation, the XRD pattern for the {100} wafer clearly shows the
formation of a crystalline phase, Li15Si4. This finding agrees with the
observation in a number of studies that highly lithiated amorphous silicon
anodes can crystallize below 50 mV to form the Li15Si4 phase [5, 10, 12, 27,
44]. However, this result conflicts with our TEM study discussed previously in
Figure 2.2, in which only an amorphous LixSi phase was observed. Thus, we
believe that the Li15Si4 phase is amorphized during the TEM sample preparation
process as a result of gallium ion bombardment [29, 45]. In contrast, the XRD
pattern for the {110} silicon wafer shows a very weak peak at 23 suggesting
the presence of a very small amount of crystalline Li15Si4, and broad peak
around 43. According to Obrovac et al. [5], this broad peak is caused by the
amorphous LixSi phase.
In general, multiple kinetic processes can significantly contribute
during the first lithiation [34, 46]. If we compare the XRD data obtained before
and after lithiation, broad peaks for amorphous LixSi phase can be seen around
22~28 and 38~45 in both {100} and {110} silicon wafer. However, the
crystalline Li15Si4 phase in the {100} silicon wafers seems more prevalent.
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Consequently, we believe that crystallization of the lithiated silicon in
the {100} electrode contributes to the generation of micro-cracks. Gu et al. [47]
reported that crystallization of Li15Si4 from amorphous LixSi is a congruent
process in which the chemical composition remains constant. As such, the
transformation does not require long-range diffusion but instead a simple local
atomic rearrangement, and it is expected that the volume change during
crystallization is small compared to that of lithiation. However, during lithiation,
the lithiated silicon deforms plastically due to the extreme volume expansion
[48]. Thus, even a very small contraction during crystallization can result in
local tensile stresses, thereby generating cracks. Therefore, we believe
crystallization of the lithiated silicon results in micro-cracking in the {100}
silicon wafers. The complex vein-like microstructures induced by microcracking significantly affects the subsequent delithiation and the following
charge/discharge cycles.
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Figure 2.5 XRD patterns of (a) {100} and (b) {110} silicon wafer before and
after lithiation under a current density of 500 μA cm-2 for 2.5 hr.
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2.4 Conclusion
We have studied the microstructural evolution of both {100} and {110}
silicon wafers during initial lithiation under relatively high current densities.
We observed surface cracks and a complex vein-like network of LixSi layers in
{100} silicon wafers during initial lithiation, whereas no such structures were
seen in {110} silicon wafers. A calculation reveals that these structures are
energetically unfavorable due to the large hydrostatic stresses associated with
them. Instead, we propose that the formation of micro-cracks in {100} wafers
leads to fast diffusion paths for lithium. We further suggest that the formation
of crystalline Li15Si4 in {100} silicon wafers may lead to localized tensile
stresses, thereby generating these micro-cracks. Our observations provide
insight into the mechanisms governing non-uniform lithiation and cracking of
crystalline silicon, which should be avoided to prevent degradation of the
electrode.
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Chapter 3. The fracture energy of lithiated thin film silicon
electrodes at various lithium concentrations
3.1 Introduction
Lithium ion batteries have been developed to power an increasingly
diverse range of applications, such as portable electronic devices and electric
vehicles [1-4]. Silicon is considered one of the best candidates as an anode
material for the next generation of lithium ion batteries due to its enormous
capacity of 3579 mAh g-1 (Li15Si4) compared to that of graphite (372 mAh g-1),
which is currently the anode of choice [5-8]. However, lithium ion insertion and
extraction results in a 200 - 300% increase in volume, which can lead to fracture
of the silicon anode during electrochemical cycling [9, 10]. Since fracture of
the anode can cause a loss of electrical contact and the creation of more surface
area for solid electrolyte interphase (SEI) growth, mechanical stability is a key
issue in commercial battery applications [11-15].
A number of studies have reported mechanical properties of silicon
electrodes. Mönig and colleagues [16, 17] investigated the elastic modulus of
lithiated silicon nanowires by uniaxial tensile testing. Hertzberg et al. [18]
measured the hardness and the elastic modulus of lithiated silicon films using
depth-sensing indentation measurements. They found that the hardness
decreases from 5 to 1.5 GPa and that the elastic modulus decreases from 92 to
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12 GPa in changing from the as-deposited silicon to the fully lithiated silicon
(Li15Si4). Also, Sethuraman et al. [19] performed in-situ stress measurements
of thin-film silicon electrodes using the substrate-curvature technique, finding
a biaxial elastic modulus of 70 GPa for Li0.32Si and 35 GPa for Li3.0Si. Pharr et
al. [20] evaluated the fracture energy  of lithiated silicon by monitoring the
stress and morphological development of cracks during electrochemical cycling.
They measured a fracture energy of 8.5 ± 4.3 J m-2 at small concentrations of
lithium (~ Li0.7Si), and established bounds of 5.4 ± 2.2 J m-2 to 6.9 ± 1.9 J
m-2 for  at large concentrations of lithium (~ Li2.8Si). In addition, Nadimpalli
et al. [21] estimated an upper bound of 9 - 11 J m-2 for the fracture energy of
Li0.4Si based on stress data and electron microscopy observations. However,
these measurement techniques have limitations due to the difficulty of
determining the critical stress at which cracks initiate on the surface of the
electrode. Furthermore, experimental measurements of fracture energy over a
range of lithium concentrations are lacking. In order to design durable silicon
electrodes, it is essential to know the fracture energy as a function of state of
charge.
In this study, we introduce a simple technique for measuring the
fracture energy of thin-film silicon electrodes as a function of lithium
concentration. We first lithiate amorphous silicon (a-Si) thin-film electrodes on
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copper substrates to different states of charge. We then perform a bending test
by deforming the substrate to a pre-defined shape that allows for a variation in
the curvature along the length of the sample. After bending, the electrodes are
examined using a focused ion beam (FIB) to obtain both the critical strain for
crack initiation and the thickness of the electrodes after lithiation. Using the
substrate curvature technique, we measure both the elastic modulus of the
lithiated silicon and the stress induced by lithiation. Combining these results,
we quantify the fracture energy using a fracture mechanics analysis. The simple
technique presented here is not only useful for lithiated-silicon thin-film
electrodes but is also generally applicable for measuring the fracture energy of
thin-films and coatings.

3.2 Experimental procedures
3.2.1 Preparation of a-Si thin-film electrodes
All electrochemical measurements were performed using a standard
three-electrode configuration in a custom-fabricated, hermetic, Teflon cell with
a glass window. Both the reference and counter electrodes consisted of lithium
foil, while the working electrode was a thin-film of amorphous silicon on a
copper substrate (McMaster-Carr, annealed electrolytic tough pitch copper). To
fabricate the working electrode, mechanically polished copper substrates (10
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mm × 70 mm) with a thickness of 0.8 mm were electro-polished (2 V, 15
minutes) in phosphoric acid (85 wt%) and placed in a sputter deposition system
(ATC 1800, AJA Int., Scituate). Immediately before deposition, the substrates
were plasma cleaned for 5 minutes in 20 mTorr of argon using an RF power of
24 W. Then, 20 nm of copper was deposited onto the substrates using an argon
working pressure of 5 mTorr and a DC power of 200 W. The purpose of this
copper film was to provide a fresh surface for silicon film deposition. The
silicon film was then deposited directly onto the copper film using an argon
pressure of 5 mTorr and a DC power of 100 W. The working area of each silicon
electrode was 10 mm × 35 mm, and the silicon electrode thickness was
550 ± 15 nm.

3.2.2 Electrochemical cell test of Si electrode
The electrolyte consisted of a 1 M solution of LiPF6 in 1:1:1 (wt%)
ethylene carbonate:diethyl carbonate:dimethyl carbonate. The electrochemical
cells were assembled in a glove box in an ultrahigh purity argon atmosphere
with a moisture content of less than 0.1 ppm. Electrochemical measurements
were performed with a VersaSTAT 3 galvanostat from Princeton Applied
Research. The silicon electrodes were lithiated at a constant current density of
100 μA cm-2 (a C/16 rate assuming a capacity of 3579 mAh g-1), and then
61

potentiostatically held until the current dropped to less than 4% of its original
value to reach diffusive equilibrium at four different states of charge: 1/4 (895
mAh g-1), 1/2 (1790 mAh g-1), 3/4 (2684 mAh g-1), and full (3579 mAh g-1). All
lithiation processes were conducted within a voltage window of 0.05 – 3.0 V.
After lithiation, the electrodes were removed from the cell, rinsed in dimethyl
carbonate (DMC), and dried for five minutes inside the glove box.

3.2.3 Bending test of Si electrodes
Bending tests on the working electrodes were performed inside the
glove box fifteen minutes after removing the electrodes from the cell. The tests
were performed using a Delrin mandrel (Figure 3.1(a)) that consisted of a male
and a female part. The female part had the shape of an ellipsoid, described in
x-y coordinates by 9x2 + y2 = 9 (cm), to impose a variable curvature along the
length of the sample; the male part had a similar shape, accounting for sample
thickness. The strain in the surface of the substrate is then given by [22]



hsub
,
2

(3.1)

where hsub is the thickness of substrate and



is the local radius of

curvature of the substrate. The strain imposed on the electrode film is tensile
and varies from 11% in the center of the sample to 0.9% at the edge, as
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illustrated in Figure 3.1(b). Prior to bending, the silicon electrodes were
scratched with a diamond scribe to introduce imperfections with sizes on the
order of the film thickness [20]. Also, marks were drawn at 1 mm increments
along the specimen to quantify the position of crack initiation. Then, the
samples were placed between the male and female parts of the mandrel and
deformed to the shape of the mandrel. Two sets of samples were tested under
identical conditions to examine the reproducibility of the experiments. The
mandrels are quite stiff, which ensures reproducible deformation of the sample
as long as it is in full contact with the surfaces of the mandrel. After the bending
test, the samples were sealed in an airtight container inside the glove box and
immediately transferred to a focused ion beam (FIB, Zeiss NVision 40)
chamber to examine the electrode surfaces. During transfer, the samples were
exposed to air for less than 30 seconds.

3.2.4 Elastic modulus measurement using a nano-indentation
The elastic modulus of the pure silicon film was measured by
performing nano-indentation tests using a Hysitron Tribolab nano-indentation
system. Indentation tests were performed in load control at a constant loading
rate of 200 μN s-1. A total of 25 indentations were made in a 5  5 array with a
spacing of 5 μm between the indentations.
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Figure 3.1 (a) Photograph of the mandrel used for the bending tests. (b)
Calculated strain as a function of the position from the center of the sample.
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3.3 Results and discussion
3.3.1 Film thickness measurement during lithiation
Since the silicon thin-film electrodes are constrained in the plane of
the film by the relatively thick substrate, lithium insertion is accommodated
entirely by expansion of the electrodes in the thickness direction. Thus, it is
reasonable to take the thickness of the film, h f , to be linear in the state of
charge,

h f  h0 (1   s) ,

(3.2)

where h0 is the initial thickness of the film,  is related to the atomic
volumes ( Ω ) of silicon and the lithiated phase calculating by

β = (ΩLi3.75Si - ΩSi ) / ΩSi = 2.8 (silicon undergoes a 280% increase in volume
when it is fully lithiated), and s is the state of charge of the electrode, with a
value of 0 representing pure silicon and a value of 1 representing the fully
lithiated state (assumed to be Li3.75Si with a capacity of 3579 mAh g-1) [20, 23].
It should be noted, however, that SEI formation consumes lithium and thus
affects both the thickness of the film and the apparent state of charge [11, 24].
In order to examine the effects of SEI formation, we measured the thickness of
LixSi after different lithiation times using FIB cross-sectioning. Figure 3.2
shows the thickness of a LixSi thin-film as a function of time for a constant
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charge rate. The initial thickness of the amorphous silicon is 550 nm. The
squares represent the expected thicknesses determined using equation (3.2) and
the state of charge calculated from the lithiation time; the circles represent the
average thicknesses measured by FIB observation. Interestingly, the measured
thickness of the silicon electrode is very nearly constant for two hours and then
increases linearly with lithiation time. This observation suggests that most of
the lithium inserted during the initial two hours of the lithiation process was
actually used in forming SEI, as opposed to forming the lithiated silicon phase.
The observation also suggests that relatively little lithium was used in forming
SEI after this initial stage. It is likely that a similar phenomenon occurs in other
experimental studies. Thus, this result stresses the need for exercising caution
in directly relating the lithiation time to the state of charge in experimental
studies. Correspondingly, in this study, we determine the states of charge not
from the lithiation time, but based on measurements of the silicon electrode
thickness.
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Figure 3.2 Thickness of a thin-film silicon electrode as a function of the
lithiation time at a constant charge rate of C/16. The initial thickness of the
silicon electrode is 550 nm. The squares are values calculated from equation
(3.2), and the circles are values measured by a FIB cross-section.
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3.3.2 Determination of critical strain
The critical strain for fracturing a lithiated silicon electrode can be
determined from bending experiments on the electrodes. During bending, small
flaws in the lithiated silicon start to grow and propagate in regions where the
energy release rate reaches the fracture energy of the lithiated silicon. Thus, the
boundary between the cracked and un-cracked regions of the sample provides
a measurement of the critical applied strain,  c , for fracture. (Shown in Table
3.1) Figures 3.3(a) - (c) show surface images of a lithiated silicon sample
(Li1.4Si) after a bending test. The cracks propagate in the transverse direction of
the sample, and the crack density near the center of the sample (Figure 3.3(a))
is larger than near the edge of the sample (Figure 3.3(c)). Figure 3.3(d) shows
a cross-section of a crack near the boundary between the cracked and uncracked regions of the sample. Although the sample was lithiated for 8 hours,
the thickness of the lithiated silicon was 1135 nm, which is approximately 200
nm thinner than the value calculated from equation (3.2). This provides clear
evidence that lithium is used in the formation of the SEI in the initial lithiation
stage. The faces of the cracks appear quite flat and perpendicular to the
substrate, suggesting brittle fracture. In addition, the crack opening is quite
narrow and there is no evidence of sliding at the interface between the lithiated
silicon and copper; any such effects are thereby neglected in these experiments
[25, 26]. The applied critical strain by itself does not provide sufficient
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information to evaluate the fracture toughness of the coating. In particular, the
energy release rate that drives crack propagation depends on the total stress
developed in the film prior to fracture. This total stress can be calculated from
the critical bending strain, and from knowledge of the elastic modulus of the
film and the stress that develops in the film prior to the bending experiment (i.e.,
from lithiation).
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x in LixSi

0

0.47

1.4

2.34

3.28

Thickness (nm)

142 ± 0.9

770 ± 20

1220 ± 80

1523 ± 38

2044 ± 69.5

Poisson’s ratio

0.28

0.27

0.27

0.26

0.25

Critical bending
strain (%)

1.35 ± 0.17

1.75 ± 0.03

1.85 ± 0.05

1.91 ± 0.01

1.94 ± 0.01

Elastic modulus
(GPa)

113 ± 4.1

58.5 ± 6.4

49.6 ± 3.7

42.9 ± 1.4

31.6 ± 2.0

Lithiation stress
(GPa)

+0.045*

-0.80 ± 0.05

-0.54 ± 0.02

-0.46 ± 0.02

-0.34 ± 0.04

Relaxation stress
(MPa)

0

97 ± 2

68 ± 2.4

53 ± 1.5

45 ± 2.6

Critical stress for
fracture (MPa)

1469 ± 187

252 ± 117

384 ± 69

357 ± 31

276 ± 51

pre-factor Z

4.80

3.02

2.74

2.56

2.15

Fracture energy
(J m-2)

12.0 ± 3.0

2.3 ± 2.2

9.2 ± 3.3

10.8 ± 1.9

10.0 ± 3.6

*For unlithiated silicon the relevant stress is the residual stress after deposition, not the
Lithiation stress

Table 3.1 Experimental parameters and results as a function of lithium
concentration.
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Figure 3.3 SEM images of cracks after a bending test (Li1.4Si). The distance
(arc length) from the center of the sample is (a) 2mm, (b) 6mm, and (c) 8mm.
(d) Cross-section of the crack in Fig. 3(c) (Tilt angle = 54˚). The thickness of
Li1.4Si is determined to be 1135 nm.
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3.3.3 Stress development during lithiation – calculation of elastic
modulus, lithiation stress, and relaxation stress
To determine the elastic modulus and the stress at different states of
charge, we performed additional electrochemical experiments using 142 nm
silicon films on glass substrates (0.4 mm) as anodes. These anodes contained a
300 nm copper film between the silicon and the substrate as a current collector;
20 nm of titanium was used as an adhesion layer between the substrate and the
current collector. Three sets of samples were tested under identical conditions.
The stress in the lithiated silicon film was determined by measuring the
curvature of the substrate with an in-situ multi-beam optical sensor (K-Space
Associates, Inc.) during lithiation/delithiation (shown in Figure 3.4). Details of
the experimental method have been published in a previous paper [20]. The
average stress in the film was then deduced from the substrate curvature using
Stoney’s equation [20, 27, 28]:

  r 

Es hs 2
K ,
6h f (1  s )

(3.3)

where  is the average stress in the film,  r is the residual stress in the asdeposited silicon film, E s is the elastic modulus of the substrate, hs is the
thickness of the substrate,  s is Poisson’s ratio of the substrate, and K is
the change in substrate curvature induced by changes in the film stress. The
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value of the residual stress in the as-deposited silicon film,  r = 45 MPa, was
determined by measuring the curvature of the glass substrate before and after
silicon deposition. In the calculations, values of E s = 72 GPa, and
were used for the glass substrate [29].
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s

= 0.23

Figure 3.4 A schematic representation of the custom-made electrochemical cell
with in-situ multibeam optical sensor.
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Figures 3.5(a) and 3.5(b) show representative responses of the
potential and stress during lithiation and delithiation. In Figure 3.5(a), we
observe a short plateau around 0.45 V at the beginning of the voltage profile.
The time for the initial plateau and the next drop is approximately 1.5 hours,
which is comparable to the time for SEI formation determined from the
electrode thickness measurements. Then, the voltage gradually decreases as the
state of charge increases. This sloping voltage profile indicates a single-phase
reaction given the slow rate (C/16) used in the experiments. As shown in Figure
3.5(b), the stress in the electrode becomes compressive as lithium is inserted
until it reaches a value of -1.12 GPa. At that point, the electrode material
deforms plastically with a continuous reduction in stress as the lithium
concentration increases. The stress in the electrode is then equal to the lithiation
stress (  lithi ) of lithiated silicon, independent of the nature of the substrate [30].
During lithiation, the electrodes were delithiated for 10 minutes at various states
of charge (Li0.47Si, Li1.4Si, Li2.34Si, and Li3.28Si). During these delithiation
segments, the elastic modulus of the lithiated silicon was determined by
measuring the change in stress in the electrode, as has been done in previous
studies [19, 20]. The elastic modulus of the electrode film, E f , is given by
[20]

E f  3

1   s 
(1  f ) ,
 s
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(3.4)

where  f

is Poisson’s ratio of the electrode [31] and  / s is the

increment of the stress over a sufficiently small change of the state of charge.
Figure 3.5(c) shows the elastic modulus at different states of charge. Our
experimental data are designated with red star symbols. The values are averages
of three individual experiments; the value for pure amorphous silicon was
determined using nano-indentation. Evidently the elastic modulus has
decreased significantly at low lithium concentrations (x = 0.47), indicating that
even a small amount of lithium affects the properties of the silicon electrode
strongly. Further increases in lithium concentration lead to a more gradual
decrease of the stiffness. Previously, Hertzberg et al. [18] reported that the
elastic modulus decreases from 92 GPa (pure silicon) to 12 GPa (fully lithiated
silicon). Furthermore, Sethuraman et al. [19] measured an elastic modulus of
51 GPa for Li0.32Si and 26 GPa for Li3.0Si, and Ratchford et al. [32] reported an
elastic modulus of ~35 GPa for fully lithiated silicon. All previous and our work
suggest that lithium insertion into silicon causes an elastic softening of silicon.
However, the numerical values of the moduli are slightly different among the
different experiments, most likely due to the use of a different measurement
technique [18, 32] or reference state [19] for calculating the moduli.
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Figure 3.5 Representative responses in (a) potential vs Li/Li+ and (b) stress as
a function of lithiation time during a galvanostatic test of a 142 nm amorphous
silicon film. (c) Elastic modulus of the film as a function of lithium
concentration.
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Bending tests were performed on the lithiated electrodes exactly
fifteen minutes after lithiation. Several researchers have reported rapid stress
relaxation in silicon electrodes upon current interruption [19, 33, 34]. As the
driving force for fracture scales with the square of the stress (equation (3.6)),
even a small amount of stress relaxation can affect the calculation of the fracture
energy significantly. Therefore, we measured the relaxation stress (  relax ) in
the electrodes after current interruption. Figures. 3.6(a) and 3.6(b) show
representative responses of the potential and stress during lithiation and opencircuit segments for a 142 nm amorphous silicon electrode. As shown in Figure
3.6(b), the stress continuously decreases in absolute value during the opencircuit segments. This stress relaxation is quantitatively consistent with
previous reports [34] and may be attributed to the high mobility of lithium
atoms, which facilitates effective bond switching to accommodate mechanical
deformation [35]. The amount of stress relaxation after fifteen minutes of open
circuit is plotted in Figure 3.6(c).
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Figure 3.6 Representative responses in (a) potential vs Li/Li+ and (b) stress as
a function of lithiation time from a galvanostatic test of a 142 nm amorphous
silicon film. (c) Relaxation stress of silicon film after 15 minutes of open circuit
as a function of lithium concentration.
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3.3.4 Fracture energy calculation for Si electrodes
Fracture of the electrode occurs in the form of long channel cracks in
the lithiated silicon film. The energy release rate or driving force for this type
of cracks can be calculated using an analysis by Beuth for cracks in a thin-film
on an elastic half space [36, 37]. Pharr et al. [20] have discussed in detail the
validity of such an analysis in this context. However, one concern with Beuth’s
analysis is the assumption of an elastic substrate, which is clearly violated in
our bending experiments on copper substrates. To evaluate the impact of
substrate plasticity on the calculation of the fracture energy, we performed finite
element analyses of the energy release rate in the presence of substrate plasticity.
For the lithiated film, the elastic moduli used in the analyses were extracted
from the electrochemical experiments, as shown in Table 3.1. Poisson’s ratios
of LixSi were taken from atomistic simulations performed by Shenoy et al. [31],
also shown in Table 3.1. The film was modeled as elastic since the critical
stresses to cause fracture were found to be less than the yield strength of
amorphous LixSi in all of our fracture experiments. The copper substrate was
modeled as elastic-plastic. The stress-strain behavior of the substrate was
measured following the ASTM-E8M standard. From the tensile tests, the
Y
modulus was found to be E s = 117 GPa, and the yield strength  s = 260

MPa. A typical value for Poisson’s ratio for copper of  s = 0.35 was used in
the simulations. The yield stress of the copper was directly prescribed in
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ABAQUS as a function of the plastic strain based on the experimental stressstrain curves, and isotropic hardening was assumed. Large deformation was
enabled during the entire simulation. Both the film and the substrate were
assumed to be isotropic. Four node bilinear plane strain quadrilateral elements
with reduced integration (CPE4R) were implemented to model the cracking
process as plane strain. The geometry (cross-section view) of the simulation is
shown in Figure 3.7. Only half of the geometry was modeled due to symmetry,
and only the region of the substrate near the film/substrate interface was
modeled because the copper substrate was much thicker than the film.
Increasing the thickness of the substrate did not affect the results. Prior to
bending, the substrate was stress-free because it is much thicker than the film;
the film was under a state of equal biaxial compression equal to the lithiation
stress minus the relaxation stress (Table 3.1). This state of stress was imposed
in ABAQUS by using the predefined-field function during the initial step
(Figure 3.7(a)). In the experiments, the electrodes were then subjected to a state
of bending, as previously described. Due to this bending, the substrate near the
film/substrate interface is essentially under a state of uniaxial tension.
Correspondingly, to simulate bending, a displacement was imposed on the right
edge of the film/substrate (Figure 3.7(b)). The system was incrementally loaded
in ABAQUS until it reached the critical strain for a given lithium concentration
(Table 3.1). Next, a cut was created through the thickness of the film at the left
edge of the geometry (Figure 3.7(c)), which represented a steady-state channel
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crack. Initially, a traction was applied on the cut that was equal and opposite to
the stress in the film, and the film behaved as if it is not cracked. Incrementally,
this traction was reduced to zero, and the crack opened. During cracking, the
stress in the film far from the crack remained constant.
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Figure 3.7 An illustration (cross-section view) of the ABAQUS simulation to
calculate the fracture energy. The dotted lines represent sections with mirror
symmetry. (a) A predefined field (equal biaxial compression) is prescribed in
the film to represent the stress due to sputtering, lithiation, and “relaxation.” (b)
A displacement is applied to the right edge of the film and substrate to represent
the bending-induced strain prior to fracture. (c) A channel crack is introduced
into the film.
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From this simulation, we were able to calculate the energy release rate
in a manner similar to that of Beuth [36]. In particular, in the steady-state, the
energy release rate is equal to the energy released by converting a unit length
of un-cracked film far ahead of the crack tip to a unit length of cracked material
(i.e. the final state in our simulation) far behind the crack tip. In other words,
the steady-state energy release rate is related to the change in internal energy
upon introducing the crack. The internal energy, U, is computed in ABAQUS
and includes the recoverable strain energy as well as the energy dissipated by
plastic deformation in the substrate. As the crack opens, the recoverable strain
energy decreases, while the energy dissipated in plasticity increases. The energy
available for fracture of the film, i.e., the energy release rate, is then related to
these energies by:

G

2 U no crack  U crack 
hf

,

(3.5)

where h f is the thickness of the film, U nocrack represents the internal energy
of the system just before the crack is introduced, and U crack represents the
internal energy of the system at the end of the simulation. The factor of two in
equation (3.5) arises since only half of the geometry was simulated. Following
standard practice, the pre-factor Z is then calculated through:
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Z  2f h f
G
,
Ef
where  f

(3.6)

is the critical total stress in the film to cause cracking, and

E f  E f / 1  2f  is the plane-strain modulus of the film, where  f

is

Poisson’s ratio of the film.
Combining (5) and (6) yields:

Z

2 E f U no crack  U crack 
.
 2f h2f

(3.7)

This approach was verified in ABAQUS by making the substrate elastic and
comparing to Beuth’s results for a number of geometries and materials
constants (results not shown here). [36] The results from ABAQUS were in
agreement with the results obtained by Beuth to within 5 ~ 10 %. Using this
approach, the pre-factor Z was found as a function of the lithium concentration
and is tabulated in Table 3.1.
At the critical bending strain to induce fracture, G =  and
equation (6) can be used to find the fracture energy. Since the critical bending
strains (Table 3.1) are much larger than the yield strain of Cu (approximately
0.3%), we assume that plastic deformation in the substrate occurs during the
entire bending experiment, i.e., effectively,  s = 0.5. During bending and prior
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to fracture, the film is under a state of plane stress. Assuming continuity at the
interface between the film and the substrate, the change in stress in the film due
to bending can be found from Hooke’s law:

 11bend 

 22bend 

1

 11bend  f  22bend    c ,
Ef

1

 bend  f  11bend    s c ,
E f  22

(3.8)

(3.9)

where  c is the critical bending strain to cause fracture (Table 3.1). The
subscripts 1 and 2 refer to the directions parallel and perpendicular to the long
edge of the sample, respectively.
Combining (8) and (9) gives the bending stress (  b ):
 1  f s 
.
2 
 1  f 

 b   11bend  E f  c 

(3.10)

Using  s = 0.5, and  f , E f , and  c from Table 3.1, the critical stress for
fracture (summation of  b ,  lithi , and  relax ) is calculated from equation
(3.10) and is listed in Table 3.1. With the critical stress known, we can use
equation (3.6) to calculate the fracture energy – the results are shown in Table
3.1 and Figure 3.8. The fracture energy of the pure silicon film is  =
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12.0 ± 3.0 J m-2. Although the lithium concentration of the electrode increases
to Li3.28Si, the fracture energy remains similar (  = 10.0 ± 3.6 J m-2) to that of
pure silicon. These fracture energies are quite typical for brittle solids, in
agreement with the observation of brittle fracture morphologies in the bending
experiments (Figure 3.3). The values of the fracture energy do not change much
with lithium concentration, even though the stiffness of the coatings changes
dramatically. The one exception is the fracture energy of Li0.47Si, which is
significantly lower than the other values. Part of this reduction may be
explained by the error associated with the stress measurement. In particular, the
stresses measured may be inaccurate at these small lithium concentrations
because the stress state varies rapidly at the onset of lithiation. However, the
error in the stress measurement alone is not sufficient to explain the low value
of the fracture energy and it is possible that the fracture energy goes through a
minimum near this lithium concentration. Previously, Pharr et al. [20] have
reported a fracture energy for lithiated silicon of 8.5 ± 4.3 J m-2 at low
concentrations of lithium (~ Li0.7Si), and established bounds of 5.4 ± 2.2 J m-2
to 6.9 ± 1.9 J m-2 at large concentrations of lithium (~ Li2.8Si). These values
are in reasonable agreement with the fracture energies measured in this study:
9.2 ± 3.3 J m-2 at Li1.4Si and 10.8 ± 1.9 J m-2 at Li2.34Si. The small
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discrepancy may be caused by the history dependence of the plastic
deformation that occurs in the substrate during crack growth: As the crack
propagates, the precise strain history in the ABAQUS model may be slightly
different from the actual strain history. The energy dissipated in the substrate
during crack growth is then slightly different from the calculated value, leading
to a small error in the energy release rate calculated by ABAQUS.
The technique for measuring fracture energy described in this paper
offers a number of important advantages over existing techniques. Since the
critical bending strain at which the crack initiates is readily determined after the
experiment by optical or electron microscopy, more accurate values of fracture
energy can be obtained as compared to other techniques [20, 21]. Also,
customizing the shape of the mandrel allows for a variation in the curvature
along the length of the sample that can be prescribed by the user, thereby
providing a means of controlling the range of the applied strain. Thus, it is
possible to observe a large range of prescribed strains from a single experiment.
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Figure 3.8 Fracture energy as a function of lithium concentration calculated
from equation (3.6).
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3.4 Conclusion
In this paper, we have determined the fracture energy of lithiated
silicon thin-film electrodes at various states of charge. To do so, we performed
a simple bending test by deforming the substrate to a customized shape. The
states of charge were determined by measuring the thickness of the lithiated
silicon electrode, since most of the lithium inserted during the initial stage of
the experiment was consumed in forming SEI. Using the substrate curvature
technique, the elastic moduli of the electrodes were calculated as a function of
lithium concentration, varying from 113 GPa for amorphous silicon to 31.6 GPa
for Li3.28Si. In addition, the total critical stress for fracture in the silicon
electrodes was found by measuring stresses due to lithiation, relaxation, and
bending. From this total critical stress, we quantified the fracture energy
through simulations in ABAQUS of an elastic film on an elastic-plastic
substrate. The fracture energies were determined to be  = 12.0 ± 3.0 J m-2
for amorphous silicon and  = 10.0 ± 3.6 J m-2 for Li3.28Si, with little
variation in the fracture energy for intermediate Li concentrations. We believe
that the simple technique presented here will be useful for measuring the
fracture energy of a wide range of thin-films and coatings.
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Chapter 4. Measurements of stress and fracture in
germanium electrodes during electrochemical cycles
4.1 Introduction
Lithium ion batteries provide power for an increasing number of
applications, particularly in portable electronic devices and electric vehicles [14]. On the anode side, silicon has received much attention due to its extremely
high specific capacity (~ 3579 mAh g-1) [5], which is almost ten times larger
than that of the commercial anode of choice, graphite (~ 372 mAh g -1) [5-8].
However, lithiation of silicon causes an enormous increase in volume of ~
280%, which can result in large stresses and fracture under constraint [9-45].
Fracture leads to loss of active material and creates more surface area for solidelectrolyte interphase (SEI) growth, both of which substantially contribute to
capacity fade in the system [9-13]. This mechanical degradation has been
mitigated to varying degrees of success via nano-structuring of the electrodes,
but it remains an important issue in constructing practical silicon anodes [1424].
Germanium, another group IV element, has garnered relatively little
attention as an anode material despite its comparatively large theoretical charge
density: ~ 7370 mAh cm-3 for Li15Ge4 versus ~ 8330 mAh cm-3 for Li15Si4 [46].
Furthermore, both the electronic conductivity of Ge and the diffusivity of Li
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within Ge have been reported to be much larger than those of Si, thereby
making Ge a promising candidate for high-rate applications (e.g., high-power
applications) [14, 47]. Still, prior to implementation of Ge as a practical anode
material, it is important to evaluate its mechanical performance during
electrochemical cycling.
To date, relatively few studies have examined mechanical
characteristics of germanium anodes. Using in-situ transmission electron
microscopy in Ge nanowires, Liu et al. found the volumetric expansion upon
lithiation to be nearly isotropic and highly reversible upon delithiation [48].
Liang et al. also found highly reversible isotropic swelling and de-swelling of
crystalline Ge nanoparticles upon lithiation and delithiation [49]. Moreover,
they observed no fracture, even during multiple cycles, for particles with an
initial diameter as large as 620 nm [49]. This resistance to fracture was
attributed to the isotropic nature of lithiation [49], which is in stark contrast to
the highly anisotropic lithiation observed in crystalline silicon electrodes
[9,10,25,26]. The anisotropic lithiation of c-Si leads to stress concentrations,
thereby increasing the driving force for fracture relative to the isotropic (e.g.,
Ge) case. Lee et al. found a critical pillar diameter of 1.2 µm for fracture of
<111> axially oriented Ge nano-pillars [50]. They also attributed this larger
critical size than that of Si nano-pillars (~ 300 nm) to the nearly isotropic
lithiation of Ge [50]. Overall, these studies suggest improved mechanical

96

robustness of crystalline Ge electrodes compared to their crystalline Si
counterparts. However, studies aimed at experimental quantification of
mechanical properties of LixGe are lacking. In particular, measurements of
quantities such as the elastic modulus, the fracture energy, and the stresses that
develop during electrochemical cycling are essential for enabling practical
designs of Ge electrodes that avoid mechanical degradation.
In this study, we have performed mechanical property measurements
of a-LixGe electrodes in-situ during electrochemical cycling. In particular, we
have measured the stresses that develop during lithiation and delithiation as a
function of lithium concentration. The a-LixGe electrodes were observed to
deform plastically and develop smaller stresses than their a-LixSi counterparts.
These in-situ stress measurements also allowed for quantification of the elastic
modulus of a-LixGe. Furthermore, we observed that thinner films of germanium
survive a cycle of lithiation and delithiation, whereas thicker films fracture. The
fracture energy was calculated based on the critical conditions for crack
formation using an analysis from fracture mechanics. Overall, these
measurements indicate an enhanced ability of Ge electrodes to endure
electrochemical cycling without fracture relative to their silicon counterparts.
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4.2 Experimental Procedures
4.2.1 Preparation of a-Ge thin-film electrodes
Glass substrates with a thickness of 1 mm were cleaned with acetone
and isopropanol, and placed into a sputter deposition system (AJA Int. ATC
1800) with a base pressure of < 10-8 Torr. All depositions were performed at
room temperature (22 °C), using sputtering targets with a 50.8 mm diameter.
First, the substrates were plasma-cleaned in Ar at 20 mTorr using an RF power
of 24 W for 5 minutes. Next, 15 nm of Ti was sputtered onto the substrates
using a pressure of 3 mTorr of Ar and a DC power of 100 W for 5 minutes. A
300 nm layer of Cu was then deposited using a pressure of 5 mTorr of Ar and a
DC power of 100 W for 15 minutes. The Cu film served as current collector,
while the Ti under-layer was used to improve the adhesion between the Cu film
and the glass substrate. Finally, films of Ge with varying thickness were
deposited using a pressure of 5 mTorr of Ar and a DC power of 100 W. The
working area of each Ge electrode was 8 mm by 30 mm.

4.2.2 Electrochemical cell test of Ge electrode
Electrochemical cells were assembled in a glove box maintained at a
moisture level of less than 1 ppm, using a 1M solution of LiPF6 in 1:1:1
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(weight %) ethylene carbonate : diethyl carbonate : dimethyl carbonate as the
electrolyte. Electrochemical measurements were performed with a VersaSTAT
3 galvanostat from Princeton Applied Research. The electrodes were lithiated
at a C/16 rate (assuming a specific capacity of 1384 mAh g-1 for Li15Ge4 and a
density of pure Ge of 5.32 g cm-3 [51, 52]) to a cutoff voltage of 50 mV.
Delithiation was performed at the same rate to a cutoff voltage of 2 V.

4.2.3 Calculation of stress change during lithiation
Stresses in the Ge films were measured by monitoring the curvature of
the substrate during lithiation and delithiation. The stresses in the films were
calculated using Stoney’s equation [53, 54],

  r 

Es hs2
K ,
6hf 1   s 

(4.1)

where  represents the average stress in the film,  r is the residual stress
in the as-deposited Ge film, Es is the elastic modulus of the substrate, hs is
the thickness of the substrate,  s is Poisson’s ratio of the substrate, and K
is the change in curvature of the substrate induced by changes in the stress in
the film. The residual stress in the as-deposited Ge film was determined by
measuring the curvature of the glass substrate before and after Ge deposition.
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In the calculations, values of Es = 72 GPa and  s = 0.23 were used for the
glass substrate [55].
The change in curvature of the substrate was monitored with a multibeam optical sensor (MOS) from k-Space Associates. For more details on this
method, please see Reference [29]. The change in the curvature of the substrate
was calculated from the geometric relation,

K 

d0  d  cos   na
,
d0  2L  ne

(4.2)

where d is the distance between two adjacent laser spots measured on the
CCD camera of the sensor, d0 is the initial distance between the laser spots,

 is the angle of reflection of the laser beams,

L is the distance between the

electrochemical cell and the CCD camera, and na and ne are the indices of
refraction of air and the electrolyte, respectively. In the calculation of the stress,
we took ne = 1.42 for the electrolyte [56] and na = 1 for air.

4.2.4 Film thickness evolution during lithiation
Since the Ge thin-film electrodes were constrained in the plane of the
film by the relatively thick substrate, lithium insertion was accommodated
entirely by expansion in the thickness direction. As a result, we take the
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thickness of the film as linear in the state of charge,

hf  hf0 1   s  ,

(4.3)

where hf0 is the initial thickness of the film,  is related to the atomic
volumes    of Ge and the lithiated phase by    Li 3.75Ge  Ge  / Ge =
2.6, and s is the state of charge of the electrode, with a value of 0 representing
pure silicon and a value of 1 representing the fully lithiated state (assumed to
be Li3.75Ge with a capacity of 1385 mAh g-1). The state of charge was inferred
from the experimental time during the galvanostatic experiments. The value of
2.6 was taken from Liang et al., who found that germanium undergoes a 260%
increase in volume upon full lithiation [49].

4.2.5 Surface observation of Ge electrode after lithiation
Each of the thin-film electrodes was scratched with a diamond scribe
to introduce imperfections off of the sidewalls of the cracks with sizes on the
order of the film thickness. This technique initiates channel cracks through the
thickness of the film so that the fracture analysis by Beuth [57] (analyzed in the
Results and Discussion section) is appropriate, as discussed in our previous
work [29]. To image cracks in the electrodes, the electrodes were removed from
the cell in the glove box, rinsed in dimethyl carbonate, and dried. Next, they
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were immersed in mineral oil and covered with a glass slide to prevent any air
exposure. The samples were then removed from the glove box and examined
using an optical microscope.

4.2.6 Ex-situ phase characterization during lithiation
In order to perform x-ray diffraction (XRD) to analyze the phases of
the LixGe electrodes at different states of charge, we used a three-electrode
configuration but with seven working and counter electrodes operating in
parallel. See Reference [29] for more details on the custom electrochemical cell
with multiple electrodes. The initial thickness of the Ge electrodes was 100 nm.
The seven electrodes were lithiated simultaneously at a constant current density
of 12.6 μA cm-2 (i.e., a C/16 rate assuming a capacity of 1384 mAh g-1), three
of which were disconnected one by one at various cut-off potentials of 300 mV,
130 mV, and 50 mV to reach different states of charge. The remaining four
electrodes were further lithiated to a cut-off potential of 50 mV and then
delithiated at the same current density (12.6 μA cm-2). These electrodes were
disconnected one by one from the cell at various potentials (380 mV, 460 mV,
680 mV, 2000 mV), such that they were only partially delithiated. The
diffraction patterns of these samples were measured using Cu Kα radiation in a
D2 Phaser (Bruker). The electrodes were sealed under an Ar atmosphere in an
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airtight polyethylene sample holder from Bruker; the XRD experiments were
done on the samples in this holder without exposure to air. All XRD
measurements were performed at room temperature at a rate of five seconds per
step and a step size of 0.02˚.

4.2.7 Elastic modulus measurement using a nano-indentation
Nanoindentation experiments were employed to measure the elastic
modulus of the as-deposited Ge films. Tip calibrations were executed using
fused silica as a reference material, and machine compliances were subtracted
out using a standard approach. The experiments were performed using the same
deposition conditions as outlined above on 900 nm as-deposited Ge films on
glass slides with 10 nm Ti adhesion layers. Indentations were made with an
iNano nanoindenter (Nanomechanics Inc., Oak Ridge, TN) equipped with a
Berkovich tip using established techniques [58, 59]. The elastic modulus was
determined from contact stiffness measurements obtained for indentations at a
depth of 90 nm (10% of the film thickness).

103

4.3 Results and Discussion
4.3.1 Stress development by Li insertion
Figure 4.1 shows the responses of the potential and stress during
galvanostatic lithiation and delithiation of Ge electrodes with various
thicknesses. During lithiation, the voltage in Figure 4.1(a) gradually decreases
as the state of charge increases, and the opposite occurs during delithiation.
These gradually sloping voltage profiles suggest a single-phase reaction, which
may occur due to the slow charging rate (C/16) used in the experiments.
To further investigate this point, Figure 4.2 shows XRD patterns of
lithiated Ge at various potentials versus Li/Li+, both during lithiation and
delithiation. The patterns at 300 mV, 130 mV, and 50 mV correspond to
lithiation, while 380 mV, 460 mV, 690 mV, and 2000 mV correspond to
delithiation. The peaks at approximately 43˚ and 50˚ are from the Cu current
collector, while the peak at 38° is attributed to the Ti adhesion layer. No other
peaks can be observed in the as-deposited Ge sample, indicating that the
sputter-deposited Ge film is amorphous. During lithiation, there is no
significant change in the peaks all the way down to the cutoff voltage of 50 mV.
In addition, no changes in the peaks are detected during delithiation, indicating
that the Li-Ge compound in our experiments remained amorphous during the
lithiation cycle. In contrast, several researchers have reported that lithiation of
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Ge electrodes involves a two-step phase transformation: a-Ge (or c-Ge)  aLixGe  c-Li15Ge4 [49, 52]. For example, Liu and Liang have observed the
microstructural evolution of c-Ge nanowires/particles during lithiation by insitu TEM [48, 29]. They reported that their initial c-Ge was gradually converted
to a-LixGe in a core-shell geometry, followed by conversion of the a-LixGe to
c-Li15Ge4. In addition, Baggetto and Notten performed XRD measurements on
evaporated and sputtered a-Ge electrodes to observe the phase transformations
during lithiation and delithiation [52]. They suggested that a phase
transformation of a-LixGe to c-Li15Ge4 takes place between 130 mV and 20 mV
[52]. We surmise that the difference between our experiments and others may
be due to the Ge deposition conditions, the relatively slow charging rates,
and/or the relatively large lower cutoff potential used in our experiments (50
mV). In any event, the XRD data suggests that in our experiments LixGe
remained amorphous throughout electrochemical cycling.
As lithium is first inserted, the compressive stress in the electrodes rises
rapidly until it reaches a value of 800-900 MPa (Figure 4.1(b)). At that point,
the LixGe yields and the stress reduces upon further lithium insertion. The stress
in this regime corresponds to the lithiation stress of lithiated Ge. The data in
Figure 1(b) show that the reduction in lithiation stress with increasing lithium
content is quite substantial – for instance, the lithiation stress of Li3.75Ge is
approximately 270 MPa. Upon delithiation, there is an initial elastic regime,
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during which the stress rapidly increases as lithium is extracted. This regime is
followed by yield in tension and a gradual increase in lithiation stress with
reducing lithium concentration. For the 320 nm and 1160 nm films, there is a
peak in the lithiation stress, which is followed by an apparent drop in stress with
further delithiation.
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Figure 4.1 Responses in (a) potential vs. Li/Li+ and (b) stress as a function of
lithium concentration from galvanostatic tests on a-Ge thin films with various
thicknesses. For the thicker films, the arrows indicate the location of the
maximum tensile stress during delithiation, corresponding to fracture of the
electrodes.
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Figure 4.2 X-ray diffraction data of a 100 nm film of Ge at various potentials
versus Li/Li+ during lithiation and delithiation. The various potentials
correspond to various concentrations of lithium as shown in Figure 4.1(a). The
curves at 300 mV, 130 mV, and 50 mV correspond to lithiation, while 380 mV,
460 mV, 690 mV, and 2000 mV correspond to delithiation. The film remains
amorphous during the entire cycle.
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4.3.2 Mechanical properties of Ge electrode – energy release rate and
elastic modulus
The observation of plastic deformation in the LixGe electrodes is
critical, because plastic deformation limits the stresses that build up during
delithiation. In particular, the energy release rate, G, i.e., the driving force for
fracture, scales as

Gµ

s f2hf
Ef

,

(4.4)

where  f is the stress in the film, hf is the thickness of the film, and E f is
the elastic modulus of the film [32]. If the deformation were entirely elastic, the
stress in the film would be  f ~ Ef  f . Due to the enormous strains  f
associated with lithium insertion, a likewise elevated stress and crack driving
force would develop in the film. However, due to plastic deformation of the aLixGe electrode, the stresses in the film are instead limited by the yield stress,
thereby drastically reducing the crack driving force. In other words, materials
that readily deform plastically during a lithiation cycle, deform rather than
fracture. With this point in mind, Figure 4.3 shows a comparison of the stresses
developed during galvanostatic (C/16) lithiation and delithiation of Si [29] and
Ge electrodes. The Ge electrodes deform at a lower stress than their Si
counterparts. As shown by Equation 4, even a modest reduction in the yield
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stress has a big (squared dependence) impact on the crack driving force. Thus,
the relatively small lithiation stress observed for lithiated Ge indicates a key
advantage in terms of its resistance to fracture.
The elastic modulus of LixGe can be determined by the change in the
stress in the electrode during the elastic unloading (and re-loading) segments of
the lithiation cycles, as was done in previous studies [29, 35, 39]. The elastic
modulus of the LixGe film, Ef , is given by

Ef  3 1   f 

1   s 
,
 s

(4.5)

where  f is Poisson’s ratio of the film and  / s is the increment in
stress over a sufficiently small change in state of charge [29]. For the
calculations, we take

 f = 0.28, the value for pure Ge [55]. It is unlikely that

this value changes dramatically with lithium concentration, as evidenced in a
similar study on LixSi [44]. The values are in the range of Ef = 22 ~ 36 GPa
for our samples, as shown in Table 4.1.
We also performed nanoindentation measurements on the as-deposited
a-Ge films, finding a value of Ef = 95 ± 10 GPa, which is similar to those
reported in literature for a-Ge [60, 61]. As the values for lithiated germanium
are much smaller than that of pure Ge, it is evident that even a small amount of
lithium insertion into a-Ge results in a large change in elastic modulus. Further
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increases in lithium concentration seem to lead to a more gradual change of the
elastic modulus.
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Figure 4.3 Comparison of the stresses developed during lithiation and
delithiation of silicon [29] and germanium thin films. The stresses developed
in germanium are smaller than the corresponding stresses in silicon.
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-2
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E (GPa)

Γ (J m )

3.8

34

-

0.3

23*

-

0.4

24*

-

3.8

36*

-

0.3

25*

8.0

2.7

30

-

3.0

30*

-

1.6

22

5.6

100 nm

320 nm

1160 nm

Table 4.1 Results of experiments to determine mechanical properties of aLixGe as a function of lithium concentration. The * indicates additional
experiments on different samples that are not shown in Figure 4.1 (for the sake
of clarity of that figure).
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We have also investigated fracture of LixGe electrodes under these
lithiation conditions. In particular, it was found that the 1160 nm film
completely pulverized and delaminated from its substrate after one
lithiation/delithiation cycle, which is consistent with the reduction in stress to
approximately zero at x ~ 1.3 (Figure 4.1). The other two films did not show
such obvious pulverization or reduction to zero stress. However, observation in
an optical microscope indicated that the 320 nm film also fractured after one
cycle, while the 100 nm film did not, as shown in Figure 4.4.
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hf = 320 nm

50 μm

Figure 4.4 Optical micrographs after a cycle of lithiation / delithiation of two
of the electrodes tested in Figure 4.1 with thicknesses of (a) 100 nm and (b) 320
nm.
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4.3.3 Calculation of fracture energy for Ge electrode
As discussed extensively in our previous work, when a dense set of
cracks forms in a film, the curvature of the substrate decreases correspondingly,
i.e., the cracks make the stress in the film appear more compressive than it
actually is [29]. We believe that fracture is responsible for the peaks evident in
Figure 4.1(b) for the 320 and 1160 nm films. In other words, the peaks in the
stress correspond to the critical conditions for the onset of fracture. The validity
of this approach for determining the fracture energy of a thin film has been
discussed in our previous work [29]. Fracture of these films initially occurs in
the form of long channel cracks that extend through the thickness of the film.
For such cracks, the fracture energy of the films can be determined with an
analysis from Reference [57]: the energy release rate for channeling cracks in
an elastic thin film bonded to an elastic substrate is given by

G  g  ,  

 f2hf
Ef

,

(4.6)

where Ef  Ef 1  f2  is the plane-strain modulus of the film and g  ,  
is a dimensionless parameter that is a function of the Dundurs parameters, 
and  , defined by
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Ef  Es
,
Ef  Es



f 1  2 s   s 1  2 f 
.
2f 1   s   2s 1   f 

(4.7)

In these expressions, the Ei  Ei / 1  i2  represent the respective planestrain moduli and the i  Ei / 2 1   i  represent the shear moduli [57]. To
determine the fracture energy, we calculate the energy release rate at the critical
conditions for fracture, i.e., at the peaks in the stress for the 320 and 1160 nm
films. The stress at the critical lithium concentration is taken from Figure 4.1(b),
the corresponding film thickness is calculated using Equation 3, and the elastic
modulus is taken from Table 4.1. The dimensionless parameter g  ,   is
interpolated from Reference [57], yielding g  ,   ~ 0.94 for the 320 nm
film and g  ,   ~ 0.91 for the 1160 nm film. The corresponding fracture
energies are then  = 8.0 J m-2 for a-Li0.3Ge and  = 5.6 J m-2 for a-Li1.6Ge.
These values are typical for brittle fracture and are in fact similar to the
fracture toughness of pure Ge. Indeed, the critical stress intensity factor of
single-crystalline Ge is KIC = 1.004 MPa·m1/2 for the (110) fracture plane.
Using a Poisson’s ratio of 0.28 and a stiffness in the [110] direction of 138 GPa
in Irwin’s equation yields  = KIC2 1  2  / E = 6.7 J m-2 [62]. However,
unlike pure Ge, a-LixGe is capable of extensive plastic deformation during
electrochemical cycling, as evidenced in Figure 4.1(b). In other words, a-LixGe
has a peculiar combination of properties – a-LixGe has the ability to deform
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plastically, but undergoes brittle fracture. This combination of properties was
also found in a-LixSi in our previous work [63]. These seemingly paradoxical
characteristics of lithiated silicon were reconciled by the observation that
plastic deformation in a-LixSi is rate sensitive [63]: plastic deformation at larger
strain rates (such as those in the vicinity of a crack tip when the crack
propagates) requires larger stresses in a-LixSi. As a result, the strains associated
with fracture are primarily elastic, resulting in brittle fracture. It is likely that a
similar mechanism is responsible for the behavior of a-LixGe, but further
studies similar to that in Reference [63] are necessary to confirm this notion.

4.3.4 Deformation and fracture of Ge and Si electrodes
The fracture energy of a-LixGe is similar to the fracture energy of aLixSi measured in our previous work –  = 8.0 J m-2 for a-Li0.3Ge and  =
5.6 J m-2 for a-Li1.6Ge, as compared to  = 8.5 J m-2 for a-Li0.7Si and  =
5.4 ~ 6.9 J m-2 for a-Li2.8Si [29]. Thus, it may seem that Ge and Si electrodes
are comparable in terms of resistance to fracture in electrochemical applications.
However, as discussed above and shown in Figure 4.3, the lithiation stress of aLixGe is substantially less than that of a-LixSi. Consequently, the crack driving
force during electrochemical cycling is significantly lower for a-LixGe, as
evident from Equation 4. As an example, the lithiation stress in the fully
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lithiated state is  Y = 411 MPa for a-Li3.75Si and  Y = 274 MPa for aLi3.75Ge (both defined in compression here to enable a fair comparison). Thus,
the difference in lithiation stresses alone results in lithiated silicon having 2.3
times the driving force for fracture of lithiated germanium, ceteris paribus. This
difference in the crack driving force is consistent with recent observations of
“tough” Ge nanoparticles [49, 50]. In particular, Lee et al. [50] found a critical
diameter for lithiation-induced fracture of <111> c-Ge micro-pillars of ~ 1.2
µm, which was much larger than the corresponding critical diameter of ~ 300
nm that they found in <111> c-Si micro-pillars [25]. The authors attributed this
difference to the highly anisotropic deformation found during lithiation of c-Si
micro-pillars, as compared to the nearly isotropic deformation found during
lithiation of c-Ge micro-pillars. From their modeling, the anisotropic
deformation in Si was found to lead to stress concentrations that are on the order
of two to three times larger than those found during the nearly isotropic
lithiation of Ge (assuming the same lithiation stress) [50]. Our results
demonstrate clearly that the relative “toughness” of c-Ge electrodes is not due
to an enhanced fracture toughness of LixGe over LixSi, but is instead due to the
relatively low lithiation stress of LixGe, in addition to the fairly isotropic
deformation observed during electrochemical cycling [49, 50].
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4.4 Conclusions
We have performed in-situ measurements of the stresses, stiffness, and
fracture energy of a-LixGe thin-film electrodes during electrochemical cycling.
The a-LixGe electrodes were observed to deform plastically at stresses smaller
than those found in a-LixSi electrodes, resulting in a comparatively small crack
driving force in a-LixGe. While 100 nm films of Ge survive a cycle of lithiation
and delithiation, thicker films fracture. The fracture energies were determined
from the critical conditions for crack formation to be  = 8.0 J m-2 for aLi0.3Ge and  = 5.6 J m-2 for a-Li1.6Ge, indicating brittle fracture similar to
that of pure Ge. Thus, a-LixGe exhibits the peculiar ability to deform plastically,
but fracture in a brittle manner. Overall, these measurements provide
quantitative guidelines for the practical design of germanium electrodes that
avoid fracture. Generally speaking, Ge electrodes are more resilient to fracture
than their Si counterparts, thereby rendering Ge a viable candidate as anode
material for lithium-ion batteries.
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Chapter 5. Conclusion
In this thesis, I investigated the deformation and fracture of anode
materials (Si and Ge) during electrochemical cycling in order to design Li ion
battery having a better mechanical properties and electrochemical performance.
An emphasis was placed on the intimate coupling between mechanics and other
fields, such as electrochemistry and chemical reactions.
First of all, the microstructural evolution of both {100} and {110}
silicon wafers during initial lithiation under relatively high current densities
was investigated. From the SEM/TEM observation, uniform lithiation of {110}
silicon wafers was observed (flat and sharp phase boundary between Si and
LixSi), whereas surface cracks and a complex vein-like network of LixSi layers
was observed for {100} silicon wafer. An energy calculation reveals that these
complex vein-like network of LixSi structures are energetically unfavorable due
to the large hydrostatic stresses associated with them. However, the formation
of crystalline Li15Si4 was observed only in in {100} silicon wafers, and it may
lead to localized tensile stresses, thereby generating micro-cracks. Formation
of micro-cracks provide fast diffusion paths for lithium, and contribute to the
formation of a complex vein-like LixSi network. This result emphasize that nonuniform lithiation can be result in the local stress concentration and formation
of defect structure, which should be avoided to prevent degradation of the
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electrode.
Second, the fracture energy of lithiated silicon thin-film electrodes at
various states of charge need to be determined. To do so, silicon thin-films on
copper substrates were lithiated to various states of charge. Then, they
deformed by a pre-defined shape mandrel, allowing for a variation in the
curvature along the length of the electrode. From this bending test, the critical
strains at which cracks initiate in the lithiated silicon were determined. The total
critical stress for fracture in the silicon electrodes was found by measuring
stresses due to lithiation, relaxation, and bending. In addition, the elastic moduli
of the electrodes were calculated as a function of lithium concentration, which
are varies from 113 GPa for amorphous silicon to 31.6 GPa for Li3.28Si. Finally,
the fracture energy is calculated using an analysis from fracture mechanics,
which determined to be  = 12.0 ± 3.0 J m-2 for amorphous silicon and 
= 10.0 ± 3.6 J m-2 for Li3.28Si, with little variation in the fracture energy for
intermediate Li concentrations. These results provide a guideline for the
practical design of high-capacity lithium ion batteries to avoid fracture. Also,
the experimental technique described here provides a simple means of
measuring the fracture energy of brittle thin-films.
Furthermore, mechanical properties of lithiated germanium electrodes
were also detetmined as a function of lithium concentration, especially the
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stresses that develop during electrochemical cycling. Amorphous LixGe
electrodes are found to deform plastically at stresses, but the developed stresses
are much smaller than those of amorphous LixSi counterparts. Additionally, it
can be seen that thinner films of germanium survive a cycle of lithiation and
delithiation, whereas thicker films fracture. The fracture energy is calculated
using an analysis from fracture mechanics, which determined to be  = 8.0 J
m-2 for a-Li0.3Ge and  = 5.6 J m-2 for a-Li1.6Ge. These values are similar to
the fracture energy of pure Ge and Si, which is typical values for brittle fracture.
Despite being brittle, the ability of amorphous LixGe to deform at relatively
small stresses during lithiation results in an enhanced ability of Ge electrodes
to endure electrochemical cycling without fracture.
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Appendix I. Interface-enhanced Li ion conduction in
LiBH4-SiO2 solid electrolyte
6.1 Introduction
Because of its superior power density, lithium ion batteries have been
employed in a wide range of applications, such as portable electronic devices
and electric vehicles.[1-4] Organic liquids and gels, which have ionic
conductivity around 1 mS cm-1, are commonly used for electrolytes in
conventional Li-ion batteries.[5, 6] However, liquid electrolyte suffers from the
safety issues such as flammability, volatilization, or leakage that could cause a
sudden explosion not to mention the degradation of battery performance.[3, 79] Therefore, all solid-state lithium ion batteries with inorganic solid electrolyte
can be an alternative to the current lithium ion batteries to improve the thermal
and mechanical stability. Still, low lithium ionic conductivity of solid
electrolyte remains a hurdle for commercialization of all solid-state batteries.
There are mainly two families of solid state Li+ ion conductors displaying high
ionic conductivity:[9] one kind is sulfide including Li7P3S11 glass-ceramic[10]
and Li10GeP2S12,[11] and the other kind is oxide,[12] such as pervoskite type
oxides (lithium lanthanum titanates),[13, 14] garnet type structure
(Li6BaLa2Ta2O12),[15-17] and LISICON families.[18, 19]
Recently, another type of solid electrolyte based on lithium
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borohydride (LiBH4) has drawn attention. This material is the prototype of
high-capacity solid state hydrogen storage material and has been studied for
such purpose. Its high Li+ ionic conductivity in a hexagonal crystal structure
was first reported by Matsuo et al.[20] and has been under active study besides
its hydrogen storage properties. The conductivity reaches ~ 10-3 S cm-1 above
110 °C, which is a phase transition temperature from the low temperature
orthorhombic structure to the high temperature hexagonal structure. Upon
transforming into the low temperature phase, the conductivity dramatically
drops by several orders of magnitude giving only ca. 10-8 S cm-1 at RT.[20-23]
Thus, many researchers made an effort to extend the stability region of the high
temperature phase up to room temperature by introducing lithium halides which
form relatively more stable (with respect to the orthorhombic structure) solid
solution with LiBH4 in the hexagonal structure.[24-26] Furthermore, several
researchers discovered high ionic conductivity in different kinds of LiBH4based compounds, for instance, Li2(BH4)(NH2), Li4(BH4)(NH2)3, and hydrated
LiBH4.[27-29] Most recently, Unemoto et al.[30] synthesized a new crystalline
phase derived from a 90LiBH4:10P2S5 mixture that displays high lithium-ionic
conductivity of 10-3 S cm-1 at 300 K and built an all solid state electrochemical
cell.
Instead of chemical modification, physical modification is another
route to increase ionic conductivity of LiBH4: nanoconfinement is such a case.
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Again the motivation came from the hydrogen storage research, and
nanoconfinement was originally intended to improve hydrogen storage
properties of LiBH4.[31-33] Nanoconfinement can be done by melt-infiltration
of LiBH4 into inorganic mesoporous scaffold materials (mostly carbon or silica
based), exploiting the fact that LiBH4 melts at 280 °C up to which those scaffold
materials remain inert. Investigation of the transport properties of nanoconfined
LiBH4 revealed that ion transport is far more enhanced compared to bulk
LiBH4.[34-36] Such enhancement in ionic conductivity can be attributed to two
major reasons: one is amorphization of LiBH4. Several studies have
demonstrated that LiBH4 amorphizes when confined within nanometer-sized
pores.[31, 32, 35, 37] The other is the formation of interface region that exhibits
fast ionic conductivity. NMR studies on nanoconfined LiBH4 have proved that
ionic movement is especially fast at the interface with scaffold materials.[3436, 38, 39] Clear separation of these two contributions is not an obvious task
but is crucial in order to understand the mechanism of the fast ion transport and
eventually to design fast ionic conductor.
Here we make an attempt to separate two contributions by
investigating Li+ ion conduction in LiBH4-SiO2 composites composed of
different kinds of SiO2. We clearly demonstrate that the contribution by
LiBH4/SiO2 interface in enhancing the conductivity, which has not been much
tended yet, is significant and crucial. A physical mixture of LiBH4 with
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nonporous fumed silica exhibits an ionic conductivity as high as 10-4 S cm-1 at
RT. Our finding proposes a new strategy to design fast Li ion conductors via an
interface engineering.

6.2 Experimental procedures
6.2.1 Synthesis of LiBH4 + MCM-41 (LM) composites
Commercial LiBH4 powder (purity 95%, Acros) and MCM-41
(Sigma-Aldrich) were used as starting materials. In order to remove the
adsorbed water and oxygen, MCM-41 was dried under vacuum at 350 °C for 7
hours. LiBH4 + MCM-41 (LM) mixtures were prepared with four different
mixing ratios, 50, 100, 150, and 200%, (76, 61, 52, and 44 wt.% of MCM-41)
where the theoretical volume of LiBH4 with respect to the pore volume of
MCM-41 is noted in percentage. The mixture was mixed by hand using a mortar
and pestle instead of ball-milling to preserve the pore structure of MCM-41.
The LM mixture was then annealed at 295 °C for 3 hrs under p(H2) = 100 bar
for melt-infiltration. As a control experiment, the other set of LM composites
was intentionally ball-milled in order to mix uniformly and at the same time to
destroy the pore structure of MCM-41 aiming to exclude the confinement effect.
A ball-milling process was conducted using a planetary mill (Fritsch P7)
operated at 500 rpm for 30 min. About 0.5 g of mixture was ball-milled together
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with three 12.7 mm and seven 7.9 mm diameter Cr-steel balls in a 50 mL high
speed steel vial. After ball milling, the same annealing procedure was applied
so that the two sets should be made identical except for the ball-milling process.
All manipulations of the samples were performed in an argon-filled glovebox
(p(O2) < 1 ppm).

6.2.2 Synthesis of LiBH4 + fumed silica (LF) composites
A commercial fumed silica was purchased from Sigma Aldrich
(primary particle size: 7 nm), and dried with the same condition used for drying
MCM-41. LiBH4 + fumed silica (LF) mixtures were prepared with six different
weight fractions (33, 43, 55, 70, 78, and 86 wt.% of fumed silica), and ballmilled for uniform mixing. A ball-milling process was conducted using a
planetary mill (Fritsch P7) operated at 600 rpm for 2 hrs. Two mixtures with
larger than 70 wt.% of fumed silica were ball-milled at 400 rpm for 2 hrs
because high volume fraction of fumed silica caused abrasion of Cr-steel balls.
It was confirmed that reduction of the ball-milling speed from 600 rpm to 400
rpm does not affect the ionic conductivity.
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6.2.3 Crystal structure analysis by X-ray diffraction
The x-ray diffraction (XRD) patterns of the samples were measured
using a Bruker D8 Advance diffractometer with Cu Kα radiation operating at
40 kV and 40 mA. The exposure time was 1 s step-1 with a step size of 0.03°.
The samples were sealed with polyimide thin-film (7.5 µm) tape under Ar
atmosphere. All XRD measurements were performed at room temperature.

6.2.4 Pore structure prediction using a N2 adsorption methods
The specific surface areas of MCM-41 and fumed silica were obtained
by Brunauer-Emmett-Teller (BET) method from N2 adsorption measurement
performed at –196 °C, using a Micromeritics Tristar II 3020. The total pore
volume of MCM-41 was derived from the adsorbed amount of gas at the
relative pressure of 0.99 based on the Barrett-Joyner-Halenda (BJH) method.

6.2.5 AC impedance spectroscopy
The ionic conductivities of the LM and LF mixtures were measured
by AC impedance spectroscopy using a Solartron impedance analyzer (SI 1260).
The composite powders were pressed into pellets at around 200 MPa with a
diameter of 9 mm and a thickness of ~0.5 mm inside a custom-made anodized
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aluminum zig, and the current/voltage probe was directly connected to the zig
for the impedance measurement. The measurement was conducted in a
temperature range from 25 °C to 135 °C with an interval of 8~10 °C. The
frequency sweep ran from 1 Hz to 1 MHz. Heating/cooling cycles were
repeated two to three times to ensure the reproducibility of data.

6.3 Results and discussion
6.3.1 Crystal structure determination of LM composites
Figure 6.1 contrasts XRD patterns of three kinds of LM composites:
hand-mixed, infiltrated, and ball-milled. LM composites in two different
mixing ratios (100% and 200% of pore volume) are compared. Hand-mixed
samples fully retain the features of the starting materials: sharp and strong peaks
of LiBH4 are visible. Since MCM-41 is amorphous, no diffraction peaks are
detected for MCM-41 (the broad peak around 18° comes from the polyimide
thin-film used to prevent air exposure). After heat treatment at 295 °C, meltinfiltrated LM 100% sample (Figure 6.1(a)) barely shows Bragg peaks of
LiBH4, indicating that LiBH4 was infiltrated into the pores. Likewise, no
diffraction peaks were observed for infiltrated LM 50 % sample after heat
treatment. The disappearance of diffraction peaks indicates that the confined
LiBH4 within the pores becomes nano-crystalline or amorphous.[31, 32, 35, 37]
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On the other hand, the XRD pattern of the infiltrated LM 200% samples (Figure
6.1(b)) still exhibits the peaks of LiBH4 which come from the LiBH4 residing
outside of the pores. Same diffraction patterns were observed in infiltrated LM
150% sample, but peak intensity was smaller than that of infiltrated LM 200%
sample. In contrast, strong Bragg peaks of LiBH4 are observed for both of the
ball-milled samples, indicating that the pore structure of MCM-41 was
destroyed and infiltration of LiBH4 did not take place during the heat treatment.
The surface area and pore volume are summarized in Table 6.1, and it can be
immediately noticed that the pore structure was indeed destroyed after ballmilling, being evidenced by the pore volume decreased from 0.98 cm3 g-1 to
0.04 cm3 g-1. We note that the decrease in pore volume accompanies the
decrease in surface area (from 946 m2 g-1 to 74 m2 g-1). Our intention was to
selectively destroy the pore structure to separate the nanoconfinement effect
from the interface effect, but it is apparently not possible since such large
surface area of MCM-41 originates from the pore structure itself. We will get
back to this point again in the following discussion.
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Figure 6.1 X-ray diffraction patterns of ball-milled, infiltrated, and hand-mixed
LM (a) 100% and (b) 200% composites.
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Specific
Pore volume

Pore diameter

(cm3 g-1)

(nm)

946

0.98

3.5

74

0.04

3.5

362

-

-

surface area
2

-1

(m g )
MCM-41
Ball milled
MCM-41
Fumed silica

Table 6.1 Structural properties of MCM-41 and fumed silica.
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6.3.2 Ionic condutivities of LM composites
The ionic conductivities of LM composites as a function of
temperature measured by electrochemical impedance spectroscopy are plotted
in Figure 6.2. The ionic conductivity of infiltrated LiBH4 (infiltrated LM 100%)
is ~10-4 S cm-1 at RT, which is much higher than that of bulk LiBH4. This result
is closely matched with the value reported by Blanchard et al.[35] and is in
agreement with the previous finding that confining LiBH4 in nanometer-sized
pores can induce high Li+ conductivity.[34-36, 38, 39] As shown in Figure
6.2(a), the amount of LiBH4 turned out to be critical since other infiltrated LM
composites (infiltrated LM 50, 150, and 200%) exhibit ionic conductivity of
~10-5 S cm-1 at room temperature, which is lower than that of infiltrated LM
100% sample. In addition, only tiny change in conductivity is observed for
infiltration samples (100, 150, and 200%) at the phase transition temperature,
indicating that the melt-infiltration changes the characteristics of pure LiBH4 or
transport mechanism.
On the other hand, the overall performance of ball-milled LMs in
Figure 6.2(b) is slightly worse, showing the highest conductivity of ~10-5 S cm1

at RT (ball-milled LM 100%). Nonetheless, what is quite surprising is that the

conductivity is still 1000 times higher than that of pure LiBH4. We would like
to emphasize again that the pore structure was destroyed by ball-milling as we
previously discussed (see Table 6.1), and LiBH4 retains its crystalline structure
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without being amorphized by nanoconfinement. In addition, the high
conductivity is unlikely to originate from defects generated by ball-milling[40]
since the ball-milled samples were also annealed at 295 °C which is higher than
the melting point of LiBH4. Considering all those facts, we believe that such
enhancement in ionic conductivity in ball-milled samples can be attributed to a
thin interfacial layer between LiBH4 and MCM-41, which probably promotes
fast ionic motion. As mentioned before, the surface area of MCM-41 is
significantly reduced to 74 m2 g-1 after ball-milling, but it seems large enough
to bring such enhancement in conductivity.
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Figure 6.2 Arrhenius plots of the ionic conductivities of (a) infiltrated
and (b) ball-milled LM composites in different mixing ratios. The gray
dots are data of pure LiBH4. All the data were obtained from the second
heating run.
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6.3.3 Concept of dispersed ionic conductor
In fact, this interface-enhanced ionic conductivity in composite
materials was discovered by Liang et al.[41] in LiI containing Al2O3. The
addition of 33~45 mol% Al2O3 increased conductivity of LiI by two orders of
magnitude. Such kind of composite materials were named dispersed ionic
conductors in which insulating fine particles dispersed in a conductive medium
increase conductivity by several orders of magnitude. This remarkable and
somewhat counterintuitive conductivity enhancement has been attributed to the
formation of a defective, highly conducting space-charge layers along the
boundaries between the conducting and the insulating phases.[41-43] The
results in the present study can be similarly interpreted and highlight the
importance of interface effect (here, interface between LiBH4 and MCM-41),
and suggest that significant enhancement in ionic conductivity can be achieved
via an interface engineering. Actually, giving less importance to the role of
nanoconfinement opens up the possibility of exploiting more diverse kinds of
nonporous insulating materials for the conductivity enhancement, and at the
same time the synthetic procedure becomes much simpler since the meltinfiltration process is not necessary – a ball-milling might be just enough.
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6.3.4 Synthesis of LiBH4 + fumed silica composites
In this spirit, we designed an additional set of experiment using a
nonporous fumed silica in order to further confirm the interface effect. Fumed
silica was chosen since it has the same chemical composition with MCM-41,
i.e. SiO2, and previous NMR study reported increased ionic mobility in LiBH4fumed silica composite.[44] The specific surface area of fumed silica is 362 m2
g-1 (see Table 1), and we expect that the conductivity would be higher than that
of ball-milled LM if the interface effect plays the major role. XRD patterns of
LF composites before and after ball-milling (Figure 6.3) are almost identical
except for the broadening of the LiBH4 peaks after ball-milling; the physical
nature of the starting materials is retained.
Before going further into the discussion on conductivity, we would
like to mention a few things on the mixing ratio between LiBH 4 and SiO2. It
was initially described by the theoretical volume of LiBH4 with respect to the
measured pore volume of MCM-41. This description is not any more
meaningful when nonporous material is mixed together. Instead, absolute
volume fraction will give a better grasp on the physical distribution of
conducting and insulating material inside the composite. Since the pellets for
the conductivity measurement are not a sintered dense body, the density cannot
reach the theoretical value. We therefore chose pure LiBH4 and MCM-41 (or
fumed silica) after being ball-milled and pressed under 200 MPa (the same
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condition as pelletizing) as the reference. The reference densities for ball-milled
LiBH4, MCM-41, fumed silica are 0.61 g cm-3, 1.31 g cm-3 and 1.24 g cm-3,
respectively.
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Figure 6.3 X-ray diffraction patterns of LF mixtures (a) before and (b) after
ball-milling.
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The estimated density of the mixture is then calculated by:

mixture 

wLiBH 4  wSiO2
wLiBH 4 w SiO2

 LiBH 4  SiO2

(6.1)

where wx and x are weight and reference density for the substance x in the
mixture, respectively. Comparison between measured and estimated densities
of pellets in different mixing ratios are shown in Figure 6.4. The good
agreement between the two values in the case of LM mixtures tells us that the
volume fraction of MCM-41 can be calculated based on those reference
densities. The LM 200, 150, 100, and 50% mixing ratios are converted to 27,
34, 42, and 59 vol.% SiO2. In the case of LF mixtures, the measured densities
are linearly dependent on the estimated densities, but the data points (open
square) deviate to the left from the y = x line. We performed an iterative
procedure in order to obtain SiO2 and LiBH4 that give the best agreement
between the estimated and measured densities. The adjusted densities are 1.26
and 0.67 g cm-3 for fumed silica and LiBH4, respectively, and it appears that
mixing and ball-milling increase effective density for both materials. The
recalculated points (solid square) lie on the y = x line except for the last point
(marked with an arrow) that clearly deviates from the trend. We speculate that
the last one has mostly fumed silica such that the increase in effective densities
is almost none. The adjusted reference densities give an estimation of 21, 29,
39, 55, 66, and 77 vol.% of fumed silica for the LF mixtures. Note that the
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estimated 77 vol.% includes relatively large error due to the aforementioned
reason. The conversion between wt.% and vol.% for the all mixtures are
summarized in Table 6.2.
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Figure 6.4 Comparison between measured and estimated densities of pellets in
different mixing ratios for ball-milled LM and LF mixtures.
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Table 6.2 Summary of wt.% and vol.% of SiO2 in the LM or LF mixtures used
in the present study. The number in the parenthesis has relatively large
uncertainty.
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6.3.5 Ionic condutivities of LF composites
The ionic conductivity of ball-milled LF mixtures turns out to be
indeed as high as predicted. It can be seen in Figure 6.5 that the ionic
conductivity of LF 55 vol.% sample reaches ~10-4 S cm-1 at RT. This is a
remarkably high value which is comparable to that of infiltrated LM 100 %
sample, especially given the fact that the mixture contains 55 vol.% (or 70 wt.%)
of SiO2. In addition, LF 55 vol.% mixture displays very tiny change in
conductivity at the phase transition temperature, which signifies that the ion
conduction is dominated by the interface layer between LiBH4 and SiO2 that
does not undergo a distinct solid-solid phase transition. On the other hand, 21
vol.% sample exhibits quite different temperature dependence. The
conductivity starts from ~10-6 S cm-1 at RT and jumps up to 2  10-3 S cm-1
around 112 °C, contrasting with the tiny change found in 55 vol.% upon the
phase transition. In the case of 21 vol.% sample, two different conduction paths,
one from bulk LiBH4 and the other from fast conducing interface layer, might
be contributing similarly without one being fully dominant. The conductivity
jump is obviously the bulk effect, but the fact that conductivity is still two
orders of magnitude higher than pure LiBH4 indicates significant contribution
by interface. The ionic conductivity at low temperature continuously increases
as the amount of fumed silica increases hitting the maximum at 55 vol.%, and
then starts to decrease. The ionic conductivity of LF 66 vol.% sample decreases
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to 4  10-5 S cm-1 at RT, being two times smaller than that of 55 vol.% sample.
This behavior is typical of a dispersed ionic conductor: there is an optimal
volume fraction of insulating material that maximizes the fast-conducting
interface layer percolating through a sample.[41, 42, 45, 46] Both low and high
volume fraction of insulating materials cannot provide a well-connected
interface layer network.
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Figure 6.5 Arrhenius plots of the ionic conductivities of LF mixtures in
different mixing ratios (vol.% of fumed silica in the legend). The gray dots are
data of pure LiBH4. All the data were obtained from the second heating run.
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6.3.6 Comparison of ionic condutivities between LM and LF
composites
In order to better analyze the conductivity enhancement effect induced
by two different SiO2, the normalized conductivity (with respect to that of pure
LiBH4) of the ball-milled LM and LF mixtures are plotted as a function of the
volume fraction of SiO2 at selected temperatures (Figure 6.6). We note that the
conductivity of pure LiBH4 below 80 °C was adopted from the data by
Sveinbjörnsson et al.[40] since we were unable to measure conductivity below
10-7 S cm-1 and their data show the best agreement with ours for the
orthorhombic phase. As briefly discussed, it can be clearly seen that the ionic
conductivity first increases strongly with concentration of SiO2 in both
composites, and reaches maximum at the volume fraction of 0.42 for LM and
0.55 for LF. After passing its maximum, the conductivity drops down and seems
to extrapolate to zero at some threshold concentration. The degree of
enhancement by fast conducting interface is strongly dependent on temperature
– enhancement effect is much higher at lower temperature. It can be explained
by a reasoning that the conductivity ratio interface/bulk would decrease as
temperature increases. The bulk conductivity would increase faster with
temperature since the activation energy for the bulk conduction is presumably
high. Above the phase transition temperature, interface/bulk would be an order
of one, so the mixtures exhibit similar conductivity as bulk.

153

It is worth mentioning that the optimal volume fraction to achieve the
maximum conductivity is different in LM and LF composites notwithstanding
the identical chemical composition, i.e. LiBH4 and SiO2. It could be explained
by a percolation model for dispersed ionic conductors that takes into account
the different specific surface areas or sizes of the constituting particles.[42, 43,
47] The larger specific surface area of fumed silica (362 m2 g-1) compared to
that of ball-milled MCM-41 (74 m2 g-1) allows LF composite to form
correspondingly larger area of highly conducting interfacial layer. In addition,
it was shown that smaller particle size can lead to more pronounced
enhancement in conductivity for a given volume fraction: very little or
practically no enhancement in ionic conductivity was found for particles with
larger dimensions (~8 μm).[48, 49] Since the primary particle size of fumed
silica (~7 nm) is approximately 30 times smaller than that of ball-milled MCM41 (~200 nm), the enhancement in LF samples is expected to be more
pronounced than that of LM samples. Therefore, further enhancement in ionic
conductivity might be achieved by purposely engineering the particle size,
particle shape, and volume fraction of insulator. Research in this direction is
underway.
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Figure 6.6 Normalized conductivity of the ball-milled (a) LM and (b) LF
mixtures as a function of the volume fraction of SiO2 at selected temperatures.
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6.3.7 Ionic conductivity calculation by continuum percolation model
We quantitatively interpret the volume fraction dependence of the
conductivity for the LF mixtures by employing the continuum percolation
model and the formalism developed by Roman et al.[45, 47] The conductivity
of a composite ((p)) as a function of the volume fraction of an insulating phase
(p) is expressed as follows:

 ( p)   B [ A( p)  {A( p)2  2 ( z  2  zP0 ( p)}1/2 ] / ( z  2)

(6.2)

where σB is conductivity of a bulk conductor, τ = (σA/σB) is a conductivity ratio
between the interface layer (A) and the bulk conductor (B), and A(p) = τ(1 –
zPA(p)/2) + (1 – zPB(p)/2). PX is a volume fraction of insulator, interface, and
conductor for X = 0, A, and B, respectively. z is a parameter that determines the
percolation threshold pc at which σ(p) becomes zero, and pc = (z  2)/z. The two
key parameters linked to the volume fraction of each portion (PX) are R and ,
where R is the radius of the insulator particles and  is the interface layer
thickness. The PX’s are then given by P0(p) = p, PB(p) = (1  p)3, and PA(p) =
1  p  PB(p), where  = (R + )/R. For detailed explanation on the equation,
refer to Roman et al.[45]
The normalized conductivity presented in Figure 6.6 corresponds to

(p)/B where B is the conductivity of pure bulk LiBH4. In our case, the
normalized conductivity of LF mixtures in Figure 6.6(b) are reasonably
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reproduced with the parameters, R = 3.5 nm (half the primary particle size), 
= 1 nm, and pc = 0.815. We assumed that the interface layer thickness remains
unchanged with temperature while it can be also dependent on the
temperature.[36] Figure 6.7 compares the normalized conductivity with the
simulated data (solid lines). The conductivity ratio  is critical in determining
the maximum value, and the choice of  = 105, 1.6104, and 18 for 25, 81, and
124 °C, respectively, appears reasonable. We can therefore estimate that the
interface conductivity would be 105 times higher than bulk conductivity at RT,
which makes sense since the conductivity increases by four orders of magnitude
with respect to the bulk value.
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Figure 6.7 Comparison between the measured (symbols) and simulated (lines)
normalized conductivities for the LF mixtures at 25, 81, and 124 °C.
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6.3.8 Activation energy for Li ion conduction
Looking into the temperature dependence of the conductivity in
Figures 6.2 and 6.5, one can notice that the slope varies from sample to sample,
which is natural considering the fact that different major conduction mechanism
comes into play. The apparent activation energies as a function of volume
fraction for the three sets of composites are compiled in Figure 6.8. The


activation energy ( Ea ) was determined from the Arrhenius plots of the ionic
conductivities below the phase transition temperature, following the equation
below:

 T   0 exp( Ea / kBT )

(6.3)

where σ is the ionic conductivity, σ0 is the pre-exponential factor, and kB is the
Boltzmann constant. The activation energy of ball-milled LM samples below
112 °C is 0.53~0.56 eV, much lower than that of the reported activation energy
for Li+ diffusion in bulk LiBH4 in the orthorhombic phase (ca. 0.76 eV is
obtained using the data in Sveinbjörnsson et al.[40]). It suggests that the
interface between LiBH4 and SiO2 provides a new pathway for Li+ ion which
requires much lower activation energy than that of bulk LiBH4. Surprisingly,
the activation energy for LF composites are significantly smaller, reaching 0.43
eV for LF 55 vol% composite, comparable to 0.41 eV of the infiltrated LM 100%
composite and 0.43 eV reported by Blanchard et al.[35] for the 91% pore-filled
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LM composite. The result again emphasizes that low apparent activation energy
is attributed to the increased portion of interface layer that, at the same time,
enhances the ionic conductivity of the composite. Indeed, common feature
among the three sets of composites is that higher conductivity implies lower
activation energy.
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Figure 6.8 Activation energy of Li+ conduction in infiltrated LM, ball-milled
LM, and ball-milled LF mixtures as a function of volume fraction of SiO2. For
the infiltrated LM mixtures, the same x values as the ball-milled LM mixtures
are used for convenience, and the corresponding mixing ratios (200, 150, 100
and 50%) are annotated.
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6.4 Conclusion
In this work, we have developed a fast solid state ionic conductor by
means of an interface engineering. We simply synthesized a LiBH4-SiO2
mixture by high energy ball-milling, which exhibits extremely high ionic
conductivity of ~10-4 S cm-1 at room temperature. The comparison between
infiltrated LiBH4-MCM-41 and ball-milled LiBH4-MCM-41 suggests that the
conductivity of LiBH4 can be greatly enhanced by mixing with insulating SiO2
particles even in the absence of the nanoconfinement effect. We assumed that
the interface between LiBH4 and SiO2 would be responsible for the enhanced
ionic conductivity and validated such assumption employing fumed silica with
higher surface area. The volume fraction of the insulating phase, specific
surface area, and particle size govern the enhancement effect because they
change the proportion of interface layer having a high ionic conductivity. The
activation energy of LiBH4-fumed silica mixture reaches 0.43 eV, which is
much lower than that of pure bulk LiBH4 and reflects the activation energy of
Li+ conduction through the interface layer. A better understanding of the
percolation through the interface and the direct observation of the
microstructure will help us further develop a wide variety of composite
materials with high ionic conductivity.
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Appendix II. In-situ microstructure evolution of oxide
dispersion strengthened ferritic steel under uniaxial
deformation
7.1 Introduction
The oxide dispersion strengthened (ODS) ferritic steels are considered
a promising candidate for fuel cladding material and structural applications in
reactors because of their excellent resistance to both high temperature creep and
irradiation swelling [1-5]. Dispersion of oxide particles by mechanical alloying
is a common way to improve their mechanical properties, especially creep
resistance, without losing the advantage of swelling resistance [6, 7]. Many
studies have been published on microstructure evolution of ODS steels at high
temperatures, but microstructure evolution associated with the deformation
mechanism at low temperatures has not yet been clearly indentified. The
mechanical properties of ODS steels at lower temperature are also have to be
sufficient to provide a high degree of safety during maintenance operation [7].
When a single crystal of a bcc metal is deformed in tension, a slip
occurs along the <110> direction upon the (111) plane of the crystal in the early
stage of deformation. As the deformation proceeds, the slip direction <110> in
the crystal rotates towards the tensile axis. Thereafter, the crystal becomes
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oriented so that multiple slip systems can be operated [8-9]. In case of
polycrystalline metals, an individual grain must comply with the deformation
on each of its neighboring grains. Therefore, the lattice rotations in
polycrystalline metals are not uniform within a grain; consequently orientation
rotation behavior of each grain during deformation is not easy to interpret. For
ODS steels, the problem will become more complicated because of the oxide
particle pinning effect on the matrix.
This study investigates the microstructure and microtexture evolution
of ODS steel during uniaxial tensile deformation. Specimens were elongated
by an in-situ uniaxial deformation stage equipped with high-resolution electron
backscattered diffraction (HR-EBSD) system. Microstructure and orientation
rotating behaviors of individual grains were traced during the each step of the
deformation process. ODS steel was found to change its crystallographic
orientation on deformation, depending on its initial orientations. Further, the
relationship between its mechanical properties and the distribution of
dislocations was analyzed by transmission electron microscopy (TEM) under
uniaxial deformation. This result clarifies the knowledge of the relationship
between the microstructure, mechanical properties and deformation of ODS
steel.
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7.2 Experimental procedures
7.2.1 General information of ODS steel
Commercial ODS ferritic steel (PM2000, Plansee) was chosen for
uniaxial tensile test. The nominal chemical composition of materials is Fe20Cr-5.5Al-0.5Ti-0.5Y2O3 (in wt.%). The ODS alloy was produced by
mechanical alloying, where matrix powders were mixed and milled together
with yttria particles to form solid solutions with uniform dispersion of oxide
particles, and the mixtures were then consolidated using hot isostatic pressing
and extrusion. The PM2000 alloy was supplied as a rod in non-recrystallized
state.

7.2.2 Uniaxial tensile test of ODS steel
Fig. 7.1 shows the specially designed micro deformation device used
to measure the crystallographic orientation change by EBSD during uniaxial
tension. The uniaxial tensile sample was obtained from the edge of the extruded
bar and its tensile direction was parallel to the extrusion direction. The
specimen was polished mechanically down to a thickness of 300 μm. Electro
polishing was carried out for 30 s at 20 V and a flow rate of 20 using a solution
of 10 % perchloric acid and 90 % ethanol. To measure the strain amount and
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trace the microstructure of the same area during deformation, four rectangular
micro indentation marks were placed on the specimen surface of length 140 μm,
as shown in Figure 7.1(a) Macroscopic strains at each deformation step were
obtained by measuring the relative displacement of the indentation marks along
the tensile direction in the SEM images. The tensile strain was measured to be
about 17 % along one direction. Figures 7.1(b) and (c) are digital images of the
micro deformation device before and after the uniaxial tensile test.
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Figure 7.1 Schematic representation and images of uniaxial deformation device
for EBSD measurements. (a) Sample shape for uniaxial deformation (thickness
= 300 μm), images of uniaxial deformation device (b) before and (c) after
uniaxial tensile deformation.
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7.2.3 Methods for the microstructural characterization
Electron backscattered diffraction (EBSD) mapping was performed
using a scanning electron microscope (JEOL, JSM-6500F) with the
accelerating voltage and prove current of 20 keV and 4 nA, respectively. Step
size for EBSD mapping was 0.05 μm considering the initial grain size of tensile
specimen. All crystallographic orientation data were collected from electron
backscattered patterns and processed using the software package HKL,
CHANNEL 5.
The micro hardness of PM2000 was measured at room temperature
using a Vickers indenter (ITW, 432SVD). Four indentations were made before
and after tensile deformation. All indentations were performed at a loading of
0.3 kgf and a dwell time of 5 s.
Microstructural characterization of dislocations and oxide particles
was performed using a transmission electron microscope (JEOL, JEM 3000F),
operating at 300 keV. Specimens for TEM observation were prepared using jet
polishing and using a focused ion beam (FEI, Nova nanolab 200) equipped with
a schottky field emission gun column and Ga+ ion beam column.
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7.3 Results and discussion
7.3.1 Microstructure evolution analysis
Tensile deformation was discontinued at three different uniaxial
strains to investigate the various characteristics before necking. Figure 7.2
shows orientation maps of normal direction (ND) with a band contrast map.
<001>, <101> and <111> crystallographic directions parallel to ND are
highlighted with different colors red, green and blue, respectively.
Experimental results of other studies suggest that grains in bcc metal are usually
rotated to <110> fiber texture along the extrusion direction during the extrusion
process [10-13]. In this study, a similar but less pronounced phenomenon was
observed. During uniaxial tensile deformation, only a small amount of
orientation spread was observed along the ED, suggesting that the <110> fiber
texture along the ED is stable under uniaxial tensile deformation. Instead, grain
orientation behavior was clearly observed along the ND, which represents slip
plane normal. Figure 7.2(a) exhibits elongated grains of size 1-7 µm along the
ED. The aspect ratio of the grains increased with an increase in grain size
because of the elongation of grains along the tensile direction. The grains
rotated towards the stable orientation, and highly deformed grains increase as
observed from dark contrast in the orientation map (Figure 7.2(d)). The area of
the green region indicates that <101>//ND decreases as the uniaxial strain
increases. The areas of the red and blue regions indicate that <001>//ND and
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<111>//ND increase with the strain, respectively. It is indicated that <101>//ND
rotates towards <001>//ND or <111>//ND during uniaxial deformation.
More accurate qualitative observations are possible by comparing
inverse pole figures of PM2000 to the normal direction during the deformation,
as shown in Figure 7.3. Same area of subset was selected on each normal
direction map for precise analysis. There are no specific preferred orientations
before deformation, but <001>//ND and <101>//ND are weakly dominant
compared to <111>//ND. Overall, the orientations tend to spread out as the
strain increased, and in particular, rotate towards <001>//ND and <111>//ND.
The orientation of <101>//ND is respectively weaker than other orientations
after deformation. This result agrees with the orientation rotation in the
orientation map to the ND.
To investigate the microtexture development of individual ferrite
grains, six grains which show different rotation behavior are selected and traced
from initial orientation to deformed orientation, as shown in Figures 7.2 and
7.4. The misorientation angle for the grain boundary was set to 5° for grain
identification. The remarkable orientation rotation was observed as the strain
changed from 8% to 16%. The grains close to the <001>//ND and <111>//ND
corners rotate towards the stable orientations of <001>//ND and <111>//ND,
respectively. The grains close to the <101>//ND corner moves towards the
midsection of the <101>-<111> line, which is considered the middle of the
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rotation towards the stable orientation of <111>//ND. The grains of <146>//ND
rotate towards <346>//ND, close to stable orientation of <111>//ND. On the
other hand, it should be noted that the grains of <015>//ND and <115>//ND
rotate towards <102>//ND and <236>//ND, respectively. Although these
orientations are close to the stable orientation of <001>//ND, they rotate
towards <111>//ND. <100>//ND and <111>//ND are known for the dominant
texture of ferritic steels under uniaxial tensile deformation [14, 15].
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Figure 7.2 EBSD orientation maps of PM2000 to normal direction with strain
increases of (a) 0%, (b) 3%, (c) 8% and (d) 17% during uniaxial tensile
deformation.
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Figure 7.3 Inverse pole figures of PM2000 to normal direction (a) 0%, (b) 3%,
(c) 8% and (d) 17%.
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Figure 7.4 Inverse pole figures of measured initial and final orientation of
several grains in (a) <445>//ND, (b)<001>//ND, (c) <616>//ND, (d)
<146>//ND, (e) <015>//ND and (f) <115>//ND.
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7.3.2 Effect of dislocation distribution to microstructures and
mechanical property
SEM images of Vickers indentation marking indented before and after
deformation are shown in Figure 7.5(a). Four indentation marks are clearly seen
on both images, highlighted with circles. The average diagonal distance of each
specimen before and after deformation is 39.7 μm and 43.5 μm, respectively.
The hardness was calculated by

HV 

F 1.8544 F

A
D2

(7.1)

where F is the applied force, A is the indentation area and D is the average
diagonal distance of the indentation.
Figure 7.5(b) shows the relation between the average Vickers hardness
and the indented area. The graph indicates that 17 % of the hardness increases
during uniaxial deformation. That is, the increase in hardness is related to the
hardening mechanism by deformation as well known as work hardening.
Further, finely dispersed oxide particles interrupt the movement of dislocations
and stimulate stacking of dislocations. Bako et al. [16] simulated and proved
that the inclusion of dispersoids hardens a material by pinning dislocations,
with the most equally sized and smallest radius particles producing the
strongest dispersoid materials.
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Figure 7.5 (a) SEM images of Vickers indentation marking indented before and
after deformation and (b) average Vickers hardness related to strain condition.
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In order to obtain a more detailed understanding of the distribution of
both oxide particles and dislocations under deformation, TEM analysis was
performed before and after deformation. The TEM sample was prepared by jet
polishing before deformation and its high resolution microstructure images are
shown in Figure 7.6. Dark field images were taken the scanning transmission
electron microscopy (STEM) mode to obtain clear contrast images of oxide
particles and dislocations. Oxide particles of 10-20 nm were uniformly
dispersed inside the grains. A few particles over 100 nm were also observed. A
number of dislocations are pinned by oxide particles because the sample is hot
extruded without any heat post-treatment. It suggests that large activation
energy may be needed for dislocations to overcome the interference of oxide
particles in PM 2000.
To compare the microstructures between before and after deformation,
TEM sample was prepared after deformation using a focused ion beam. The
region of dark contrast marked by the red circle in Figure 7.2(d), considered to
be one of the most deformed areas, was selected for comparison. The high
resolution dark field STEM images of the deformed area are shown in Figure
7.7. Particles smaller than 50 nm are covered with high density dislocations,
but the bigger particles are clearly observed. It is hard to distinguish individual
dislocation lines because planar networks are formed because of the pilling of
dislocations, as shown in Figure 7.7(a). Several authors have shown that
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dislocations pile up and form subgrains during deformation [17, 18]. Such
planar networks considered as subgrains may have different orientations with
neighbors, as indicated by the contrast difference in TEM image. In addition,
the intensity difference of diffraction patterns taken in the same zone axis of [1
- -

11 ] reveals the orientation difference between two subgrains, as shown in
Figure 7.7(b). In case of bright area, the intensity of the spots is uniform because
the incident beam is parallel to the zone axis. Otherwise, the intensity is not
uniform at dark area because the zone axis is slightly away from the incident
beam direction. The misorientation between two subgrains is approximately 2°
as calculated by the conversion of distance difference to angle difference [19].
In Figures 7.4(d), (e) and (f), the orientations are spread after
deformation compared to initial orientations. According to the TEM
measurement, the spread of orientation in PM2000 might be related with the
formation of the subgrains. Fine oxide particles could contribute to form a cell
structure of dislocation entanglement frequently during initial plastic
deformation. The walls between the cells are formed by the accumulation of
random dislocations that cause a very low angle misorientation [17, 20, 21].
Finally, a number of subdivided grains as shown in Figure 7.7 might increase
the orientation differences even in single grain. The accurate quantification of
the orientation spread by oxide particles will be a matter for future work.
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Figure 7.6 STEM dark field images of undeformed specimen (strain 0%).
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Figure 7.7 STEM dark field images of deformed specimen (strain 17 %). (a)
Image of subgrains formed by pilling of dislocations and (b) image of subgrains
- -

and diffraction patterns taken in the same zone axis of [111].
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7.4 Conclusion
The microstructure and texture evolution of PM2000 during uniaxial
deformation were investigated by HR-EBSD measurement on a special
deformation stage positioned inside an SEM chamber. The aspect ratio of grains
increased because of elongation along the tensile direction. The grains close to
the <001>//ND corners rotate towards the stable orientation of <001>//ND.
Other grains close to <101>//ND and <111>//ND tend to rotate towards the
stable orientation of <111>//ND. The effect of oxide particles and dislocations
on microstructures and their mechanical properties was investigated by Vickers
hardness test and TEM analysis. A 17 % increase in hardness was found after
deformation because the microstructure development was related to the
dislocations and oxide particles. This study suggested that the finely dispersed
oxide particles might contribute to form a cell structure of dislocation
entanglement which increases not only the hardness of the material but also the
orientation spreads in the microstructure.
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Appendix III. Dynamic recrystallization in high-purity
aluminum single crystal under frictionless deformation
mode at room temperature
8.1 Introduction
When a metallic material is deformed plastically at high temperature,
the storage and elimination of dislocations can occur simultaneously, which is
known as ‘dynamic recrystallization’ (DRX).1-4 For DRX, a large number of
dislocations is accumulated and eliminated by the migration of high-angle grain
boundaries. In general, there are two types of DRX: (1) continuous dynamic
recrystallization (CDRX), which involves the transformation of low-angle
grain boundaries (LAGBs) into high-angle grain boundaries (HAGBs) due to
increases in misorientation (θ) by the progressive accumulation of dislocations
at subgrain boundaries, and (2) discontinuous dynamic recrystallization
(DDRX), which occurs by the nucleation and growth mechanisms of grains
with HAGBs.5-13
However, the high stacking fault energy of aluminum results in the
cross-slip and climb of dislocations, such that the value of the stored energy is
too low to cause DRX. Therefore, the energy restoration of aluminum generally
takes place not through DRX, but through dynamic recovery (DRV).14
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Nevertheless, several researchers have reported that DRX could take place in
aluminum in special conditions, such as equal channel angular extrusion, cyclic
deformation, and hot compression at high temperature.5,15-20 Most previous
reports indicated that appropriate temperature was necessary for the occurrence
of DRX. Yamagata et al.18 reported that the DRX took place during
compression tests of high-purity aluminum at room temperature, which means
that DRX can take place in high-purity aluminum without thermal assistance.
Kassner et al.21,22 also performed compression tests of high-purity aluminum at
ambient temperature and demonstrated the saturation in the flow stress as
softening due to DRX. However, since the specimens are in contact with the
compression platens and the lubricant in compression tests, there may be doubts
as to whether DRX is induced by friction between a specimen and compression
platens. Moreover, higher strain than 2.0 in compression tests may lead to selfheating of specimen, which may promote the onset of DRX. To exclude the
effect of friction, Ponge et al.23 carried out frictionless tensile tests, and reported
the occurrence of DRX in aluminum single crystal (99.9995% purity) at 260°C
by a stress drop in the stress-strain curve. However, they did not show the
occurrence of DRX in aluminum at room temperature. Kassner et al.21,22 also
performed frictionless torsion tests at ambient temperature, but they may have
the self-heating problem due to large amount of applied strain (ε > 2.0).16,24,25
Furthermore, Ponge et al.23 and Kassner et al.21,22 presented the stress drops in
the stress-strain curve as indirect evidence of DRX during tensile or torsional
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deformations, but they did not carry out direct observation of the DRX during
the deformations.
In this work, to discuss the occurrence of DRX at room temperature,
we performed a frictionless tensile test of pure aluminum using a specially
designed in-situ micro deformation device positioned inside an electron
backscattered diffraction (EBSD) system chamber. This in-situ EBSD
observation can provide the direct information on microstructure and texture
evolution during the deformation. To exclude the self-heating of specimen due
to high strain, a micro-crack that localizes the stress at very small region was
intentionally introduced by controlled local necking. Therefore, we could
observe DRX very easily at a desired location with small strain (ε < 0.3)
inducing little self-heating.

8.2 Experimental procedures
8.2.1 Sample preparation for EBSD measurement
High-purity aluminum single crystal with a purity of 99.9999 % was
grown from melt using Bridgman’s method. Specimens were cut out of the
single crystal so that they have an orientation with low indices, and then the
orientation of {001}<110> was chosen. Figure 8.1(a) shows the specially
designed sample used to analyze the microstructural evolution during the DRX
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of aluminum under plane strain tension. In order to induce stress localization,
the thickness of the center region of the specimen was gradually reduced from
1.5 mm to 0.3 mm by machining. The upper side of the specimen was thinned
by mechanical polishing, and then polished electro-chemically to remove
residual stress on the surface. Four micro-indents were marked on the center of
the polished surface for positional reference to measure the strain using a micro
Vickers hardness tester. Before tensile loading, we confirmed that the specimen
is a perfect single crystal with an initial orientation of {001}<110> using an
EBSD.

8.2.2 In-situ tensile test and microstructural characterization
Figure 8.1(b) displays a digital image of an in-situ tension device
designed for EBSD measurement. The specimen was uniaxially elongated at
room temperature using the in-situ tension device equipped in scanning electron
microscope (SEM) (JEOL, JSM-6500F). The tensile direction was set parallel
to the <110> crystallographic direction of the specimen. All crystallographic
orientation data were collected from electron backscattered patterns, and
processed using a software package (INCA Crystal and HKL Channel 5, Oxford
Instruments). After EBSD measurements of the deformed specimen, a crosssectional sample was prepared using a dual beam focused ion beam (FEI, Nova

194

NanoLab 200) to analyze the microstructure in a highly deformed region. Its
grain and dislocation structure were observed by a high-resolution transmission
electron microscope (TEM) (JEOL, JEM-2100F).
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Figure 8.1 (a) Schematic of sample designed for dynamic recrystallization
observation and (b) digital image of in-situ tension device.
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8.3 Results and discussion
8.3.1 In-situ tensile test of aluminum single crystal
Figure 8.2 shows the surface image and the corresponding orientation
image maps of the loading direction (LD) and normal direction (ND) before
applying loading. The red, green and blue colors represent the <001>, <110>
and <111> crystallographic orientations, respectively. Figures 8.2(a) and 8.2(b)
show that the specimen is perfectly single crystal with the initial orientation of
{001}<110> before tensile loading. We also checked the microstructure and
orientations of other regions of the specimen, showing the same result as Figure
8.2. Therefore, by using aluminum single crystals, we could disregard the effect
of pristine grain boundaries on DRX interrupting dislocation movement.
The specimen was uniaxially elongated using the in-situ tension
device at room temperature. Figure 8.3 exhibits the SEM images at each
deformation step showing the relative displacements of the marked indents. It
reveals that the minor strain was approximately - 1.2 %, while the major strain
was 30 %, representing that plane strain condition was well satisfied. Necking
of the specimen took place at 23% strain and a crack started propagating at 27%
strain.
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Figure 8.2 SEM image showing the surface of the specimen before applying
load and corresponding orientation maps of (a) LD and (b) ND.
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Figure 8.3 In-situ SEM images at strains of (a) 0%, (b) 10%, (c) 20%, and (d)
30% showing the relative displacements of the marked indents.
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8.3.2 Dynamic recrystallization of high purity aluminum at room
temperature
EBSD analysis was performed along the crack propagation direction
at 30% strain. The dynamically recrystallized grain structure was fully
developed around the crack propagation route. It should be noted that the strain
of 30% is quite smaller than that for inducing DRX in other previous researches,
which may disregard the self-heating effect on DRX. Figure 8.4(a) shows the
measured orientation image maps of the LD and ND in the necking/crack region
of the specimen. It can be seen that the blue and pink colors, which represent
the <111> and <112> directions, are dominant in the LD and ND maps,
respectively. This means that the initial {001}<110> orientation rotates towards
the stable orientation of {112}<111> during the plane strain tension.26,27 The
left side of the crack area represented by blue color in the ND map might be
due to the surface inclination by necking.
In addition to the changes in crystallographic orientation, interestingly,
newly created grains with sizes varying from 100 μm to 300 μm were observed
along the crack propagation route, and had orientations that differed from the
surrounding orientation. The corresponding orientation images reveal that the
DRX could take place at room temperature during plastic deformation in
regions severely deformed locally, such as crack propagation routes or necking
areas. Also, another specimen with the initial high-index orientation of
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{114}<252> showed the same dynamic recrystallization behavior along the
crack propagation route (not shown here). The recrystallized grains shown in
Figure 8.4(a) have directionality, such that the recrystallized grains grow along
the directions with angles less than 25 from the crack propagation direction.
Furthermore, recrystallized grains were observed not only around the crack, but
also at the front of the crack tip shown in Figure 8.4(a). It could be considered
that new grains with HAGBs formed and grew preferentially at the necking
region, after which a crack propagated across the recrystallized grains. Figure
8.4(b) shows inverse pole figures with the orientation distribution of the
recrystallized grains to LD and ND. The {001}<100> cube texture seems to be
slightly dominant, but it is more reasonable that the overall texture is relatively
random. The details about the directional grain growth and random texture
evolution during DRX will be discussed in the future.
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Figure 8.4 (a) Orientation maps of dynamic recrystallized grains along the
necking area at a strain of 30% and (b) inverse pole figures showing the
orientation distribution of the dynamically recrystallized grains.
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8.3.3 Microstructure evolution: nucleation stage
In order to understand the microstructural evolution in the nucleation
stage of the new grains, the most severely deformed region marked by the white
circle in Figure 8.4(a) was selected and analyzed using a TEM. Figures 8.5(a)
and (b) show the cross-sectional TEM images of the selected region. It can be
seen in the images that the pure aluminum single crystal was divided into small
subgrains, some of which have distinct grain boundaries. Also, a dislocation
network with the appearance of grain boundaries was discovered, as indicated
by white arrows in Figure 8.5(b). This can be significant evidence showing the
formation of subgrain boundaries by dislocation accumulation. Figure 8.5(c)
shows the orientation map and misorientation line scan graph of the selected
area of Figure 8.5(a) (red square), which was analyzed by a high-resolution
TEM-EBSD system to accurately measure the misorientation between
subgrains. From the misorientation line scan, it was seen that the misorientation
varied from 1 to 14 indicating the existence of at least two different types of
subgrain boundaries, which were possibly evolved by different dislocation
accumulation mechanisms. These boundaries have been termed incidental
dislocation boundaries (IDBs) and geometrically necessary boundaries (GNBs),
in which IDBs form by networking of dislocations into low-energy
configurations and GNBs form between regions of different strain patterns to
accommodate the accompanying difference in lattice rotation.28-30 Hughes et
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al.28 suggested that average misorientation angle increases more rapidly with
strain for GNBs than IDBs in Al and Ni polycrystals. So, we can propose that
the very LAGB (θ < 5) shown in Figure 8.5 may be comparable to IDBs, while
the LAGB (5 < θ < 15) may be GNBs formed to accommodate large lattice
rotation. As strain increases, dislocations that form the GNBs can develop into
HAGBs, which are equivalent to ordinary grain boundaries. CDRX can be
another possible mechanism for the formation of HAGBs, because it is
described by the accumulation of dislocations within the crystallites, the
generation of LAGBs, the subsequent increase of their misorientation angles,
and their possible transformation into HAGBs. However, McQueen et al.31
suggested that CDRX is not a viable concept for deformation in aluminum
single crystal because CDRX invokes continuously increasing misorientation
of dislocation walls, which is inconsistent with TEM observations. Furthermore,
several researchers reported that CDRX barely take place if purity of aluminum
is higher than 99.999 %.32,33 Therefore, it can be considered that the subgrains
with GNBs were transformed into grains with HAGBs with increasing strain,
and the small grains with HAGBs could have acted as nuclei for DDRX.
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Figure 8.5 TEM images and orientation map of the severely deformed region
marked by a white circle in Figure 4(a). (a) Bright-field image of the severely
deformed region, (b) high-angle annular dark-field image showing dislocation
network and LAGBs, and (c) orientation map and misorientation line scan
graph indicating coexistence of IDBs and GNBs.
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8.3.4 Microstructure evolution: grain growth
To investigate the DRX procedure after the nucleation of grains with
HAGB, the region highly deformed by 30% indicated by a white square in
Figure 8.4(a) was selected. The region was deformed additionally by 3% using
the in-situ tension device, and then its microstructure evolution was examined
using an EBSD. Figures 8.6(a) and (b) show the ND orientation maps of the
area deformed by 30%, and an additional 3%, respectively. The black, green,
and white lines in the figure indicate very LAGB (θ < 5), LAGB (5 < θ < 15),
and HAGB (θ >15), respectively. As shown in Figure 8.6, several interesting
and significant behaviors can be observed. Grains 1 and 2 were separated at a
strain of 30%, but they were connected during additional deformation, which is
due to the highly deformed region between two grains (grains 1 and 2) being
transformed into a strain-free region by grain growth via the movement of
HAGBs. In addition, the small grain 3 was nucleated on the grain boundary of
grain 1 at 30% strain, and grew by additional deformation. The grain boundary
of grain 3 consists of two parts of LAGB and HAGB, and the average
misorientation between grain 3 and the surrounding deformed region is
approximately 13. The two results represent that the dynamically nucleated
grains at the severely deformed region grew during additional deformation,
which is in agreement with the mechanism of DDRX. The fast movement of
HAGBs during DDRX, as shown in Figure 8.6, must be caused by the high
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purity of the aluminum.9,17,32-34 In addition to the grain growth, the generation
of new very LAGBs inside the recrystallized grains was observed, representing
the creation of new subgrains during further deformation after DRX. In general,
it has been known that the dynamic restoration process changes from DDRX to
CDRX as the deformation temperature decreases,33 and that it is very difficult
for DDRX to occur in aluminum at room temperature.35 However, these
experimental results consequently show the possibility of DDRX in aluminum
at room temperature, which is considered to be due to the stress localization
and high purity (99.9999%) of the aluminum.
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Figure 8.6 Orientation maps of the region marked by a white square in Figure
8.3(a), showing the grain growth of dynamically recrystallized grains as
increasing strain. (a) 30% strain and (b) 33% strain.
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8.4 Conclusion
This study has clarified the DRX procedure of an aluminum single
crystal with a high purity of 99.9999% under frictionless deformation mode at
room temperature via in-situ observation of DRX using an EBSD and TEM. By
introducing a micro-crack that localizes the stress at very small region, the selfheating of specimen due to high strain could be disregarded. The recrystallized
grains showed a preferred growth direction and relatively random texture. The
microstructural evolution during the DRX in high-purity aluminum at room
temperature could be explained by DRV and DDRX. IDBs i.e., very LAGBs
were formed by the random networking of dislocations multiplied by localized
severe plastic deformation due to DRV. The generation of small grains with
HAGBs took place due to the transformation from GNBs to HAGBs with
increasing strain. The small grains with HAGBs acted as nuclei for DDRX, and
then grew by further deformation, and the grains subjected to DDRX were
divided into subgrains again during the deformation. DDRX in pure aluminum
could take place under frictionless deformation mode at room temperature, and
it might be greatly influenced by the mechanical response of grain boundary
migration stimulated by the high purity of the aluminum. Therefore, the severe
plastic deformation induced by stress localization and the high purity are key
issues for the DRX of aluminum at room temperature.
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요약 (국문초록)
Si과 Ge은 아주 높은 중량/부피 당 배터리 용량을 가지기
때문에, 차세대 리튬 이온 전지의 음극 물질로 크게 주목을 받고 있
다. 하지만, 리튬 충방전 시 발생하게 되는 부피 팽창 및 수축에 의
해 전기 화학 반응 중 필연적으로 재료의 파괴가 발생 하게 된다.
이러한 재료의 파괴는 음극 재료의 단락을 일으키고 부반응이 일어
나는 새로운 표면을 제공하기 때문에 결과적으로 배터리 성능 저하
와 직접적으로 연결 되게 된다. 따라서, 전기 화학 반응 중 발생하
는 재료의 기계적 거동 및 파괴를 이해 하는 것은 고용량 배터리
설계에 있어 필수적인 요소라고 할 수 있다. 본 논문에서는 Si과
Ge의 충방전 시 발생하는 응력과 미세 구조 변화를 분석함으로써
전기 반응에 따른 재료의 기계적 특성 변화를 이해하는 것을 주 연
구 목적으로 하였다.
2장에서는 높은 전류 밀도 조건에서 충전 시 발생하는 결정
질 Si wafer의 미세 구조 변화를 연구 하였다. 연구 결과 충전 시
재료 내부에서 진행 되는 미세구조 변화는 결정의 성장 방향에 크
게 영향을 받는 것으로 확인 되었다. {110} Si wafer의 경우 Li과의
반응으로 인해 표면에 형성 된 LixSi 상과 Si간의 경계가 아주 날카
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롭고 평평한 것을 관찰하였다. 하지만, {100} Si wafer의 경우 Si 내
부에 혈관과 같은 아주 복잡한 형태의 LixSi 상이 형성 되어 있는
것을 확인 할 수 있었다. 이와 같은 복잡한 구조는 재료 내부에 결
함 없이는 형성 되기 어려움을 재료 내부의 에너지 계산을 통해 도
출 하였다. 고분해능 TEM을 이용하여 {100} Si wafer 내부에 미세
한 마이크로 크랙이 있는 것을 관찰 하였으며, 그 형상 또한 복잡한
LixSi상과 비슷한 것을 확인 할 수 있었다. 이러한 결함은 리튬 이
온이 빠르게 움직일 수 있는 경로로 사용 될 수 있으며, 그 결과 형
성 된 LixSi 구조는 충방전 시 배터리 특성의 저하를 가지고 올 수
있기 때문에 빠른 충전을 필요로 하는 음극 재료 설계에 참고 자료
로 활용 될 것으로 기대되는 바이다.
3장에서는 리튬과 반응한 비정질 Si 박막의 여러 가지 기계
적 특성을 평가 하였다. 다양한 조성에서의 LixSi상의 파괴 에너지
를 분석 하기 위해서, 우리는 간단한 구부림 실험을 진행하였다. Cu
기판 위에 증착 된 Si 박막 재료는 다양한 조성까지 충전이 진행 된
후, 위치 별로 곡률이 다른 타원 틀에 장착 한 뒤 구부림 변형을 시
켰다. 변형 후 박막에 크랙이 발생 한 곳과 발생하지 않은 곳이 있
는 것을 확인 할 수 있었으며, 그 경계점을 크랙이 발생하기 위한
한계 변형율로 정의 할 수 있었다. 기판 곡률 관찰법을 통해 우리는
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충전 중 각각의 LixSi상의 탄성 계수와 응력을 계산 할 수 있었다.
이렇게 얻은 데이터를 파괴 에너지 계산 식에 대입하여, 우리는 손
쉽게 다양한 조성에서의 LixSi상의 파괴 에너지를 얻을 수 있었다.
그 값은 비정질 Si의 경우 약 12.0 ± 3.0 J m-2의 값을 가졌으며,
Li3.28Si의 경우 약 10 ± 3.6 J m-2의 값을 가지는 것을 확인 할 수
있었다. 이를 통해 우리는 상대적으로 연성을 가지는 리튬과 혼합상
을 형성 하더라도, 파괴 거동은 취성 파괴를 보인다는 것을 확인 할
수가 있었다.
4장에서는 리튬 충방전 중 비정질 Ge 박막에서 발생하는
응력 변화를 관찰하고 기계적 특성을 평가 하였다. 리튬 충방전 시
상대적으로 얇은 박막 (~ 100 nm)은 두꺼운 박막 (~ 300 nm)에 비
해서 반응 후 표면에 크랙이 형성 되지 않는 것을 관찰 하였다. Si
의 경우와 동일하게 기판 곡률 관찰법을 통해 충전 중 각각의
LixGe상의 응력을 계산 할 수 있었다. 비정질 Ge은 Si과 마찬가지
로 리튬 충방전 중 소성 변형을 받게 되지만, 그 응력 값이 Si에 작
용되는 값보다 작은 것이 관찰 되었다. 충방전 중 계산 된 응력 곡
선으로부터 LixSi상의 탄성 계수를 계산 할 수가 있었으며, 그 값은
순수한 Ge 보다 훨씬 더 낮은 값을 보이는 것을 확인 하였다. 앞선
실험에서 얻은 기계적 물성 값들을 파괴 역학식에 대입하여 파괴
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에너지를 계산 할 수 있었으며, 그 값은 각각 8.0 J m-2 (a-Li0.3Ge)
와 5.6 J m-2 (a-Li1.6Ge)으로 계산 할 수 있었다. 이 값들 또한 Si과
마찬가지로 취성 파괴를 보이는 재료에서 주로 관찰되는 값으로 확
인 되었다. 하지만, Ge은 충방전 중 상대적으로 낮은 응력이 작용하
고 변형의 이방성이 적다는 점에서 Si 보다는 훨씬 더 개선된 배터
리 성능을 보일 것으로 기대 된다.
위와 같이 본 연구에서는 고용량 음극 재료의 충방전 시 발
생하는 응력 및 기계적 거동을 간편한 방법으로 분석 할 수 있는
방법을 제시하고 있으며, 이를 통해 계산 된 기계적 특성 값들은 기
계적으로 안정한 음극 재료를 개발하는데 있어 중요한 기초 자료로
사용 될 것으로 기대 된다.
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