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ABSTRACT 

Challenges to battery technologies have been traditionally understood in terms of 

the electrochemistry of materials. A number of disadvantages are associated with lithium 

ion battery systems, which include stress-induced material damage and large volume 

deformation due to lithium ion swelling. Therefore, there is a need for better design, 

operation, and control of lithium ion batteries to meet the growing demands of energy 

storage. Physics-based modeling and simulation methods provide the best and most 

accurate approach for addressing such issues in lithium ion battery systems.  

This dissertation aims at investigating the mechanical behavior of high capacity 

negative electrodes in Li-ion batteries within the multiscale framework. To achieve this 

goal, a coupled equation based on continuum formulas for diffusion and stresses are 

developed. However, this model does not predict the concentration effects on the material 

properties of electrode materials. Therefore, the variation of mechanical stiffness and Li 

diffusivity as a function of Li concentration will be calculated by the density functional 

theory method. The modified diffusion-induced stress model is reformulated so that I can 

apply it to the changing of material and discretized for finite element analysis. The model 

is used to investigate several important issues of stress distribution in Si and prelithiated 

Si nanowires. This thesis outlines the investigation of material properties, electrode 

particle size, and charging rate effect on stress evolution of electrodes in Li-ion batteries.  

To explore the failure mechanism of the Si anode, the elasto-plastic stress analysis 

is performed. The microscopic mechanism of large plastic deformation is explained, 

which is to continuous Li-assisted breaking and reforming of Si-Si and Li-Si bonds. The 
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stress evolution in finite element analysis is calculated to compare the elastic and the 

plastic effect.  

For rational design of Si-based anodes, a silicon dioxide electrode is suggested for 

next-generation high-capacity anode materials for lithium-ion batteries. With a purpose 

of clarifying Li+ insertion behavior into silicon dioxide (SiO2) at an atomic level, 

lithiation mechanisms, structural evolution, and voltage profiles of silicon dioxide are 

calculated by density functional theory calculations. In the theoretical calculations, we 

elucidate that amorphization of SiO2 is an effective way to improve its reactivity and 

reversibility toward Li+ insertion and extraction. The possible reaction mechanism of 

amorphous SiO2 is proposed based on the theoretical calculation and experimental 

validation in this thesis. Furthermore, to overcome the shortcomings of silicon dioxide, a 

silicon sub-oxide anode is suggested, which is fabricated by using an oxygen reduction 

method in the presence of a transition metal.  

Li-ion batteries are an emerging field that couple electrochemistry and mechanics. 

This thesis aims to understand the deformation mechanism, stresses, and fracture 

associated with the lithiation reaction in Li-ion batteries, and hopes to provide new 

insight into the rational design of robust, high-capacity Si-based anode materials.  

 

Key words: Multiscale, Density function theory, Finite element method, Li-ion battery, 

silicon anode. 

Student ID : 2009-23910 
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Chapter 1 Introduction 

Energy storage is a crucial aspect in achieving clean energy. For the foreseeable 

future, the development of efficient high-capacity batteries is an important technological 

challenge.[1, 2] In addition to current consumer electronic applications that are sensitive 

to weight and size, such as portable computing and telecommunication equipment, 

batteries are at the forefront of efforts to commercialize plug-in hybrid electric vehicles 

(PHEV) and electric vehicles (xEV) for the mass market.[3]  

Various kinds of batteries are currently available, but Li-based batteries currently 

outperform other systems because of their high energy density and design flexibility 

(Figure 1.1).[4, 5] Companies worldwide are racing to develop higher energy density 

electrodes for Li-ion batteries. However, key performance characteristics such as high 

energy density have not been continuously improved. As one of the high capacity 

alloying materials, silicon has attracted much attention in the search for novel electrode 

materials for Li-ion batteries.[6, 7] A variety of approaches have been explored to 

improve the performance of the silicon electrode, including nanoengineering, structure 

optimization, and coating treatment.[8-13] Quite a few of these studies have reported on 

interesting phenomena in the silicon electrode. The most interesting being the large 

volume change, up to 300%, and mechanical crack propagation. Therefore, motivated by 

the exciting prospects of the silicon electrode in Li-ion batteries, I decided to focus on the 

mechanical and electrochemical aspects of the Li-ion battery to improve its performance.  
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This chapter provides an introduction to the working principles of Li-ion batteries 

and thermodynamics in a battery system. The chapter concludes with an outline of the 

structure of this thesis.  

1.1 Basics of Li-ion batteries 

Li-ion batteries convert energy between chemical and electrical forms. The Li-ion 

can diffuse into and react with nearly all materials. Any material that conducts electrons 

may in principle serve as an electrode.[4, 14] A schematic of a Li-ion battery is presented 

in Figure 1.2. A battery is composed of several electrochemical cells that are connected in 

series and/or in parallel to provide the required voltage and capacity, respectively. Each 

cell consists of a positive and a negative electrode separated by an electrolyte solution 

containing dissociated salts, which enable ion transfer between the two electrodes. Like 

any other electrochemical system, when the two electrodes are connected through an 

external conducting wire, chemical reactions proceed in both electrodes. In typical 

batteries, the anode consists of graphite or some other form of carbon. The cathode is a 

hierarchical structure with a particulate aggregate of a compound oxide of lithium 

embedded. Electrical leads are connected to the two collectors and are attached to the 

load during discharge and to the power supply during charging. When the two different 

electrodes are connected, Li atoms diffuse from the electrode with a high chemical 

potential of Li (i.e., the negative electrode) to the electrode with a low chemical potential 

of Li (i.e., the positive electrode). In parallel, electrons flow through an external circuit 

from the negative to the positive electrode to keep the electrodes electrically neutral. Both 

the ionic and the electronic processes are reversed when the battery is charged by an 

external power source.   



3 
 

 

1.2 Thermodynamics 

In the energy storage system, the driving force for electrochemical reactions is the 

difference in the values of the standard Gibbs free energy of the products and that of the 

reactants. The Gibbs free energy for a reversible electrochemical reaction is given by 

ΔG = ΔH −TΔS      (1.1) 

where ΔG is the Gibbs free energy. ΔH and ΔS are the enthalpy and the entropy, 

respectively. T is the absolute temperature. 

The reaction between the reactants involves not just ions but electrically neutral 

atoms. The chemical driving force upon the mobile Li ion is balanced by an electrostatic 

driving force in the opposite direction when the electronic circuit is open. This balance 

can be simply expressed as an energy balance 

ΔG = −nFE       (1.2) 

where n is the number of electrons transferred per mol of reactants, F is the 

Faraday constant, and E is the voltage of the cell.  The voltage of the cell is unique for 

each reaction couple. The amount of electricity produced, nF, is determined by the total 

amount of materials available for the reaction and can be thought of as a capacity factor; 

the voltage can be thought of as an intensity factor. 

The thermodynamic properties of a material related to the change in Gibbs free 

energy is defined as the chemical potential. The chemical potential µi for species i is 

related to another thermodynamic quantity, the activity ai. The defining relation is 

0 lni iRT aµ µ= +     (1.3) 
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where µi is a constant, the value of the chemical potential of species i in its 

standard state. R is the gas constant, and T is the absolute temperature.  

The activity of a species is its effective concentration. If consider an 

electrochemical cell in which the activity of i is different in the two electrodes, ia  (-) 

corresponds to the activity in the negative electrode, and ia (+) corresponds to the 

activity in the positive electrode. The difference between the chemical potential on the 

positive side and that on the negative side is written as 

[ ]( ) ( ) ln ( ) / ( )i i i iRT a aµ µ+ − − = + − . If this chemical potential difference is balanced by 

the electrostatic force from Eq. (1.2), we get:  

( )ln
( )

i

i

aRTE
nF a

 +
= −  − 

    (1.4) 

Equation (1.4) is called the Nernst equation and relates the measurable voltage 

between two electrodes to the chemical difference across an electrochemical cell. If the 

activity of species i in one of the electrodes is a standard reference value, such as Li metal 

in a Li-ion battery system, the Nernst equation provides the relative electrical potential of 

the other electrode vs Li/Li+. 

 

1.3 Mechano-electrochemistry in Li-ion batteries 

A major cause of damage emerges from the swelling and shrinking of the active 

particle during lithiation and delithiation.[15, 16] Each electrode consists of host atoms 

and guest atoms (Li atoms). In the cathode particle, the host atoms form a framework and 

the guest species are inserted into the host framework over a large range of compositions 
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without any changes in the structure of the crystalline lattice. However, in the anode 

material, the host atoms react with the guest species and undergo a phase transformation, 

which results in significant structural transformations.[8, 14] When Li ions are 

intercalated into the host anode material, it results in a large volumetric expansion and 

severe structural changes. This volumetric expansion causes strain inside the material. 

Non-uniform strain results in stress evolution in the active material. As Li ions are 

inserted and extracted during the cycling of batteries, the anode active materials undergo 

a cyclic load of diffusion-induced stress. The lithiation-induced stress and fracture often 

lead to the loss of active materials and rapid degradation of capacity, which limit its 

commercialization, as shown in Figure 1.3.  

Recent experiments and theories show evidence that mechanics significantly 

influences the chemistry of lithiation in a Li-ion battery.[17-20] The mechanical energy 

induced by lithiation/delithiation contributes to the free energy associated with the 

reaction. To predict the stress effects on the electrochemistry in a Li-ion battery system, I 

studied a diffusion-induced stress model, based on the thermal stress analogy. In 

particular, examples include the diffusion of Li in Si and SiO2.  

Challenges to battery technologies have traditionally been understood in terms of 

the electrochemistry of materials. While these continue to be important, it has become 

increasingly evident that a complementary understanding of how electrodes sustain 

insertion-induced deformation without degradation holds great promise for future high-

density batteries. 
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1.4 Organization of the present thesis 

The goal of this thesis is to understand the mechanics of Li-ion insertion into an 

electrode within a multiscale analysis. The main subject of the present thesis has been 

divided into five parts. In chapter 2, concentration-dependent material properties are 

introduced for multiscale analysis of the electrode by using density functional theory 

calculation. From DFT simulations, elastic softening of mechanical properties is observed 

and the increasing diffusivity of Li is calculated as function of Li concentration. In 

chapter 3, I formulate a theory that couples lithiation and mechanical deformation for the 

finite element method analysis. The concentration-dependent stress evolution during 

lithiation/delithiation is studied using Si and prelithiated Si nanowires. In chapter 4, I 

consider the effect of plastic yielding to understand the failure mechanism during 

lithiation. A comparative study between elastic and plastic effects are also discussed in 

detail.  

In chapters 5 and 6, I explore the potential of using silicon dioxide as an 

alternative Si-based anode material. The lithiation mechanism of amorphous silicon 

dioxide is studied by both theoretical and experimental studies in chapter 5. The possible 

reaction mechanism of amorphous SiO2 is proposed based on the theoretical calculation 

and experimental validation in this work. Furthermore, I suggest the use of a silicon sub-

oxide anode to modify the performance and overcome the shortcoming of a silicon 

dioxide anode. The enhancement in the mechanical and thermal stability of the SiO2-

x/TiO2-x composite during cycling provides new insights into the rational design of robust, 

high-capacity Si-based anode materials, as well as their reaction mechanism. 
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Figure 1.1. Comparison of various battery systems in terms of volumetric and 

gravimetric energy density.[1]  
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Figure 1.2. Schematics of a Li-ion battery during charging. 
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Figure 1.3 Pristine Si thin film before cycle (a) and cracked Si thin film after the 5 

cycles of lithiation and delithiation: (b) top view, (c) side view. 
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Chapter 2 Concentration-dependent electro-chemical and mechanical 

characteristics 

In this chapter, the Li kinetics and mechanical properties of LixSi are studied 

using density functional theory (DFT) calculations. The calculated results can provide 

mechanical information in terms of the structural phase change during lithiation, and the 

atomic level description of Li diffusion mechanisms in various phases of crystalline LixSi 

(c–LixSi) compounds. The macroscopic diffusivity of Li in Li–Si systems was determined 

using a kinetic Monte Carlo (KMC) simulation, revealing the macroscopic behavior of Li 

in an amorphous environment as well as the mechanism of interfacial development. 

 

2.1 Introduction 

Due to the possible application of nano-structured silicon as a high-capacity 

negative material in LIBs (3580 mAh/g), Si is considered for next-generation anode 

materials in LIB. However, there is an intrinsic problem using silicon as electro-chemical 

cells because Si anodes experience enormous volume change during the charging and 

discharging process of lithium. This volume change occurs because Si forms a binary 

alloy with lithium during lithiation, such as LiSi, Li12Si7, Li7Si3, Li13Si4, and Li22Si5. 

These binary alloys form crystalline structures over 400°C and show distinct voltage 

plateaus for each two-phase region.[21, 22] Because room-temperature Li–Si alloys are 

almost in the amorphous state and Li–Si alloys form Li15Si4 when Si is fully lithiated, 

alloying with lithium is considered to be one reason for capacity fading with mechanical 

failure of the active material during cycles.[23-25]  
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To overcome mechanical failure, various anodes have been proposed and 

designed using the continuum-level model, such as nanoparticles, thin films, and 

nanowires. These structures are well simulated by mathematical models of deformation 

during lithiation and delithiation, but the mechanical properties of Li–Si, such as Young’s 

modulus and Poisson’s ratio, are rarely considered or assumed to be constants that are 

defined in terms of the simple rule of mixtures. Chevrier et al. first reported electro-

chemical and mechanical information for the Li-Si crystalline compound in silicon 

anodes using DFT calculations with the local density approximation (LDA).[21, 26] 

Recently, Hwang et al.[22] and Shenoy et al.[27] have proposed mechanical properties 

using DFT with the generalized gradient approximation (GGA). For the continuum-level 

model of silicon during lithiation, Shenoy et al. compute Young’s modulus, the shear 

modulus, and Poisson’s ratio with the complete elastic constants of Li–Si crystalline 

compounds. While many studies refer to Shenoy’s studies for the continuum-level model 

of Si anodes, there has been little discussion on the underestimation of the mechanical 

properties for Si, and Chevrier’s studies using LDA calculations have not been 

considered in greater detail. 

In the case of lithiation kinetics, the Li diffusion in a single c–Si surface was 

observed to be highly anisotropic.[28, 29] Moreover, the crystalline–to–amorphous phase 

transformation rate seems to strongly depend on the invasion direction of the lithium, 

with invasion along the <110> direction reported to be the fastest. The lithiation process 

of amorphous Si (a–Si) was also studied in our previous work. Our studies reveal that the 

structural transition, or new phase formation, upon lithiation/delithiation is an important 

issue.[30] On the other hand, the lithium ion migration dynamics in Li–Si alloys present 
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another important physics problem, which is strongly associated with the speed of the 

structural phase transition. Although Li ion diffusion behavior in c– and a–Si has been 

intensively studied from ab-initio studies and experimental approaches, there is little 

information concerning Li ion diffusion behavior in the Li–Si alloy phase.[31-33] 

Furthermore, the Li–Si phases dominate the lithiation/delithiation process of the Si anode, 

and the phase transition process between various Li–Si alloys are controlled by Li 

diffusivity within the Li–Si phases and at the interface region. 

The experimental studies and theoretical analyses of Li diffusivity in LixSi (x > 1) 

show a discrepancy in the reported Li diffusivity values for x > 1, with diffusivities 

spanning two to three orders of magnitude: DLi ≈ 10–11–10–8 cm2 s–1 at room temperature. 

Recently, Shenoy et al. performed ab-initio molecular dynamics (MD) simulations to 

observe the Li migration in a Li1Si medium in liquid phase.[34] Qu et al. developed a 

modified embedded-atom method (MEAM) potential for the Li–Si binary system to 

calculate DLi using classical MD simulations. The resulting extrapolation techniques from 

the liquid to the solid phase predicted different values for Li diffusivity.[35, 36]  

In general, Li diffusion is inherently atomistic, and long simulation times are 

required to describe the macroscopic motion of Li atoms using MD. Although these 

advanced computational studies produced a precise understanding of the Li kinetic 

behavior in liquid Li–Si systems, the attempts to extrapolate the results into solid phase 

are still far from quantitative and are not capable of determining the details of the Li 

kinetic behavior in solid-state Li–Si systems. Yao et al. reported Li migration energy 

barriers using ab-initio calculation. Although they have not determined the Li diffusivity 
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in LixSi phases, their vacancy-mediated Li migrations show relatively lower migration 

energy barriers in bulk LiSi and Li2Si alloys, which is consistent with our results. 

 

2.2 Density Functional Theory 

Ab initio calculations for the DFT study of LixSi model systems within a local 

density approximation were performed using the Vienna Ab initio Simulation Package 

(VASP).[37-39] For these calculations, the projector augmented wave (PAW) method 

was selected to best describe the interactions between an ion core and valence electrons, 

where the Li-sv pseudopotential-treated semi-core 1s state was used as the valence 

electron for providing an accurate description of Li+ ionic states. 

For ab initio molecular dynamics (AIMD) simulation, a k-point mesh in a 

Monkhorst-Pack scheme was set to 5 × 5 × 5 for Si, LiSi and Li15Si4, and 3 × 3 × 3 for 

Li12Si7 and amorphous LixSi. The plane wave basis cut off energy was set to 500 eV, and 

the structures were all fully relaxed in terms of both their internal atomic coordinates and 

their supercell shapes. Geometry optimizations were then carried out until forces on each 

atom were less than 0.01 eV/Å, with the k-point being sampled only at the gamma point. 

To create an amorphous structure, the AIMD simulations were performed at 3000K for Si 

1200 K for Li15Si4 and Li12Si7 to randomize their initial crystalline configurations. A time 

step of 3.0 fs was used with an overall total of 2000 simulation steps. 
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2.3 Elastic modulus of Li-Si compounds 

2.3.1 Simulation method 

When an infinitesimally small strain is applied to a crystalline structure, its 

internal strain energy 𝐸 can be written in terms of the strain field 𝜀 as: 

𝐸(𝑉, 𝜀) = 𝐸0(𝑉) + 𝑉𝜎𝑖𝑖𝜀𝑖𝑖 + 𝑉
2
𝐶𝑖𝑖𝑖𝑖𝜀𝑖𝑖𝜀𝑖𝑖 + ⋯   (2.1) 

where 𝐸0  and 𝑉  are the free energy and volume of the system, respectively. 

Second order elastic constants 𝐶𝑖𝑖𝑖𝑖 were therefore obtained through a polynomial fit to 

the internal energy with respect to strain of the second derivative of the internal energy: 

𝐶𝑖𝑖𝑖𝑖 = 1
𝑉

∂2E
∂𝜀𝑖𝑖𝜀𝑘𝑘

       (2.2) 

The Young’s modulus (Y), shear modulus (G), and Poissons’s ratio (v) of LixSi 

phases were then calculated using the Voigt, Reuss, and Hill methods, respectively.[40]  
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2.3.2 Calculation results 

The Li–Si system has crystalline compounds at high temperatures (400°C). 

However, the Li–Si alloy is primarily found in the amorphous phase at room temperature 

in operating battery systems. To estimate the characteristics of the Li–Si system for LIB, 

the Li–Si amorphous cell is set to simulate the volume expansion. First, the lithium is 

added to a stable silicon diamond structure with the largest possible volume of space. The 

quasi-Newton method is applied for full relaxation of the cell. Next, additional lithium is 

added in the largest volume. This simple method is repeated until the maximum storage 

capacity of Li4.4Si is reached, as shown in Figure 2.1. Eleven different models for the 

amorphous cell are set up at each Li fraction. We compare the volume of the amorphous 

cell with that of the Li–Si compounds. Amorphous Li–Si has a larger volume expansion 

than crystalline Li–Si compounds, and a large volume expansion occurs between 1 to 1.7 

ratios of Li. From this result, we can expect a large volume expansion in the amorphous 

Li–Si alloy system.  

The optimized lattice parameters and structural information of the crystalline Li–

Si phases obtained from our calculations are summarized in Table 2.1. These results are 

uniform in their underestimation of the parameters, but these results are reasonable, given 

the previous theoretical and experimental results due to the over-binding problem of LDA. 

In the case of a crystalline system, the elastic constants are determined by computing the 

energies of the deformed unit cells. For cubic-type phases, namely Si, Li15Si4, and Li, 

distortions with tetragonal and orthorhombic shear and isotropic distortion along the three 

lattice vectors are applied to obtain the three independent elastic constants C11, C12, and 

C44. For the tetragonal Li–Si phase, we apply six different deformation modes to the unit 
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cell in order to compute C11, C12, C13, C33, C44, and C66. For Li12Si7 and Li13Si4, 

expansion along three high-symmetry directions, three monoclinic distortions, and three 

orthorhombic distortions are applied to obtain nine independent elastic constants. The 

array of elastic constants for the crystalline phases is given in Table 2.1. In the pure Si 

case, the experimental values of C11, C12, and C44 are 160, 57.8, and 80.0 GPa, 

respectively. These values agree with our results for C11, C12, and C44 of 161.4, 64.8, and 

76.0 GPa, respectively. However, Shenoy et al. estimated the elastic constants as 152.2 

(C11), 56.8 (C12), and 75.0 (C44) GPa based on GGA calculations. In the cases of Li12Si7, 

Li13Si4, and Li22Si5, we compare the bulk modulus with those of Chevrier et al. and 

Shenoy et al as shown in Figure 2.1. 

The isotropic elastic constants obtained using the Voigt–Reuss–Hill (VRH) 

method (Fig. 2) reveal that only a small amount of Li in Si is needed to significantly 

reduce both the Young’s and shear moduli. This behavior is marked by a sharp reduction 

in the elastic moduli upon initial Li insertion that continues until the first LiSi phase is 

formed. Beyond this point, both the Young’s and shear moduli vary within a narrow 

range of 60–80 and 20–30 GPa, respectively. This reduction of the elastic moduli can be 

explained by the strong covalent bonding of the Si network being dramatically changed 

to weaker ionic bonding between Li and Si. The amorphization of Si also reduces the 

elastic modulus by 30–50% through the breaking of covalent bonds, which is also likely 

to reduce the internal stresses generated during lithiation and delithiation, as these are 

dependent on the elastic moduli. 
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2.4 Li kinetics of Li-Si compounds 

To study the kinetic behavior of Li in LixSi, the migration energy barriers were 

calculated using the climbing-image nudged elastic band (NEB) method on predicted 

diffusion pathways.[41] We calculate the Li migration energy barriers in LiSi, Li12Si7, 

Li13Si4, and Li15Si4 as shown in Figure 2.2. The migration energy barriers in LiSi and 

Li15Si4 are calculated using three diffusion mechanisms (interstitial, exchange, and 

vacancy) as the initial and final phases of LixSi compounds, respectively. We also verify 

the Li migration energy barriers in Li12Si7 and Li13Si4 using only the vacancy-mediated 

mechanism. The detailed motion dynamics in Li12Si7 are compared with experimental 

data.  

To describe the Li diffusivity from the macroscopic point of view, KMC 

simulations are performed at various temperatures. The calculated Li diffusion 

coefficients in LixSi compounds are compared with those of Huggins at 700 K and those 

in Si (10–13 cm2 s–1
, 0.6 eV) obtained from our previous work. Our study on c–LixSi can 

also provide insights into the kinetic behavior of Li in a–LixSi because the complex Li–Si 

network in the crystalline structure would be similar to that in amorphous LixSi 

environments.  

 

2.4.1 Li diffusion mechanisms in LixSi 

The Li kinetics in c–Si are driven by an interstitial mechanism. Compared with 

the Li kinetic behavior in c–Si, the diffusion mechanisms in LixSi (1 < x) are not clear 

due to the complex network of Li and Si atoms. Before we examine the Li migration in 

LixSi, we demonstrate the Li diffusion mechanisms in LixSi. At room temperature, LixSi 
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exists in an amorphous state during the charge/discharge process for most Li 

compositions; however, crystalline structures are known to occur in the LiSi and Li15Si4 

phases. Despite the fact that the configuration of crystalline LixSi is very different than its 

amorphous phase, it is sufficiently complex to provide a suitable representation, as shown 

in Fig. 1. Specifically, the peaks for the radial distribution functions of Li12Si7 and Li15Si4 

have the same nearest-neighbor distance regardless of whether they are in the crystalline 

or amorphous phase, and thus, the calculated values for the Li migration energy are the 

same. 

 

2.4.1.1 Li diffusion in LiSi 

We first examine Li migration energy barriers in the LiSi structure (space group: 

I41/a, a = 9.332 Å, c = 5.704 Å).[42, 43] The LiSi structure is the first Li–Si crystalline 

phase that has higher symmetry with regular Si bonding than other LixSi compounds. The 

crystal structure of LiSi was reported by McMillan et al. Figure 2.4a shows that three-

fold-coordinated Si atoms form interconnected chains, and tetrahedral Li atoms occupy 

the gaps in the Si network from their previous base-centered-cubic (bcc) structure in 

metallic Li. The anti-bonding distance of Si with 4.80e valance electrons further 

increased some of the Si–Si bonding distances from 2.339 to 2.384 and 4.635 Å. From a 

Bader charge analysis, the charge transfer from each Li atom to Si is 0.80e.  

The Li migration in LiSi is still unclear because a number of factors determine the 

Li kinetics: crystal structure, the nature of bonding in the host crystal, relative differences 

in the electrical charge between the host and the diffusing species, and the type of crystal 

site preferred by the diffusing species. We examine the possible atomic jump 
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mechanisms in LiSi. The first diffusion mechanism that we identified is a ring 

mechanism called the atomic exchange mechanism. The Li atom may jump onto and 

replace an adjacent nearest-neighbor Li atom, and Li atoms exchange their sites with a 

neighboring atom by a cooperative ring-like rotational movement. All pathways 

associated with ring-like rotational movements were determined by tracking nearest-

neighbor Li atoms and were measured using NEB calculations.  

Figure 2.4b shows five kinds of pathways: two of the pathways (red and brown) 

are within tetrahedral clusters of Li, and three of the pathways (blue, green, and purple) 

are pathways connected to other Li clusters. The calculated Li migration energy barriers 

associated with the ring mechanism show high values over 1–2 eV. Even though the 

lowest migration energy barrier is 1.0612 eV, Li migration in LiSi is higher than that in 

c–Si. During room-temperature battery operation, Li atomic jumps are rare events. 

We next perform Li migration energy barrier calculations for the interstitial 

mechanism. In this case, interstitial atoms can simply migrate from one interstitial site to 

another site. Diffusion by interstitial mechanisms requires the presence of additional 

defects in the system, while diffusion by the ring and vacancy mechanisms does not. We 

need to find possible coordinates for interstitial Li atoms (“interstitial defects” or “I–

defects”) to observe interstitial atomic jumps.  

To accommodate the addition of a Li atom into LiSi without any structural change, 

our DFT results show that the most energetically favorable spherical location for Li 

addition is the largest. A Delaunay triangulation, which is available through simple code, 

identifies the spherical voids in LiSi. With a possible candidate coordination of 32, we 

calculate the I–defect formation energy. Two types of I–defects are identified based on 
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their calculated formation energy, as shown in Figure 2.4c Blue I–defects (Figure 2.4c) 

with a small formation (0.6 eV) energy are positioned in the space around tetrahedral 

clusters of Li, but red I–defects with a large I–defect formation energy (1.3 eV) are in Li 

tetrahedral clusters in which a strong repulsive interaction is generated by positive Li ions. 

Thus, the interstitial atom can simply migrate from one to another interstitial site. The 

possible migration pathways connecting interstitial sites are B(blue)–B–x (in the x-

direction), B–R(red)–y (in the y-direction), R–R–z (in the z-direction), and so on. For 

example, the B–B–y pathway of Li in Figure 2.5a shows the Li migration of interstitial 

atoms from one blue I–defect site to another blue I–defect site in the y-direction without 

distorting the host LiSi structure. In this case, interstitial migration requires high energy 

(2.770 eV) to penetrate the host atom. This high activation energy is usually attributed to 

the distortion of Si host atoms. 

In our calculations, we find a more energetically favorable type of migration of I–

defects: diffusion by the “kick-out” mechanism. In Figure 2.5b, the Li host atoms, 

colored green around interstitial defect sites, switch their positions to interstitial sites. 

During migration of Li I–defects to another interstitial site, the host Li atoms assist the 

migration of Li; this cooperative diffusion mechanism reduces the migration energy 

barriers compared to those of purely interstitial mechanisms. Most cases of Li interstitial 

migration show kick-out movement (Figure 2.5c and 2.5d). If Li I–defects migrated with 

the kick-out mechanism, the migration energy barrier would be at least 1.2 eV. This large 

Li migration energy barrier means that Li diffusion in LiSi is slower than that in bulk Si. 

However, other studies of Li diffusion in LixSi have shown fast diffusion at room 
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temperature. These discrepancies suggest that different mechanisms (e.g., vacancy-based 

mechanisms) would be more suitable for Li diffusion in Li–Si compounds. 

To explore this possibility, vacancy-diffusion mechanisms for Li migration are 

examined. Diffusion by vacancy-mediated mechanisms is described using Li/vacancy 

interactive motions. If the neighboring Li site is unoccupied, Li ions can migrate to 

neighboring sites without Li/Li cooperative motion and with relatively small activation 

energy. All vacancy defects (or “V–defects”) of Li in LiSi have equivalent defect 

formation energies of 1.2 eV. We choose five possible diffusion pathways depending on 

their distance among vacancy sites in a similar way as stated above for the ring 

mechanisms (Figure 2.4b). When Li atoms were missing in LiSi, the Si–Si bonding 

distances decrease slightly, and Li atoms are close to each other, meaning that the 

generated vacancy is an unfavorable state in Li-rich states. After relaxing the atomic 

structure of LiSi with Li V–defects, we performed a c–NEB simulation to calculate Li 

migration energy barriers. 

Figure 2.6 shows two representative pathways in a tetrahedral Li cluster (red and 

brown). The Li migration-energy barriers along the red and brown pathways are 0.2519 

and 0.2348 eV, respectively. Connected pathways among Li clusters (green, blue, and 

purple) have slightly higher activation energies than the red and brown pathways: 0.272 

to 0.6182 eV depending on the network environment of Li and Si. The detailed 

configurations of those pathways are shown in Figure 2.6 and 2.4b, and the migration-

energy barriers are summarized in Table 2.2. The positively charged states of Li atoms, 

which introduce repulsive interactions among Li atoms, facilitate the migration of 
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vacancy defects. Therefore, the vacancy-migration mechanism is expected to be the 

primary mechanism driving Li kinetic behavior in the Li–Si system. 

 

2.4.1.2 Li diffusion in Li15Si4 

The Li15Si4 phase (space group: I43d, a = 10.573 Å) is in the fully lithiated state 

at room temperature: all of the Si atoms are surrounded by Li atoms.[44, 45] Structural 

optimization yielded a lattice constant and internal coordinates that were in agreement 

with the calculations of Kubota et al. and Dahn et al. To explore Li migration in Li15Si4, 

we classify Li atoms into four groups according to the distance from Si atoms to Li atoms, 

as shown in Figure 2.7a: 2.661 Å for group 1 (or “G.1”), 2.566 Å for G.2, 2.739 Å for 

G.3, and 2.801 Å for G.4. The Li atoms of G.1, G.2, and G.3 have the same first to third 

nearest-neighbor distances from Si atoms and the same vacancy-formation energy of 

1.371 eV. These sites are also equivalent with respect to their symmetry. The Li atoms in 

G.4 have Li/Si distances of 2.801 Å, and a vacancy-formation energy of 1.623 eV. To 

examine Li migration in Li15Si4, we chose three sets of possible pathways, depending on 

the distances and vacancy-formation energies. The first set of pathways includes those in 

which the Li vacancy defect moved to another Li site within the same group consisting of 

equilateral triangles, i.e., G.i ↔ G.i (i = 1, 2, and 3). For example, consider the red G.1 → 

G.1 path in Figure 2.7c. The VLi–defect migration from one group to another group 

(except for G.4) are the second set of pathways: G.i ↔ G.j (i, j = 1, 2, and 3). For 

example, consider the brown G.1 → G.2 and green G.2 → G.3 pathways shown in Figure 

2.7c. The last set of pathways is connected with the G.4 sites, i.e., G.4 ↔ G.j (j = 1, 2, 

and 3); these are shown as the blue G.3 → G.4 and purple G4 → G1 routes. We combine 
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these pathways for Li migration with the ring mechanism and the vacancy mechanism, 

which allow Li atoms or vacancies to jump and replace an adjacent nearest-neighbor Li 

atomic site. 

The ring mechanism (exchange mechanism) has a higher migration energy than 

the vacancy mechanism for Li migration, which is similar to the trend in LiSi. The 

activation energies of Li migration by the ring mechanism along the predicted pathways 

are 1.8735 eV (G.1 → G.1), 1.9915 eV (G.1 → G.2), 1.9402 eV (G.2 → G.3), 2.3153 eV 

(G.4 → G.3), and 4.2859 eV (G.1 → G.4), while those obtained via the vacancy 

mechanism are 0.1216 eV, 0.3101 eV, 0.2308 eV, 0.3016 eV, and 0.3199 eV, 

respectively. From our NEB results, we conclude that the vacancy-diffusion mechanism 

is also the primary mechanism driving Li kinetics in Li15Si4. The Li migrations in Li15Si4 

require a lower energy than those in LiSi because the Li atoms in Li15Si4 occupy larger 

local volumes compared to those in LiSi. Moreover, Li15Si4 is a less dense system, and Li 

ions can migrate easily with relatively small migration-energy barriers in Li15Si4. 

To verify our results, we also investigate the Li migration-energy barrier in the 

interstitial mechanism. We place 64 interstitial defects at different coordinate locations 

using a Delaunay triangulation method, similar to that in the LiSi interstitial case. All of 

the I–defects have the same formation energy of 0.2548 eV, and their detailed 

configuration is shown in Figure 2.7b. Additional Li atoms express square configurations, 

whereas the initial configuration was triangular in G.3 (G.1, G.2, and G.3 are equivalent 

sites). For the NEB calculation, we choose two neighboring I–defects of Li. These 

migrations require a higher energy of 2.3771 eV, as expected. This supports our 
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conclusion in which the vacancy-migration mechanism is the primary mechanism 

underlying the Li kinetics in the Li–Si system. 

 

2.4.1.3 Li diffusion in Li12Si7 

The Li12Si7 phase (space group: Pnma, a = 8.332, b = 19.197, c = 14.012 Å) 

shows the most interesting crystallographic structure; it contains five-membered Si5 rings, 

which are charge compensated by six lithium atoms (the Li6Si5 units in Figure 2.8a), and 

Y-shaped Si stars, which are charge compensated by 12 lithium ions (the Li12Si4 units in 

Figure 2.8b).[46] In the Li12Si7 component, the possible pathways are selected by their 

nearest-neighbor distances and the vacancy defect-formation energy. We perform sample 

calculations on the entire pathway of Li vacancy defects in the five-membered rings and 

the Y-shaped stars. The calculated migration-energy barriers of Li vacancy defects are 

shown in the bar plot Figure 2.8c, and we identified three distinct diffusion pathways. 

Recent experimental studies using nuclear magnetic resonance (NMR) 

measurements have shown that the Li diffusion process in Li12Si7 involves a very fast 

one-dimensional (1D) diffusion process and two additional three-dimensional (3D) 

processes which are somewhat slower.[47] Although these processes have not yet been 

related to specific crystallographic information, none of the theoretical studies have 

indicated the underlying reasons or quantitative values for Li migration-energy barriers.  

We find that relatively high migration-energy barriers of 2.334 eV are present in 

the pathways through the five-membered ring layers (d = 4.169 Å). Near the five-

membered rings, the Li vacancy migration energy is higher than that in other pathways 

because of the lower local concentration of Li. In contrast, the Li vacancy migration-
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energy barriers have a lower value around the Y-shaped Si stars. In this case, the 

repulsive interactions among Li atoms push the Li atoms to vacancy sites with lower 

(under 0.25 eV) migration-energy barriers, as shown in Figure 2.8c. It was difficult to 

identify which pathways corresponded to the 1D and 3D components observed in the 

NMR measurements. We determine three distinct diffusion processes depending on their 

atomic environments from our NEB calculations: ~0.25 eV (fast diffusion around Y-

shaped stars), 025–0.5 eV, and over 0.5 eV (migration around and between the layers of 

five-membered Si rings). From our NEB results for the Li vacancy migration calculations, 

we conclude that our work agreed well with the dynamics of Li in Li12Si7 determined by 

experimental observation. 

 

2.5 Li macroscopic diffusion coefficient in Li-Si systems 

The macroscopic Li diffusion coefficient in Si and LixSi was obtained using KMC 

simulations. The KMC technique, which is based on the DFT energy barrier results, 

attempted to capture the effects of atomic kinetic processes that directly contribute to 

changes in macroscopic properties. The results from the KMC simulations were 

statistically averaged over 10 samples. 

 

2.5.1 Kinetic Monte Carlo method 

To ascertain the diffusivity of Li in LixSi, the diffusion pathways and barriers 

were first determined using the climbing-image NEB method. The macroscopic diffusion 

coefficients of Li in LixSi were then obtained using KMC simulations.[30, 48, 49] The 



26 
 

detailed KMC algorithm is given as follows. (i) Identify all possible events from the 

current atomic configurations. In this study, we considered the first nearest-neighbor (< 

3.5 Å) Li sites from the Li vacancy defect sites. (ii) Determine a list of the rates (ki) of all 

possible transition events in the system. The rates are proportional to 𝑒(−𝐸𝑚/𝑖𝐵𝑇), where 

the migration energy barrier (Em) was obtained from the ab-initio calculations and the 

attempt frequency (v) was calculated by using the vibration frequency ratio between the 

initial and saddle points. Here, kB is the Boltzmann constant, and T is the temperature. (iii) 

Calculate a cumulative function 𝐾𝑖 = ∑ 𝑘𝑖𝑖
𝑖=1 for i = 1, …, N at each current vacancy 

position. (iv) Generate a pseudorandom number u between 0 and 1. (v) Advance the 

statistical time of each step (∆t) by –ln(u) / KN. (vi) Find one event to carry out i in which 

𝐾𝑖−1 < 𝑟𝐾 < 𝐾𝑖 . (vii) Reconfigure the system according to the chosen event. (viii) 

Update new position of the Li atoms and simulation time. (ix) Return to step (i). Using 

this procedure, the diffusion coefficient of Li is 

𝐷 = lim𝑡→∞
〈𝑟2〉
6𝑡

     (2.4) 

where t is the time calculated as the sum of all ∆t for each jump and 〈𝑟2〉 is the 

mean-squared displacement. 

 

2.5.2 Kinetic Monte Carlo results 

We examine the KMC simulation for obtaining the Li diffusion coefficients in Si 

and Li–Si compounds from a macroscopic standpoint. In our previous work, the value of 

the Li diffusion constant in Si is 2.04 × 10–13 cm2 s–1, which agrees with the previously 

reported experimental and theoretical results. We next perform KMC simulations in the 
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LiSi, Li12Si7, Li13Si4, and Li15Si4 structures based on our DFT results for Li migration 

energy barriers. We perform the simulation in the expanded super cell (up to 10 × 10 × 

10) with periodic boundary conditions for a relatively long time (50 ns). The rate k for 

migration events at finite temperature T given the corresponding energy barrier is set 

using transition state theory as 𝑘 = 𝑣∗𝑒(−𝐸𝑚/𝑖𝐵𝑇).  

The results of the KMC simulations are shown in Figure 2.9. The Li diffusion 

constants in LixSi compounds are two orders of magnitude higher than those in Si at 300 

K. To validate our KMC results, we compare the calculated values with the reported 

values in both theoretical and experimental studies. Shenoy et al. and Qu et al. predicted a 

high diffusivity using computational methods: about 5 × 10–9 cm2 s and 1 × 10–9 cm2 s-1 

at room temperature, respectively. However, these predictions are significantly different 

when compared to the work of Chen et al. (from 10–13 to 10–12 cm2 s–1 or 5.1 × 10–12 cm2 

s–1, according to GITT and PITT experimental methods at ambiguous temperature). We 

check our KMC simulation results against those of Huggins at 700 K in Figure 2.9. The 

reported Li diffusivity in Li12Si7 and Li13Si4 matched well with our KMC results.  

We believe that our KMC simulation based on ab-initio calculations is reasonable 

for describing the macroscopic Li diffusivity. Although the quantitative measurements of 

Li diffusivity in Li–Si systems are diverse, all arguments indicate that Li diffusion in the 

Li-rich state is faster than that in the initial Si state. Moreover, our calculations 

qualitatively agree with those measured by experiment. Thus, the low migration energy 

barrier of Li via the vacancy–mediated mechanism leads to the fast diffusion of Li in Li-

rich materials compared to Li-poor materials (e.g., c–Si). We therefore suggest that the Li 

diffusion is very fast when these materials reach a Li-rich state (Emig = 0.1 to 0.25 eV), 
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but not in their initial state (Emig = 0.45 to 0.6 eV). The rate-limiting step is the initial 

lithiation of the Si anode. 

 

2.6 Summary 

Kinetic models for Li in various Li-Si binary compounds have been studied 

through ab–initio calculations and kinetic Monte Carlo simulations. Studies of Li kinetics 

in LixSi (1 < x) indicate that Li ions predominantly diffuse via the vacancy–mediated 

mechanism and show fast Li diffusivity in LixSi (1 < x) compared to that in c–Si because 

the Li atoms are strongly associated with each other at high Li concentrations. We found 

that the value of the Li diffusion coefficient in LixSi using KMC at a temperature of 300 

K is about 10–10 cm2 s-1, which is two to three orders of magnitude higher than that in c–

Si (D = 10–12–10–13 cm2 s-1). This finding indicates that the slow diffusivity of Li in LixSi 

(x < 1) is the result of a kinetic bottleneck produced by the development of internal stress 

in Si nanowires and particles.  

On the other hand, fast Li diffusion in LixSi (x > 1) leads to the phase separation 

of c–Si and a–LixSi, and a large mechanical stress is induced at the phase boundary. In 

this scenario, we expect that vacancies are formed indirectly through Li extraction at the 

phase boundary region and quickly diffuse from the surface area to the bulk. Because the 

vacancy formation energy is high, this process occurs even though direct vacancy 

formation in LixSi alloys is difficult at room temperature. Consequently, an interfacial 

fracture might develop at the phase boundary and kinetic bottleneck due to slow 

diffusivity.  
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In conclusion, fast Li diffusion in LixSi decreases the stress caused by the non-

uniform Li distribution in Si-based anodes. Our DFT and KMC studies provide 

quantitative and mechanistic understanding of the mechanical failure of the Si anode. 

These findings help us understand the mechanical failure of the Si anode and suggest a 

possible route for improving the Si anode, such as the prelithiation technique that can 

reduce diffusion-induced stress. 
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Table 2.1 Li-Si phase used for DFT calculations 

Phase Space group Cell dimensions [Å] 

Si Fd3m a=5.402 

LiSi I41/a a=9.000, c=5.319 

Li12Si7 Pnma a=8.332, b=19.197, c=14.012 

Li7Si3 R3m a=7.400, c=17.612 

Li13Si4 Pbam a=7.746, b=14.733, c=4.322 

Li15Si4 I43d a=10.360 

Li21Si5 F43m a= 18.114 

Li22Si5 F23 a=18.195 

 

 

Table 2.2 Calculated elastic constants Cij, for Si and Li-Si alloys. All quantities are in 

units of GPa 

Phase C11 C22 C33 C12 C13 C23 C44 C55 C66 

Si 161 - - 65 - - 76 - - 

LiSi 104 - 119 46 32  16 35 - 

Li12Si7 103 103 101 7 12 12 24 25 27 

Li13Si4 86 80 88 25 27 32 19 21 20 

Li15Si4 52 - - 24 - - 34 - - 

Li21Si5 67 - - 19 - - 33 - - 

Li22Si5 56 - - 25 - - 42 - - 
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Table 2.3 Li migration energy barriers in Li15Si4 with various mechanisms. 
Atomic mechanisms Path Migration energy [eV] Path Distance [Å] 

Ring mechanism G1-G1 1.8735  2.5953  

 G1-G2 1.9915  2.9236  

 G2-G3 1.9402 2.7588  

 G4-G3 2.3153 2.6683  

 G1-G4 4.2859 2.7379  

Vacancy mechanisms G1-G1 0.1216  2.5953  

 G1-G2 0.3101  2.9236  

 G2-G3 0.2308  2.7588  

 G4-G3 0.3016  2.6683  

 G1-G4  0.3199 2.7379  

Interstitial mechanism  2.3771 2.9761 
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Table 2.4 Li migration energy barriers via the various pathways in Li13Si4 from NEB 

calculations. 
Atomic configuration Path (#Li-#Li) Migration energy [eV] Path distance [Å] 

Li13Si4 5-8 0.2795 
(0.0818) 

2.5797 

 5-13 0.0708 
(0.2737) 

2.5150 

 5-17 0.0828 
(0.3945) 

2.9048 

 5-20 0.0416 
(0.1588) 

2.7112 

 8-14 0.0049 
(0.1591) 

2.7224 

 8-20 0.1379 
(0.4527) 

2.7536 

 8-24 0.1820 
(0.4149) 

2.6397 

 13-17 0.0220 
(0.3772) 

2.5257 

 17-23 0.4823 
(0.2058) 

3.1645 

 20-24 0.3526 
(0.2706) 

3.1612 

 15-19 0.2493 
(0.0547) 

2.6449 

 2-10 0.2692 
(0.0977) 

3.0780 

 2-15 0.4728 
(0.8107) 

3.1834 

 2-26 0.0442 
(0.1056) 

2.7656 
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(a) 

 
(b) 

 
Figure 2.1 (a) Bulk modulus (b) Young’s and Shear modulus of Li-Si structure 

respect to lithium fraction on VRH approximation 
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Figure 2.2 Crystalline Li, Si, and Li-Si structures relaxed by DFT calculations: (a) Si, 

(b) LiSi, (c) Li12Si7, (d) Li7Si3, (e) Li13Si4, (f) Li15Si4, (g) Li21Si5, and (h) Li. 
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Figure 2.3 Radial distribution function for crystalline (c-) and amorphous (a-) 

lithium silicide compounds Li12Si7 and Li15Si4. 
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Figure 2.4 (a) Unit cell of the LiSi structure, showing three-fold Si and the 

tetrahedral Li cluster configuration with the interatomic distances. (b) The Li 

migration via the ring mechanism. (c) The optimal coordinates of interstitial defects 

of Li in LiSi. Red coordinates have an interstitial defect formation energy of 0.4578 

eV, while blue coordinates have a formation energy of 0.1478 eV. 
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Figure 2.5 Various pathways of Li migration via the interstitial mechanism coupled 

with the kick-off mechanism: (a) B-B-y, (b) B-R-y, (c) B-R-y, and (d) R-R-y. 
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Figure 2.6 Li migration pathways in LiSi via the vacancy mechanism and their 

migration energy barriers. 
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Figure 2.7 (a) Local structure of Li15Si4, Si (yellow sphere) surrounded by 12 Li 

atoms; the configurations are classified into four group based on the distance from 

Si atom. (b) Local structure of Li15Si4 with interstitial defects. (c) Li migration 

pathways in Li15Si4 via vacancy mechanisms and their activation energies. 
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Figure 2.8 (a, b) Local atomic configurations of Y-dumbbell and ring structure in 

Li12Si7, respectively (c) Histogram of Li migration energy barriers in Li12Si7 and the 

corresponding pathways. 
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Figure 2.9 Calculated Li diffusion coefficient using KMC simulation at various 

temperatures (300–700 K) in Si, LiSi, Li12Si7, Li13Si4, and Li15Si4. 
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Chapter 3 Multiscale analysis of mechanics in silicon and lithiated 

silicon anode 

In this chapter, the multiscale analysis to describe the stress evolution of silicon 

nanowire in the continuum scale is demonstrated. Previous chapter has been 

demonstrated that variation in the physical properties of silicon with increasing lithium 

content. This study, therefore, expands on this idea to a diffusion induced stress mode. 

This considers not only the change in volume and elastic modulus, but also the 

considerable change in diffusion coefficient with Li concentration by using density 

functional theory (DFT). Diffusion induced stress model is reformulated to take into 

account the effectsof lithium concentration and discretized to describe the mechanical 

stress by using finite element analysis. A silicon nanowire is selected as the basis for this 

study. Based on the model, the reasons of mechanical stability of prelithiated silicon 

nanowire is explained.  

 

3.1 Introduction 

Increasing demand for large-scale electrical devices and systems, such as electric 

vehicles, has created a need for a higher energy capacity and cycle lifetime than is 

currently possible with lithium-ion batteries (LIBs). Attempts to improve the storage 

performance of LIBs have therefore been largely focused on developing new anodes 

based on materials known to be capable of storing large amounts of lithium, foremost 

amongst which are tin and silicon.[50, 51] Of the two, silicon will undoubtedly play a far 

more important role in the future owing to its enormous advantage in terms of theoretical 
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capacity, which is in the order of ten-times greater than that of current graphite anodes 

(372 mAh/g). However, compared to other electrode materials that react through an 

intercalation mechanism, silicon undergoes a very large volume expansion of up to 380 % 

during charge and discharge cycles. This expansion induces a high degree of mechanical 

stress and strain, which can ultimately lead to the fracture of silicon anodes and needs to 

be factored into the design of the cell to maintain performance.[52-54] This has created 

an interest in other electrode materials such as TiO2, LiVO3 and metal oxide, which much 

like conventional graphite anodes, are not subject to the same level of mechanical stress 

and therefore do not suffer the same deterioration in performance.[55] It has also been 

reported that mechanical stress can influence the electro-chemical reaction of electrodes, 

which has generated a lot of research into minimizing the mechanical stress in silicon 

anodes through the use of models based on diffusion induced stress (DIS) analysis.[56-59]  

Such experiments have helped to verify the mechanical effect on electro-chemical 

reactions, and suggested ways to reduce the stress level.   

The negative effects of volume expansion can be negated to some extent by 

reducing the size of the silicon or fabricating porous silicon-like sponges to reduce the 

mechanical stress, with either method being easily adapted to making high-performance 

silicon anodes.[20, 60-62] It has also been reported that prelithiating silicon (i.e., 

inserting lithium ions) can also improve the cycle performance, which is attributed to a 

reduction in the stress evolved during initiation of the cycle process.[63, 64] However, 

there has yet been no explanation provided as to why there is a reduction of stress in 

prelithiated or nano-scale silicon structures, with previous studies failing to take into 

account any change in the material properties or reaction mechanism during the 
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charge/discharge process. This can be explained by the fact that although analytical 

methods such as NMR, SEM, and TEM all have the capability to observe the reaction of 

lithium with silicon, it is difficult to measure the mechanical and physical properties of 

silicon using these instruments.  

 

3.2 Overview of diffusion induced stress 

To determine the DIS for various anode shapes, a full finite element scheme was 

implemented to simulate the stress induced by lithium insertion and extraction. As is 

usually the case with the elasticity and kinetics of materials, the equilibrium equations 

when neglecting body forces and the conservation law (Fick’s second law) are:   

∇ ∙ σ = 0      (3.1) 

∂c
∂t

+ ∇ ∙ 𝐽 = 0      (3.2) 

where c is the concentration of Li, J is the species (Li) subjected to flux and σ is 

the stress component. The Li flux is expressed as a product of the number of Li atoms 

and their velocity due to a chemical potential gradient:  

J = cv = −Mc∇µ      (3.3) 

where v and M are the velocity and mobility of Li, respectively. The chemical 

potential, µ, can be found from: 

µ = 𝜇0 + 𝑅𝑅𝑅𝑅𝑅 − 𝛺𝜎ℎ      (3.4) 

where 𝜇0 is an initial chemical potential, R is the gas constant, T is the absolute 

temperature, X is the molar fraction of lithium ions, 𝛺 is the molar volume of Li in LixSi, 

and 𝜎ℎ  is the hydrostatic stress, which represents a diagonal average of stress 
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components ( 𝜎ℎ = (𝜎1 + 𝜎2 + 𝜎3)/3 ). Given that diffusing particles in a system 

containing a non-uniform stress field generally experience a force in a direction that 

reduces their interaction energy with the stress field, a supplemental work term must be 

added to the chemical potential (right side of Eq. 3.4). If a uniform temperature is 

assumed, then substituting Eq. 3.3 and Eq. 3.4 into Eq. 3.2 gives: 

∂c
∂t

= D �∇2𝑐 − 𝛺
𝑅𝑇
∇𝑐∇𝜎ℎ −

𝛺𝛺
𝑅𝑇
∇2𝜎ℎ�        (3.5) 

where D=MRT is the diffusion coefficient as a function of lithium content. 

However, when the diffusivity is a function of concentration, Eq. 5 takes the form 

∂c
∂t

= dD
dc

(∇ ∙ 𝑐) �∇𝑐 − 𝛺𝛺
𝑅𝑇
∇𝜎ℎ� + D(𝑐) �∇2𝑐 − 𝛺

𝑅𝑇
∇𝑐∇𝜎ℎ −

𝛺𝛺
𝑅𝑇
∇2𝜎ℎ�  (3.6) 

This differential equation is generally nonlinear, depending upon the form of D(c), 

and solutions therefore can be obtained numerically only in iterative calculation. In this 

model equation, second order derivatives of the hydrostatic stress must be calculated for 

each element in order to calculate the effect of stress on diffusion. For this reason, a bi-

quadratic stress field was reconstructed in a region consisting of adjacent elements using 

the least square method. This framework overcomes the challenges associated with 

numerically evaluating the second gradient of hydrostatic stress, and is written as: 

𝜎ℎ(𝑥, 𝑦, 𝑧) = 𝑎1𝑥2 + 𝑎2𝑦2 + 𝑎3𝑧2 + 𝑎4𝑥𝑦 + 𝑎5𝑦𝑧 + 𝑎6𝑥𝑧 + 𝑎7𝑥 + 𝑎8𝑦 + 𝑎9𝑧     

(3.7) 

The second order derivative of hydrostatic stress can then be computed as follows: 

∇2𝜎ℎ = 𝜕2𝜎ℎ
𝜕𝑥2

+ 𝜕2𝜎ℎ
𝜕𝑦2

+ 𝜕2𝜎ℎ
𝜕𝑧2

= 2(𝑎1 + 𝑎2 + 𝑎3)        (3.8) 
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During the insertion and extraction of Li, the change in volume of the Si host can 

be assumed to change linearly with the volume of Li inserted. Thus, the stress-strain 

relation for an elastic body can be written as:  

𝜀𝑖𝑖 = 1
𝑌(𝛺)

��1 + 𝑣(𝑐)�𝜎ℎ − 𝑣(𝑐)𝜎𝑖𝑖𝛿𝑖𝑖� + 𝛺−𝛺0
3
𝛺𝛿𝑖𝑖      (3.9) 

where Y and v are Young’s modulus and Poisson’s ratio as a function of Li 

concentration. Eq. 12 can be rewritten to give the components of stress:  

𝜎𝑖𝑖 = 2𝜇𝜀𝑖𝑖 + (𝜆𝜀𝑖𝑖 − 𝛽(𝑐 − 𝑐0))𝛿𝑖𝑖   (3.10) 

where µ = 𝑌
2(1+𝑣)

, λ = 2𝑣𝑣
1−2𝑣

, and β = 𝛺(3𝜆+2𝑣)
3

. Finally, the diffusion induced 

stress is obtained by substituting Eq. 3.10 into the equilibrium equation (Eq. 3.1). 

 

3.3 Finite element method formulation 

To analyze various types of Si nanowire anode, we apply FEM on the diffusion-

induced stress formulation. As a first step for applying FEM, the variables of 

concentration and displacement are discredited as follows: 

 
( ) ( ) { }

( ) ( ) { }

c
e e

e

u
e e

e

c t N c t

u t N u t

 = =  

 = =  

∑

∑

c

u

N c

N u
   (3.11) 

Second order isoparametric shape functions are employed for the shape functions 

of the displacement and concentration.  

The governing equation for the modified diffusion process, Eq (3.5), is expressed 

in the weak form as shown in Eqs. (3.12) and (3.13), 
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 2 2
h hv

c cD c c c dv
RT RT t

π σ σ Ω Ω ∂  = ∇ − ∇ ⋅∇ − ∇ −   ∂  
∫  (3.12) 

 

( ) ( ) ( ) ( ) ( ) ( )1 12 2
1 1 1

n n n
n n h h nv

c t c t c t
D c t c t c t dv

RT RT t
dπ σ σ d+ +

+ + +

 Ω − Ω = ∇ − ∇ ⋅∇ − ∇ −   D   
∫ (3.13) 

In the weak form statement, first part is discretized as follows:  

 

( ) ( )

{ } { }

{ } [ ] ( ){ }

2
1 1

1

n nv s v

TT

s v

n

D c t c t dv D c c ds D c cdv

D c c ds D dv

where c t

d d d

d

+ +

+

∇ = ∇ − ∇ ∇

   = ∇ −    

   ∇ = = ∂   

∫ ∫ ∫
∫ ∫ c c

c c

δc B B c

B c N c

 (3.14) 

Similarly, other parts are also expressed in the following matrix form. 

 ( ) ( ) { } { }1 1

TT
h n n hv v

D c t c t dv D dv
RT RT

σ d σ+ +

Ω Ω    ∇ ∇ = ∇    ∫ ∫ c cδc N B c  (3.15) 

 ( ) ( ) { } { }2 2
1 1

TT
h n n hv v

D c t c t dv D dv
RT RT

σ d σ+ +

Ω Ω    ∇ = ∇    ∫ ∫ c cδc N N c  (3.16) 

 

( ) ( ) ( ) { } { } { } ( ){ }1
1 1

1 1T TT Tn n
n n n nv v v

c t c t
c t dv dv t dv

t t t
d+

+ +

−
       = −       D D D∫ ∫ ∫c c c cδc N N c δc N N c (3.17) 

First derivative of hydrostatic stress in the Eqs. (3.12−17) is estimated using the 

stress calculated in each element as follows: 

 { } [ ] ( ){ }h h h tσ σ σ   ∇ = = ∂   
c cB N  (3.18) 

Otherwise, it is difficult to exactly calculate 2nd order derivatives of hydrostatic 

stress in each element because the displacement field is only assumed as second order. In 

this study, we compute the fitted stress field in each element with the hydrostatic stress 
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around adjacent elements using the least square method for the 2nd order derivative of 

hydrostatic stress: 

 ( ) 2 2 2
1 2 3 4 5 6 7 8 9 10, ,h x y z a x a y a z a xy a yz a xz a x a y a z aσ = + + + + + + + + +  (3.19) 

Using the fitted stress field, the 2nd order derivative of hydrostatic stress is 

computed as follows: 

 
2 2 2

2
1 2 32 2 2 2 2 2h h h

h a a a
x y z
σ σ σσ ∂ ∂ ∂

∇ = + + = + +
∂ ∂ ∂

 (3.20)  

Thus, Eq. (3.14) can be written as a simple algebraic expression as shown in Eq. 

(3.21). 

 

[ ] [ ] [ ] [ ]( ) ( ){ } [ ] ( ){ }
[ ] { }

[ ] ( ) { }

[ ] { }

1 4

2

1

/ 2

1 1,

n n

T

v

T T

hv

T

hv

T T

n nv v

t t

where D dv

D dv
RT

D dv
RT

dv dv
t t

σ

σ

+

+

=

   =    
Ω        = ∇ +       

Ω    = ∇    

           = =           D D

∫

∫

∫

∫ ∫

1 2 3 4

c c
1

c c c c
2

c c
3

n+1 c c n c c
4 4

H + H + H + H c H c

H B B c

H N B B N c

H N N c

H N N H N N

 (3.21) 

Finally, the diffusion equation is discretized and it is given in Eq. (3.22). 

 

( ){ }
[ ] [ ] [ ]

( ){ }

1n

n

t

where

t

+   =   
   =   
   =   

c c

c n+1
1 2 3 4

c n
4

K c F

K H + H + H + H

F H c

 (3.22) 

On the other hand, the equilibrium equation for deformation of nanowire is 

obtained and discretized as follows: 

 { } [ ] { } { } [ ]{ } 0
T TT T

Dv v
dv dvε     − =     ∫ ∫u u uδu B C B u δu B C  (3.23) 

As shown in Eq. (3.9), the chemically induced strain are expressed as follows, 
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 { } { }
3D c cε Ω

= −  (3.24) 

Similarly, the equilibrium equation is reduced to the following discretized form as 

shown in Eq. (3.26). 

 

{ }

[ ]

[ ]{ }

T

v
T

Dv

where dv

dvε

   =   

          

   =   

∫

∫

u c

u u u

u u

K u F

K = B C B

F B C

 (3.25) 

The stress-diffusion coupled analysis is performed via solving these weak form 

equations iteratively.  

 

3.4 A numerical example of Si nanowire 

We analyzed diverse geometry of the Si nanowire with various charging ratios to 

ensure critical size for engineering design guideline. The shape, slenderness ratio in this 

study, is changed to illustrate the effects on maximum stress in Si nanowire.  

First, we check the evolution of stress with respect to the size of nanowire’s cross 

section in Figure 3.1. The monotonic increase of cross section area of Si nanowire brings 

about a shift in the maximum stress. It is because large cross section area of Si nanowires 

has large mismatch strain between inner part and outer part due to the difference of 

soaking up Li. With 0.2 C charge rate, small sizes of Si nanowire sustain their mechanical 

stability, but the stress of Si nanowires over 200nm radius exceeds the value of yielding 

(1GPa). The fast charge rate also causes large stress regardless of size and slenderness. 

Proper sizes within critical size of Si nanowire also lead to inelastic problems when high 

charge rate is applied to Si nanowire.  
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Next, we analyze ellipsoidal cross section nanowire models with various 

slenderness ratios to figure out the stress variation depending on the shape of Si nanowire. 

In the numerical models, the slenderness ratio is changed with constant section area (1002

π nm2). As the length of major axis increases in the models, the difference of 

concentration along the major axis increases due to the elongation of diffusion path. This 

increased difference of concentration causes large maximum stress in low slenderness 

ratio. On the other hand, as the slenderness ratio increases, diffusion along the minor axis 

is dominant. This decrease of the length of minor axis reduces the difference of 

concentration in ellipsoidal model. The effects caused by the increase in the major axis 

direction and the decrease in the minor axis direction competes in overall slenderness 

ratio. Through various ellipsoidal model simulations, we figured out that the effect 

caused by the decrease of minor axis becomes dominant in higher slenderness ratio and 

largest stress occurs above slenderness ratio of 1.5 in Si nanowire models. In short, as the 

slenderness ratio increases in the ellipsoidal model, maximum stress increases in low 

slenderness ratio and decreases in higher slenderness ratio than about 1.5. 

Through stress analyses in those various models, we would draw change relation 

between section area*charge rate and von Mises stress from the results plotted in Figure 

3.1 Thus, von Mises stress can be approximated with simple interpolation function as 

follows:  

  

( )
( ) 2

,

/
von f R C

K a b R C

σ =

= × ×  (3.26) 

R is a represented radius and R is R = √𝑎𝑎 in ellipse. Length a and b indicate 

major and minor axis, respectively. The coefficient K is a function of slenderness ratio 
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(a/b). Using Buckingham Pi theorem, this interpolation function is transformed to non-

dimensional design criteria equation as follow: 

   

2

0 0

1von

y

R CK
L C

σ
σ

   
= ≤   

     (3.27) 

L0 and C0 are unit length (1μm ) and unit charge rate (1cycle per hour). The yield 

stress of Si anode, 𝜎𝑌 is usually 1GPa~ 1.5GPa. If we assume the value of yield stress 

(𝜎𝑌) is 1GPa, the value of constant K is changed from 4000 to 10000 which depends on 

slenderness ratio, as shown in Figure 3.2. For example, if we set that the yield stress 𝜎𝑌 

to be 1GPa, the maximum charge rate of Si nanowire with 30nm radius is about 5C. In 

the case of ellipsoidal nanowire with slenderness ratio of 3, the maximum length of major 

axis would be 150nm if the yield stress 𝜎𝑌  and the charge rate are 1GPa and 3C, 

respectively. Although the approximated stress criteria equation does not give an exact 

stress value without diffusion-induced stress simulation, this equation gives an insight to 

determine the design criteria of the Si nanowire size and the charge rate during operation 

in safety. 

 

3.5 Stresses in prelithiated Si nanowire 

The FE analysis was developed to simulate diffusion induced stress in a Si 

nanowire (NW). The mechanical properties and diffusion coefficient of Li-Si alloy are 

highly dependent on the lithium concentration as discussed above. The concentration-

dependent properties are functionalized. Although the concentration dependent elastic 

properties have been intensively studied, the predicted values for the diffusion coefficient 
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in Li-Si alloys have scattered widely over a range of 10-12 to 10-9 cm2/s. The results 

obtained through DFT and KMC simulation were therefore used in conjunction with the 

experimental results obtained by J. Xi et al., which were lower in value by about one 

order of magnitude.  

Figure 3.3 shows profiles of the hoop stress (𝜎ℎ) in a 400 nm diameter Si NW 

with a C-rate = 0.2 at its surface and center (denoted as s and c, respectively) during 

charging. This shows that when the properties are not dependent on Li concentration, the 

stress increases by 1 GPa (center) and 2.2 GPa (surface), then saturates at a maximum 

stress value. If we consider the concentration-dependent nature of the elastic modulus, 

then the softening that accompanies an increase in Li should affect the stress evolution; 

however, very little change is seen in the hoop stress of either site. In contrast, the 

increase in Li diffusivity with concentration reduced the maximum stress by 30 – 50 %, 

resulting in a hoop stress at the center and surface of 0.75 GPa and 1.5 GPa, respectively. 

Furthermore, after reaching a peak value, a much more rapid decrease in stress is 

observed over 0.1 mole fraction of Li. It is important to note here that the effect of Li 

concentration x on diffusion coefficient D(x) also plays an important role is stress 

relaxation during lithiation and delithiation.  

Figure 3.4 shows the cycling hoop stress of a prelithiated Si NW during its first 

cycle, with the constant value of Y and D resulting in a large constant compression and a 

tension stress of over 2 GPa at the surface. Since the yield stress of Si is about 1–1.5 GPa, 

this means that the Si NW must fracture during its first cycle. Interestingly, since the DIS 

is highly dependent upon the Li diffusivity, the surface hoop stress of a prelithiated Si 

NW is actually reduced to the yield stress, thereby causing the NW to deteriorate. This 
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indicates that it is possible to avoid hindering the kinetic area that makes up a large 

proportion of the stress evolution. Moreover, the soft elastic properties and higher 

diffusivity of Li in a Li rich state would also allow for the Si nanowire to expand to a 

suitable size during charging cycles. It is therefore clear that prelithiation can reduce the 

drop in cycling performance that is caused by an excess of induced stress.  

 

3.6 Summary 

Through the DFT simulation and continuum-based analysis of a Si-nanowire 

anode, it has been shown that lithiation causes a significant decrease in the elastic and 

shear moduli. The diffusivity of Li also exhibits a much smaller migration energy barrier 

(<0.35 eV) in LixSi than in pure Si (0.6 eV). The macroscopic diffusion coefficient of Li 

in LixSi (~10-10
 cm2/sec) was also found through KMC analysis to be two to three orders 

of magnitude higher than that in c-Si (10-12 − 10-13 cm2/sec). This study has identified the 

slow diffusivity of Li in LixSi (x < 1) as being a kinetic bottleneck responsible for 

generating internal stress in Si NWs and particles.  

The diffusion-induced stress model with the Li concentration dependency of 

material properties showed that the stress relaxation occurs during lithiation. Although 

the stress relaxation is affected by both elastic softening of Si and fast kinetics of Li-ion 

in Li-Si system, we elucidate that the Li-ion diffusivity is more dominant factor of 

reducing internal stress during charging/discharging cycle and a fracture due to induced 

internal stress might occur with high probability at the surface of Si nanowire eventually 

due to large change of Li-ion diffusivity. From the results of various size and charge rate 

of Si nanowires, we figured out that the small size diameter of nanowire and the slow 
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charge rate are favorable for safety operation of the Si nanowires, and ellipsoidal shape 

also reduces the internal stress of Si nanowires. Furthermore, it is concluded that the 

maximum critical size of Si nanowires is about 200nm and nondimensional expression 

using Buckingham pi theorem to suggest optimal design condition is provided in 

continuum mechanical point of view. 

As a consequence of this kinetic analysis, the prelithiation of a Si NW was shown 

to reduce the strain at the surface by up to 50 %, thereby preventing its deterioration 

during cycling. These findings therefore present a promising future direction to improve 

the performance of silicon anodes in LIB applications. The multiscale framework 

developed also has a potential to be used to obtain an accurate and reliable assessment of 

mechanical behavior based on relatively minor assumptions.  
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Figure 3.1 Von Mises stress distribution (left) and maximum values (right) during 

the charge simulation in various with various simulation conditions: size of 

nanowire, charge rate, shape (slenderness). 
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Figure 3.2 (left) Allowable radius of Si nanowire and charge rate depend on 

slenderness ratio. (right) Corresponding value of K with respect to slenderness ratio. 
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Figure 3.3 Hoop stress (σh) of Si nanowire (diameter: 400nm and charge rate: 0.2 C) 

at center (r = 0) and surface (r = R) using diffusion induced stress with/without Li 

concentration effects: (1) no concentration effect, (2) concentration effect only on 

mechanical modulus and (3) concentration effect on mechanical modulus and 

diffusion constant. 
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Figure 3.4 Hoop stress (σh) of Si nanowire (diameter: 400 nm and charge rate: 0.2 C) 

at surface (r = R) during lithiation and delithiation using diffusion induced stress 

with/without Li concentration effects on mechanical properties and Li diffusion 

constant. 
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Chapter 4 Plasticity deformation during lithiation of crystalline and 

amorphous silicon anode 

In this chapter, a theory of finite plastic deformation of electrodes caused by 

charge and discharge is proposed. Density functional theory (DFT) calculations have also 

been employed to illustrate the deformation mechanism of plasticity in lithiated silicon. 

In most existing theories of lithiation-induced deformation, plastic deformation had not 

been considered. Furthermore, through an atomistic calculation, the yield function is 

described as a function of Li concentration to describe the inelastic behavior. Based on 

the model with the yield strength, the origin of crack-tip initiation in Si particles during 

lithiation is explained.  

 

4.1 Introduction 

Lithium-induced deformation is a bottleneck in developing lithium-ion batteries 

with high capacity.[17-19, 65-68] When silicon is fully lithiated, the volume of the 

material swells by ~300%. For Si particles of small feature size, experiments and theories 

have shown that the large deformation of lithiated silicon is accumulated by plastic 

deformation.[16, 69, 70] For instance, cyclic lithiation causes 50-nm-thick silicon films 

to develop undulation without fracture.[71] To investigate this issue, in this study, the 

atomistic mechanism of the plastic flow of lithiated silicon is demonstrated. Furthermore, 

existing models of lithiation-induced deformation have assumed that the electrodes are 

elastic. Therefore, the model containing elastic–plastic deformation is combined with 
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diffusion to analyze crack-tip generation during lithiation, which cannot be explained by 

only elastic deformation.[16, 19, 65]  

 

4.2 Simulation method 

4.2.1 Density Functional Theory 

The stress evolution in an a-Si thin-film electrode subject to a lithiation–

delithiation cycle is simulated by employing first-principles computational methods. Such 

a simulation allows close inspection of the microscopic mechanism of lithiation and the 

associated deformation behavior. First-principles calculations based on DFT with a 

general gradient approximation were performed using the Vienna ab initio simulation 

package (VASP).[37, 39] In the calculations, a projector augmented wave (PAW) method 

was selected to best describe the interactions between an ion core and valence electrons, 

with a Li-sv pseudopotential-treated semi-core 1s state as the valence electron providing 

an accurate description of Li+ ionic states.[38] The amorphous structure contains 64 Si 

atoms with periodic boundary conditions. This choice of supercell is consciously 

relatively small because we are interested in exploring a large number of possible 

configurations of Si structures with various Li concentrations. The atomic structures, 

system energy, and mechanical stress are calculated with a 3 × 3 × 3 k-point mesh in a 

Monkhorst–Pack scheme. The cut-off energy of the plane-wave basis was set to 500 eV. 

To create an amorphous structure, AIMD simulations were performed at 3000 K such 

that Si has random initial crystalline configurations. A time step of 3.0 fs was used with a 

total of 2000 simulation steps. To simulate the behavior of the a-Si thin film bonded to a 

thick substrate, we constrain the in-plane deformation of the unit cell, with the lithiation-
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induced volume change accommodated by an out-of-plane expansion of the unit cell, as 

shown in Figure 4.1b. At each Li concentration, we place Li atoms at energetically 

favorable positions in the a-Si network. To simulate an a-Si thin film, we constrain the 

deformation in the in-plane directions (x- and y-directions) and apply a relaxation only in 

the z-direction with force minimization. The structure resulting from energy 

minimization corresponds to the zero-stress state in the z-direction. In order to eliminate 

the large variation in the calculation of in-plane stress, we considered five possible 

configurations of lithiated silicon at a given Li concentration with a different distribution 

of Li in each configuration. The Li concentration was changed in increments of 8 Li 

atoms inserted (removed) at each lithiation (delithiation) step.   

 

4.2.2 Diffusion induced stress model coupled with plastic deformation 

The plastic deformation due to the discharge–charge process in a Li-ion battery is 

considered for diffusion-induced stress analysis. The kinematics of deformation was 

assumed from a simple perfectly elastic–plastic model in this study. The deformation is 

characterized by elasticity, compositional swelling, and irreversible plasticity. The total 

strain increment can then be expressed as 

e c p
ij ij ij ijd d d dε ε ε ε= + +    (4.1) 

In Eq. (4.1), the increment of elastic strain, 𝑑𝑑𝑖𝑖𝑒 , obeys the classical Hooke’s law 

with two elastic properties. 

1 [(1 (c)) ( ) ]
( )

e
ij ij kk ijd d c d

E c
ε ν σ ν σ d= + −              (4.2) 
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where E and v are the Young’s modulus and Poisson’s ratio for the a-LixSi, 

respectively, with values ranging from 90 GPa to 40 GPa and from 0.28 to 0.24, and 𝜎𝑖𝑖 

and 𝛿𝑖𝑖 are the Cauchy stress and the Kronecker delta function, respectively.  

We assume that the increment of the compositional strain, 𝑑𝑑𝑖𝑖𝛺 , is proportional to 

the increase in the Li concentration and that the compositional strain is dilational without 

spin. Therefore, 

3
c
ij ij

dcdε dΩ
=

   (12) 

In Eq. (10), the increment of plastic strain,𝑑𝑑𝑖𝑖
𝑝 , was assumed to obey the classic 

J2-flow theory. When the von Mises stress equivalent stress (𝜎𝑉𝑉𝑉 = �3𝜎𝑖𝑖′ 𝜎𝑖𝑖′ /2) equals 

the yield strength, 𝜎𝑌 , plastic yielding occurs; here, 𝜎𝑖𝑖′  is the deviatroic stress (𝜎𝑖𝑖′ =

𝜎𝑖𝑖 − 𝜎𝑖𝑖𝛿𝑖𝑖/3), which satisfies the relation 

𝑑𝑑𝑖𝑖
𝑝 = �̅�𝜎𝑖𝑖′     (13) 

where �̅� is a scalar coefficient that can be determined by solving the boundary-

value problem. We set the yield strength  𝜎𝑌 to be 1.00 GPa. 

As the time required for Li-ionic diffusion in the solid is much larger than that 

required for attaining mechanical equilibrium, the kinematics of deformation can be 

considered to be in the quasi-static state at any time with traction-free boundary 

conditions at the surface: 

 0ijσ∇⋅ =  in V   (14) 

 0ijσ⋅ =n  on S   (15) 
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where V and S are the volume and the surface of the Si thin film, respectively, and n is 

the outward normal of the outer surface of Si thin film 

 

4.3 Atomic analysis of Si plasticity 

As our first topic, we investigate the mechanisms through which the presence of 

Li atoms in the crystalline silicon lattice can lead to the breaking of Si–Si bonds. Unlike 

the intercalation of electrode materials, the Li–Si alloying process should experience 

complex phase transformations involving Si–Si bond breakage.[72] Because it is difficult 

to define the overall mechanism and the corresponding model systems, we first focus on 

single Si-bonding breakage to gain an elementary understanding.  

To explain the detailed mechanisms of plastic deformation, we examine the elongation 

of Si–Si bonding with changing Li configurations near a selected Si–Si bond. We place 

Li atoms at Td sites around a particular Si–Si bond and impose a gradual elongation of 

the Si–Si bond, as shown in Figures 4.2a and 4.2b. Two Si atoms are fixed while the 

others are fully relaxed to provide the optimized system energy at a given Si–Si bond 

length.  

Figure 4.2c shows the energy profiles as a function of Si–Si bonding elongation. 

The activation energy of Si–Si bond breakage is highly dependent on the nearby Li 

concentration. The incorporation of Li atoms around the Si bond decreases the activation 

energy of Si–Si bond breakage. The activation energy is approximately  . When the bond 

between Si atoms is broken, the dangling bonds may be saturated by the neighboring Li 

atoms. 0.1–0.2 eV in Li-rich state and the final state becomes energetically more stable. 
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This result indicates the underlying mechanism of increasing driving force for plastic 

deformation with increasing lithium concentration.  

In an attempt to capture the essential atomistic aspects of the plastic-deformation 

mechanisms, we also performed a set of simulations that model a uniaxial tension on 

lithiated silicon at various Li concentrations. The main insight from these simulations is 

that the plastic deformation is induced by a continuous, Li-assisted breakage and 

reformation of silicon bonds.  

Here, we focus on the static equilibrium features of lithiated silicon and do not 

consider kinetic effects which is assumed that the Li atoms are homogeneously dispersed 

in lithiated silicon structure. We first investigated the uniaxial-tension simulation. In the 

simulation of uniaxial tension, we prescribe a given stress level along the x-direction of 

the structure and measure the nominal strain after full relaxation. The stress–strain 

response curves are shown in Figure 4.3. For each curve, the highest stress level 

represents the yield strength of the lithiated structure. It is evident that a brittle-to-ductile 

transition occurs as the Li concentration increases, with the various lithiated Si structures 

showing significantly different behaviors. The corresponding yield strength decreases as 

well with increasing Li concentration. In the lowest lithiated Si structure, loading leads to 

nonlinear elastic behavior. As the Li concentration increases, the stress–strain curves 

show substantial plastic deformation. The network can be stretched over 28% without 

fracture. As the Li concentration increases, the Si coordination decreases dramatically 

with strain, which is related to ductile behavior. This finding is consistent with the 

dependence of the Young’s modulus on Li concentration and the softening effect induced 
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by lithiation. The plastic deformation observed in our simulations can be explained by the 

breakage and reformation of atomic bonds.  

To consider the plastic effect caused by chemo-mechanical load as well as flow 

driven by mechanical load, the biaxial stress is measured in the thin-film mode. Owing to 

the constraint in the in-plane directions of the unit cell, a biaxial stress is generated due to 

Li insertion and extraction in the a-Si thin film. The evolution of the biaxial stress 

obtained from DFT calculations is shown in Figure 4.4. The line with blue circles 

represents the stress evolution during lithiation, and the line with red circles represents 

the stress evolution during delithiation. The calculations are well agreement with 

experimental measurements.[73] In the calculation, during lithiation, the biaxial 

compressive stress reaches an elastic limit of 2 GPa at Li0.25Si. With further lithiation, the 

lithiated silicon exhibits plastic flow. The compressive plastic flow stress decreases from 

2 GPa to 1.5 GPa when the Li composition increases to Li2Si. Upon delithiation, lithiated 

silicon first unloads elastically over a wider range of Li composition compared with that 

in the experiment. The discrepancy in elastic unloading might be due to artificial 

limitations introduced by the relatively small size of our model system. Nevertheless, the 

agreement in elastic unloading behavior between the experimental measurements and 

theoretical predictions is still reasonable. Following the elastic response, the biaxial stress 

reaches a value of 1–1.5 GPa in tension, and the magnitude of the stress steadily 

increases with further delithiation. The high stress level at low Li concentrations might be 

due to an elastic response; at sufficiently low Li concentration, the structure is too brittle 

to flow. The yield strength obtained through the uniaxial tensile simulation is shown in 

Figure 4.4. The magnitude of yield strength at a fixed Li concentration is approximately 
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three times that of the stress generated during the lithiation cycle. The difference between 

the yield strength and biaxial stress is attributed to lithiation-assisted inelastic 

deformation. The lithiation enhances the flow of lithiated silicon by lowering the stress 

needed to induce flow. Therefore, in our continuum analysis of the elasto-plastic DIS 

model, the yield criterion is set to be 1–1.5 GPa, rather than the yield calculated in the 

tensile simulation.    

 

4.4 Continuum analysis of Si plasticity  

In chapter 3, we analyzed the evolution of stress of the Si nanowire. The 

lithiation-induced stress is developed as follows. In the initial charge state, the Li 

concentration at the surface region is higher than that of the inner region during the 

charge simulation. Because the volume expansions of alloy materials are proportional to 

the Li concentration, the difference in Li concentration between the interior and surface 

regions of the nanowire cross section causes the stress evolution generated by a mismatch 

of volume expansion. Therefore, the core element with low Li concentration is 

mechanically pulled to maintain the continuity of the expansion of the outer element. In 

contrast, the surface region experiences compressive force. During lithiation, the Si 

nanowire develops tensile stress in the inner part and compression stress in the outer part; 

the reverse occurs during delithiation. However, in this scheme, we cannot determine 

whether the stress generated during the lithiation could generate crack initiation and 

propagate the crack tip.  

As mentioned above, Si nanowires or particles only experience compressive stress 

on the surface during lithiation, when only elasticity is considered. Figures 4.5a and 4.5b 
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show the radial stress and hoop stress of a Si nanowire during lithiation, respectively. The 

radial stress on the surface is zero because of the free-surface condition, and tensile stress 

increases with Li concentration. The compressive stress in the hoop direction increases 

with lithiation and reaches the chemo-mechanical yield strength of 1 GPa. Although the 

stress reaches the yield strength, the developed compressive stress cannot generate a 

crack tip on the surface.  

Figures 4.5c and 4.5d show the time evolution of stress in the radial and hoop 

directions, respectively. Similarly, the traction-free boundary condition requires the radial 

stress at the surface of the particle to vanish at all times. The particle expands more near 

the surface than at the center, resulting in tensile radial stress inside the nanowire. The 

hoop stress is compressive near the surface and tensile near the center. After the 

maximum stress is attained, both the stresses are reduced because of the Li-concentration 

effect, which we discussed in the previous chapter. However, at t = 2000 s, tensile radial 

stress is developed at near surface. We note that with increasing Li concentration, the 

surface part is pushed away by the expansion of the core part. This effect is also shown in 

the time evolution of hoop stress. Owing to plastic deformation, the core part pushes the 

surface part away and is then elastically unloaded. Finally, the surface region experiences 

tensile stress in the hoop direction. Consequently, this effect could facilitate crack 

formation at the surface during lithiation as well as delithiation. At this point, the Si 

material should be assumed to undergo plastic deformation when the state of stress 

reaches the yield condition. 

 



68 
 

4.5 Summary 

Through a DFT simulation and continuum-based analysis of a Si-nanowire anode, 

we studied the microscopic mechanism of the plastic deformation of an a-Si electrode 

and the stress accompanying lithiation. We described the mechanism of bond breakage 

and reformation among Si and Li atoms. The yield strengths resulting from chemo-

mechanical and mechanical responses were compared through first-principles 

calculations. Based on atomistic results, the continuum model for DIS considered the 

effect of plastic yielding. The stress developed by plastic deformation in the Si nanowire 

tended to generate tensile stress near the surface during lithiation. The generation and 

propagation of the crack tip caused by fast lithiation is explained by our results. 
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Figure 4.1 (a) Schematic of a-Si thin-film electrode. Examples of atomic-scale 

simulation of (b) uniaxial tensile stress and (c) lithiation-induced biaxial stress. 
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Figure 4.2 (a) Cubic cell of c-Si outlined by four equivalent tetrahedron sites (labeled 
1, 2, 3, and 4) surrounding a Si–Si bond. (b) Configuration of Si-Si bond elongation 
for [Li 1, 2, 3, 4] cases, in units of 2.339 Å. (c) Total energy as a function of the Si–Si 
bond elongation for different numbers of Li atoms surrounding the Si–Si bond. 
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Figure 4.3 Stress–strain curves of a-LixSi under uniaxial deformation simulated 

using first-principles methods. An incremental strain is applied along the x-

direction of the LixSi supercell, and the responsive stress is recorded.  
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Figure 4.4 Biaxial stress in an a-Si thin film during a lithiation–delithiation cycle. 

The dotted line shows the in situ measurement of the biaxial stress in the studies of 

Zhao et al. The yield strengths of lithiated Si are obtained through uniaxial-tension 

simulations. 
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Figure 4.5 Time evolution of (a) radial and (b) hoop stress during lithiation within 

the elastic scheme. Stress profiles in (c) radial and (d) hoop directions considering 

plastic deformation. 
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Chapter 5 Lithiation mechanism of amorphous SiO2 

In this chapter, silicon dioxide (SiO2) is suggested as an alternative anode material 

because of improved cycling stability and low cost utilization in electronics industries. 

Density functional theory calculations is presented to investigate an exact Li+ insertion 

mechanism, structural evolution, and voltage profiles of amorphous SiO2. The effects of 

structural deformation on Si−O bonds are studied by using an amorphous SiO2 structure 

model generated by ab-initio molecular dynamics (AIMD) simulation. From the charge 

analysis of amorphous SiO2, the reaction products were clarified during lithiation. 

Theoretical findings are further validated by experiments with an amorphous SiO2 

prepared by a conventional high-energy mechanical milling (HEMM) of commercial 

crystalline SiO2. An increase in reversible capacity of amorphous SiO2 by increasing 

milling time is found and a possible reaction mechanism of amorphous SiO2 as a 

potential anode material for LIBs is also discussed detail in this study.  

 

5.1 Overview of SiO2 anode material 

The demand for new materials, which can meet the requirements of developing 

high-energy lithium-ion batteries (LIBs), is growing rapidly more than ever. There have 

been many attempts to improve the energy density of current LIBs by exploring new 

anode materials with a higher reversible capacity than commercial graphite (372 mAh g−1, 

LiC6). Among them, silicon and silicon oxide anode are the promising candidates that 

will undoubtedly play a far more important role in the future owing to its high theoretical 

capacity, i.e. Li−Si (3580 mAh g−1, Li15Si4) and Li−Si−O (2200 mAh g−1
,Li4SiO1/3).[74-
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76] However, in contrast to the commercial graphite based on an intercalation mechanism 

of Li+, these alloy systems undergoes a very large volume expansion during alloying and 

de-alloying with Li+. In the case of Si, the large volume variation of Si induces 

undesirable particle fractures, with a significant performance fading. To overcome such 

shortcoming, the nanosgtructured materials as well as active/inactive composite materials 

have been suggested.[77-80] Then the silicon sub-oxide has been extensively investigated 

as active/inactive composite materials. The Si nanocrystals dispersed in the SiO2 matrix 

exhibited much improved cycle performance because the SiO2 (inactive phase) could 

effectively buffer the strain induced by embedded Si nanocrystals (active phase) during 

Li+ insertion and extraction.[81, 82] Even if these efforts could make a notable advance 

in cycle performance of Si, practical Li-ion batteries with sufficiently good cycle 

performance have been not developed yet.  

So far, SiO2 has been suggested as an alternative anode material because of 

improved cycling stability and low cost utilization in electronics industries. Although 

SiO2 is known to be an inactive phase toward Li+ insertion and extraction due to its 

structural stability, the general finding is that the controlled crystallinity and particle size 

of SiO2 could allow electrochemical lithiation of SiO2 by forming lithium silicates (e.g. 

Li2Si2O5, Li2SiO3, and Li4SiO4) and lithia (Li2O), accompanying a large irreversible 

capacity loss.[83-85]  

Chang et al.[83] reported that 24 h-milled SiO2 with an amorphous structure 

exhibited a reversible capacity of ~800 mAh g−1 at a current density of 100 mA g−1. As 

confirmed by HRTEM analyses, the reversible formation of Li2Si2O5 and Si was evident 

at the initial stages of lithiation with an irreversible formation of Li4SiO4. It was 



76 
 

suggested that electrochemical behavior of amorphous SiO2 should be mostly concerned 

with the distinctive bonding nature of Si in the amorphous SiO2 structure. In this respect, 

the structural deformation of crystalline SiO2 into an amorphous form would be an 

effective way for undermining the bond strength of Si−O in the structure. This approach 

is interesting enough, especially when pursuing new silicon-oxide anode materials that 

can be fabricated via an easy synthetic route. Jiao et al.[84] also have successfully 

synthesized amorphous SiO2 nanospheres, showing a noticeable electrochemical 

reactivity below 1.0 V vs. Li/Li+. They the reversible capacity must be associated with 

the alloy-dealloy reaction of Si after irreversible formation of Li4SiO4 and Li2O during 

lithiation. More recently, Kejie Zhao et al.[85] investigated the lithiation mechanisms of 

amorphous SiO2 thin film deposited on SiC substrate by experimental and theoretical 

studies. They also found the formation of Li2O and Li4SiO4 phases, but the formation 

LixSi alloys were not clearly detected during lithiation.  

Despite these promises, however, the lithiation mechanisms of amorphous SiO2 is 

still controversial and the fundamental understanding on the reaction mechanism of 

amorphous SiO2 is strongly required based on unambiguous theoretical analysis.  

Here, we presented density functional theory (DFT) calculations to investigate an 

exact Li+ insertion mechanism, structural evolution, and voltage profiles of amorphous 

SiO2. The effects of structural deformation on Si−O bonds were studied by using an 

amorphous SiO2 structure model generated by ab-initio molecular dynamics (AIMD) 

simulation. From the charge analysis of amorphous SiO2, the reaction products were 

clarified during lithiation. Our theoretical findings were further validated by experiments 

with an amorphous SiO2 prepared by a conventional high-energy mechanical milling 
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(HEMM) of commercial crystalline SiO2. We demonstrated an increase in reversible 

capacity of amorphous SiO2 by increasing milling time and discussed a possible reaction 

mechanism of amorphous SiO2 as a potential anode material for LIBs.  

 

5.2 Theoretical analysis of lithiation mechanisms of amorphous SiO2 

5.2.1 Simulation method 

Ab-initio calculations were performed using the DFT method with generalized 

gradient approximation (GGA).[37, 39] We used the projector augmented wave (PAW) 

method with a plane wave basis set as implemented in Vienna ab-initio simulation 

package (VASP).[38] As describe valence configuration for Li, Si and O, 1s22s1 for Li, 

3s23p2 for Si, and 2s22p4 for O were employed. The energy cutoff for the plane wave 

basis set was kept fixed at constant value of 500 eV. A k-point mesh in the Monkhorst-

Pack scheme was set by 3 × 3 ×3. The geometries of c− and a− LixSiO2 (0 ≤ x ≤ 4) were 

optimized using conjugated gradient method until residual forces on constituent atoms 

become smaller than 0.01eV/Å. For ab initio molecular dynamics simulation, the k-point 

is only sampled at the gamma point. Amorphous structures of LixSiO2 were made using 

the ab-initio MD (AIMD) simulation avoiding their crystalline configuration with the 

various temperatures at 2200 K. A time step of 3.0 fs and overall simulation steps of 2000 

are used. The 2 ×1 × 1 super cell of c-SiO2 was constructed, and that of a−LixSiO2 

structures contained 16 Si atoms, 32 O atoms, and x × 16 Li atoms as shown in Figure 5.1 

Although thermodynamically Si suboxides disproportionate into Si and SiO2, we 

assumed a random O distribution (random network model) for initial structure. 
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5.2.2 Structural characterizations in atomistic simulations 

Although crystalline SiO2 is known as a wide band-gap insulator, which is 

electrochemically inactive toward Li+ insertion and extraction, recently it was suggested 

that the electrochemical reactivity of SiO2 could be improved by structural deformation 

(e.g. amorphization). Inspired by these findings, we investigated the lithiation behaviors 

of crystalline SiO2 (denoted as c−SiO2 hereafter) and amorphous SiO2 (a−SiO2) by 

combining theoretical and experimental approaches.  

For theoretical calculations, both c−SiO2 and a−SiO2 structures were carefully 

modeled by interstitial Li-defect simulation. Figure 5.1a and 5.1b show a 2×1×2 supercell 

of relaxed quartz (SiO2) represented as c−SiO2 (Si: 12, O: 24) and an a−SiO2 cell with 16 

Si and 32 O atoms generated by ab initio molecular dynamics (MD) simulation at 2200K 

over 10 ps, respectively. The a−SiO2 structure was further confirmed by a radial 

distribution function (Figure 5.1c and 5.1d). Then, Li+ insertion behaviors into both 

c−SiO2 and a−SiO2 structures were investigated by comparing the formation energies of 

interstitial Li-defects. From a comparison of formation energies at various interstitial sites 

(Figure 5.2b), we found that the most stable site of Li+ is near Si−O bond in the c−SiO2 

structure. The formation energies were calculated based on the following equation (5.1). 

𝐸𝑓 = 𝐸(𝐿𝐿𝑥𝑆𝐿𝑆2) − �𝐸𝛺−𝑆𝑖𝑂2 + 𝑥𝐸𝐿𝑖�)  (5.1) 

where 𝐸𝛺−𝑆𝑖𝑂2 and 𝐸𝐿𝑖 are total free energies of the quartz SiO2 crystal and Li 

metal (bcc), respectively. With a formation energy of 1.4065 eV, it should be noted that 

single Li+ insertion into the c−SiO2 structure would be energetically unfavorable (Figure 

5.2a). A further consideration on interstitial Li-pair defects forming near O atom shared 

by two Si−O4 tetrahedrons supports that most of interstitial Li-pair defects maintain their 
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initial bonds with high positive formation energy over 0.4 eV. In some cases, however, 

the interstitial Li-pair defects are surrounded by Si−O bonds, leading to the displacement 

of Si atom outside of the Si−O4 tetrahedron. The migrated Si atom having a 3-fold 

coordination with O atoms can possibly store the charge from inserted Li+ at its dangling 

bonds and it turns out to be thermodynamically stable, representing a partial reduction of 

c−SiO2 (i.e. Li2Si2O5 and Li2SiO3).  

From the results in Figure 5.2a, we also note that the formation energy of the most 

stable configuration was calculated to be -0.1641eV. The transferred charge (yellow 

isosurface in Figure 5.2c) from the Li-pair is obviously observed at Si dangling bonds 

(black arrow) having a positive charge density as calculated by equation (5.2). 

𝜌𝑑𝑖𝑓𝑓 = 𝜌𝐿𝑖−𝑆𝑖𝑂2 − �𝜌𝑆𝑖𝑂2 + 𝜌𝐿𝑖�                   (5.2) 

where 𝜌 is the calculated charge density. Accordingly, two Li+ could be occupied 

in the distorted c−SiO2 structure as a result of the charge transfers.  

In parallel, Li+ insertion behavior into the a−SiO2 structure was also investigated 

in the same way. As confirmed above, the Si dangling bonds of the Si−O4 tetrahedron 

can host two electrons provided by inserted Li+. All possible configurations of a−SiO2 

structures (about 60 cases) with interstitial Li-defects have been carefully calculated. In 

contrast to the c−SiO2 structure, some negative formation energies were found for the 

single Li-defect in the a−SiO2 structure (Figure 5.2a). It is because distorted Si−O bond 

would have a more possibility of forming dangling bonds to store the charge from 

inserted Li+. The inserted Li+ is forming a chemical bond with O atom and the charge is 

transferred from the Li+ to the Si dangling bonds (yellow isosurface in Figure 5.2d). As 

regard to the Li-pair defects in Figure 5.2a and 5.2e, most of configurations exhibited 
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negative formation energies and the lowest formation energy was −0.9410eV, indicating 

that the transferred electron also contributed to the stabilization of a−SiO2 structure. 

Note that both c−SiO2 and a−SiO2 structures are able to store inserted Li+, but the 

reaction is hindered by the sluggish kinetics in the c−SiO2 structure because a repulsive 

Coulomb interaction between Li+ could obstruct the sequential generation of Li-pair 

defects in the c−SiO2 structure. In contrast, mechanically or chemically formed Si−O 

dangling bonds in the a−SiO2 structure can more easily store the charge from the inserted 

Li+. Accordingly, the a−SiO2 could have much higher reversible capacity during cycles. 

Another partial concern is to clarify an exact lithiation mechanism of a−SiO2 as a 

possible anode material for LIBs. Figure 5.4a shows a computed phase diagram of 

Li−Si−O obtained from our calculated results and previous reports.[86-88] Although the 

formation of LixSiOy phases can be inferred from the presented ternary phase diagram, 

Li+ conducting paths in a−SiO2 structures have not been clearly identified yet. In 

equilibrium, the lithiation should proceed along Li−SiO2 tie line in Figure 5.4a. 

According to literatures, however, two different lithiation mechanisms have been 

proposed as described in Figure 5.4a. One possible mechanism is based on the partial 

reduction of a−SiO2 by forming Li2O and Si at the initial stage of lithiation and then the 

reduced Si reversibly reacts with Li+ during further lithiation. Following this suggestion, 

the formation of Li2O would be expected at the initial stage of lithiation. Another finding 

suggested a sequential formation of Li2Si2O5, Li4SiO4 and LixSi along the lithiation of 

a−SiO2. In this case, the formation of Li2O would not be found during the lithiation. The 

controversy surrounding the lithiation mechanism of a−SiO2 is attributed to the 
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ambiguous detection of amorphous mixture of Li−Si−O glass with crystalline lithium 

silicate and lithium silicide.  

For further inspection on the lithiation mechanism of a−SiO2, we performed 

lithiation simulation of a-SiO2 based on DFT framework. We designed the lithiated SiO2 

structures (a−LixSiO2) with various Li contents from x = 0 to 4 and then the formation 

energies were calculated as function of x against bcc−Li as follow. 

𝐸𝑓 = 𝐸𝐿𝑖𝑥𝑆𝑖𝑂2 − �𝐸𝑆𝑖𝑂2 + 𝑥𝐸𝐿𝑖�                 (5.3) 

With increasing Li contents, Si networks were gradually collapsed in the given 

structure (Figure 5.3) by forming small fragments of Si−Oy (y = 0 to 4). From the 

calculated results (Figure 5.4b), we found that the 𝐸𝑓  value of a−SiO2 decreased 

monotonically with increasing x. A minimum-energy plateau was found at around x = 3.5. 

A similar behavior was also found in the c−SiO2 structure with slightly higher values 

during lithiation, which is in good accordance with the formation energy of interstitial Li-

defects in the c−SiO2 structure as mentioned above.  

The formation energies of c−SiO2 and a−SiO structures at the initial stage of 

lithiation are compared in the inset of Figure 5.4b. During Li+ insertion, the c−SiO2 

showed higher values than those of a−SiO2, indicating that the lithiation of c−SiO2 would 

be energetically unfavorable. It is because a local structural deformation such as breaking 

Si−O bonds should occur for successful Li+ occupation in the given structure. In addition, 

the predicted Li+ storage capacity of a−SiO2 was close to about 4 moles of Li+ at fully 

lithiated state in our calculation. We notice that the Ef profile of a−LixSiO2 is 

considerably lower than LixSi (0~0.9 eV) with a much steeper descending trend. This 



82 
 

difference can be reasonably explained by the dominant reaction of O atoms with inserted 

Li+ by forming local Li−O−Si clusters during lithiation.  

By taking negative of the derivative of first-order polynomial fittings according to 

V = −dEf(x)/dx, the voltage profile of the a−LixSiO2 can be obtained as provided in 

Figure 5.4c. According the calculated voltage profiles of a-SiO2, Li+ insertion is started at 

1.08 V vs. Li/Li+ and a steep descending of voltage profile is obvious. Even though the 

calculated voltage profile of c−SiO2 also shows a similar tendency, the lithiation would 

be difficult due to kinetic limitation as supported by the predicted potential of −1.5 V vs. 

Li/Li+ at the initial stage of lithiation. The voltage profile of a−LixSiO2 is divided into 

two plateaus. In the initial stage, the reaction would originate from the structural 

distortion of Si−O networks with the formation of Li−O bond, which seems to be 

Li−O−Si compounds. Above x > 2, the potential plateau shows the lower value of 0.22 V 

vs. Li/Li+ which is attributed to the formation of isolated O atom surrounded by Li+ and 

direct bonding between Li+ and Si. The detailed structural analysis and voltage profile of 

a−LixSiO2 by experimental method will be discussed in next.  

 

5.3 Experimental analysis of lithiation mechanisms of amorphous SiO2 

5.3.1 Characterization method 

HEMM was employed with commercially available SiO2 (Quartz, Aldrich, 325 

mesh) powder. The powder was placed into a hardened steel vial (65 cm3) with steel balls 

of two different sizes (3/8 inch, 3/16 inch) at a ball/powder ratio of 30: 1. The whole 

apparatus was assembled in an Ar filled glove box. The HEMM process was conducted at 

800 rpm for 48 h. 
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The crystallographic structures of the milled SiO2 samples were examined by X-

ray diffraction (XRD, PANalytical Empyrean system with Pixel3D detector and Cu-Kα 

radiation). The morphology and microstructure were observed by using a field emission 

scanning electron microscope (FE-SEM, JEOL JSM-7000F). Fourier-transform infrared 

spectroscopy (FT-IR, Bruker VERTEX 70) and Raman spectroscopy (Bruker Senterra 

Grating 400 with a He−Ne laser at a wavelength of 532 nm) were employed to 

characterize the synthesized powders, respectively. To determine the valence state of the 

Si in the milled SiO2, X-ray Photoelectron Spectroscopy (XPS, Thermo Scientific Sigma 

Probe) was used. Before the XPS measurement for the a-SiO2 electrodes during lithiation, 

the surface of electrodes was etched by sputtering for 300 s. Nuclear magnetic resonance 

(NMR, Bruker AVANCE III HD) analysis was carried out for the c−SiO2 and a−SiO2 

samples. The 29Si NMR spectra were acquired at 71.55 MHz using a CMX-360 MHz 

spectrometer with a 4.0 mm magic angle spinning (MAS) probe at an 11 kHz spinning 

speed.  

Electrodes were fabricated for the electrochemical evaluation. Pristine and milled 

SiO2 samples (70 wt%) were dissolved in de-ionized water with a binder (polyacrylic 

acid, 15 wt%) and conducting agent (Ketchen black , 15 wt%). The slurries were coated 

on copper foil and dried under vacuum at 80 °C for 12 h. Coin-type cells were assembled. 

Li foil was used as the counter and reference electrodes. 1 M LiPF6 in ethylene carbonate 

(EC)/diethyl carbonate (DEC) (3:7 by volume, PANAX Etec) was used as the electrolyte. 

Cells were tested galvanostatically between 0.001 and 2.0 V (vs. Li/Li+) at a constant 

current of 100 mAg−1. Galvanostatic Intermittent Titration Techniques (GITT) was also 

performed within the same voltage window at a constant current of 50 mA g−1. All 
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electrochemical experiments were conducted in a dry room with a controlled dew point 

of less than –50 °C. 

 

5.3.2 Electrochemical analysis  

The morphologies of quartz (c−SiO2) and 48 h-milled sample (a−SiO2) were 

characterized by FESEM. As shown in the inset of Figure 5.5a, the c−SiO2 has an 

averaged particle size of about 1 µm. After the milling for 48 h, uniform a−SiO2 particles 

with an averaged particle size less than 400 nm was successfully obtained (Figure 5.5a). 

According to the powder XRD pattern of c−SiO2 sample in Figure 5.5b, all characteristic 

peaks were well matched with those of α-quartz with a hexagonal structure (JCPDS 08-

3849). After the milling for 48 h, the peaks were notably broadened due to the amorphous 

nature of 48 h-milled SiO2. Figure 5.5c compares FT-IR spectra of both c−SiO2 and 

a−SiO2 samples. In the FT-IR spectrum of a−SiO2, a peak broadening of Si−O stretching 

and a peak shift from 1098 cm−1 to 1056 cm−1 should be noticed. This is mainly due to 

the amorphization of SiO2 induced by the HEMM, which is in good agreement with 

previous spectroscopic characterizations. On the other hand, Raman scattering is also 

sensitive to the degree of crystallinity of the materials. As shown in Figure 5.5d, the 

c−SiO2 yields a very sharp spectrum with a major vibration corresponding to Si−O−Si 

symmetric stretching with a bending of c−SiO2 at 464 cm−1, while the a−SiO2 shows a 

broader spectrum with a less intensity.[89, 90]  

Figure 5.6a shows the 29Si NMR spectra of both samples. A single peak was 

clearly observed at −112 ppm in the NMR spectrum of a−SiO2, corresponding to the Si in 

the form of Si−O4 tetrahedral structure. No other NMR signal was observed in the 
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spectra. In contrast, a broad chemical shift of Si was observed near −112 ppm in the 

spectrum of a−SiO2 because the isotropic chemical shift of Si is determined by the near 

neighbor Si−O−Si angles surrounding the Si nucleus in the a−SiO2 structure. It supports 

that the Si tetrahedral networks with O are partially distorted, not destroyed as described 

in our theoretical calculation where the Si−O4 local structure still remained (Figure 5.1b). 

The calculated chemical shifts of Si in a−SiO2 also shows the broaden values (Figure 

5.6b), indicating the deformation of local structures.[91, 92]  

XPS is employed for further confirmation on the surface chemistry of the 

prepared samples. We found a noticeable peak shift of Si 2p spectrum from 103.7 to 

103.4 eV in the a−SiO2 structure (Figure 5.6c). It is because the binding energy of Si with 

O is decreased due to the amorphization. As supposed, the binding energy of O also 

decreases from 533.3 to 532.7 eV, as shown in Figure 5.6d. From the results, it can be 

inferred that the strong Si-O bond could be weakened in the a−SiO2 structure, which is 

responsible for reversible Li+ storage.    

Figure 5.7a shows galvanostatic voltage profiles of the c−SiO2 and a−SiO2 anodes 

in the first cycle with an operating voltage window of 2.0−0.001 V vs. Li/Li+. The initial 

discharge (Li+ insertion) and charge (Li+ extraction) capacities of the c−SiO2 were 

estimated to be 390.0 and 90.8 mAh g−1, respectively, with a low initial coulombic 

efficiency of 23.3%. In contrast, the a−SiO2 anode showed much higher capacities of 

1913 mAh g−1 (Li+ insertion) and 749 mAh g−1 (Li+ extraction), respectively. More 

importantly, a higher initial coulombic efficiency of 39.1 % was attained in the first cycle. 

From the corresponding differential capacity (dQ/dV) plots in Figure 5.7b, it should be 

noted that a large current in the profile is detected at 0.4 V vs. Li/Li+ during the first 
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discharge. Compared with Li−Si alloying reactions, a slightly higher voltage is mainly 

attributed to the formation of Li−O−Si alloy during lithiation. A broad peak observed at 

about 0.1 V vs. Li/Li+ must be associated with the reversible alloying−dealloying of Si 

with Li+, as discussed in theoretical calculation.  

We examined electrochemical lithiation behavior of the a−SiO2 anode using a 

galvanostatic intermittent titration technique (GITT). The anode was polarized by an 

intermittent discharge for 1 h at a low current density of 50 mAh g-1 and relaxed for 6 h 

to allow sufficient reaction time for lithiation. A typical voltage transient of the a−SiO2 

anode can be obtained as shown in Figure 5.7c, where the uppermost trace in the 

discharge profile corresponds to the open circuit voltage (OCV) while the bottom one for 

the closed circuit voltage (CCV). The result shows a large overpotential, approximately 

0.6 V, at the initial stage of Li+ insertion and it slowly decayed along with further Li+ 

insertion. As evidenced by the OCV profiles, the electrochemical reaction of a−SiO2 

anode with Li+ was initiated around 1.0 V vs. Li/Li+ and completed around 0.3 V vs. 

Li/Li+, which is comparable to the calculated potential profiles (Figure 5.4c). It reveals 

that our calculated results are in good agreement with experimental results.  

 

5.4 Comparative study of experimental and theoretical results.  

To understand the interaction between Si, O, and Li atoms in a−SiO2 structure, we 

calculated Bader charges in all possible configurations. The net charge state of Si in the 

a−SiO2 and c−SiO2 structures is highly dependent on the local O atomic network (Figure 

5.8). In both lithiated SiO2 matrix, the net charge state of Si was estimated to be around 

+1.0, +1.8, +2.6, or +4, due to the number of neighboring O atom. As the Li content 
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increased to 4, corresponding net charge state of Si also increased from −2.1 to +2.4, 

while the Si−O4 remained as a constant (+4). It reveals that each Si atom could 

accommodate additional electrons to fill the empty state of outermost 3s and 3p shells. 

Even if the Si in Si−O4 tetrahedron keeps its net charge constantly during lithiation, O 

atoms strongly interact with Li+ by forming Li−O−Si glasses. Such electron transfer 

induces a gradual weakening of host matrix with a notable decrease in bulk modulus from 

45 to 40 GPa.  

Figure 5.10a and 10b shows the averaged total coordination numbers (CNs) of 

each atom in the structure. Considering the average bond lengths of Si−Si (~2.50 Å) and 

Si−Li (2.57−3.09 Å) in Li−Si alloys (LixSi), we set representative cutoff radii for 

calculating CNs of Si−Si and Li−Si as 2.50 and 3.10 Å, respectively. In addition, the 

cutoff radii of O−Si (1.86 Å) and O−Li (2.15 Å) were found based on the O−Si bond 

length in c−SiO2 and the O−Li bond length in lithium silicates such as Li2Si2O5 and 

Li4SiO4. Along the Li+ insertion, the CNs of OSi decreased from 2.0 to 1.0 because Si−O 

bonds were broken by additional electron transferred from the stabilized O atom. The 

dangling bonds sites of Si and O were occupied by other Li+ during lithiation as 

confirmed by the variation of CNs of SiLi and OLi. The CNs of SiLi and OLi gradually 

increased from 0.1 and 0.3 (x = 0.25) to 8.5 and 4.1 (x = 4.0), respectively. During 

lithiation, the total CNs of Si and O gradually increased, while those of Li+ remained 

constant. Note that the CNs of Si and Li monotonically increase in the LixSi along the 

lithiation. The constant CNs of Li is attributed to the presence of local characteristics of 

lithium silicates or LiO2 upon Li+ insertion into the SiO2, which is totally different with 

Si. For the detailed analysis, we compared the CNs of Si, Li and O in the simulated 
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structures with respect to their local structure (Figure 5.9). The observed CNs of Si−O is 

almost four in the structure before Li+ insertion. As Li+ was inserted, the number of 4-

fold coordination structure decreased and local Si atoms became obvious over x = 2 in 

LixSiO2 (Figure 5.9a). Figure 5.9c shows that the CNs of O-Li increased during lithiation, 

while those of Li+ remained constant (Figure 5.10b). This supported that Li stored at near 

O site and Li−O bonds were dominantly generated. 

Figure 5.10c show the selected structure of LixSiO2 (x = 4) and its local structures, 

where isolated O atoms were found and mostly bonded to 6 Li+. Si atoms were also 

neighbored with O atoms which connected to Li atoms. The total CNs of Si−O 

tetrahedron surrounded by Li+ are calculated to be about 12 in 3.3 Å-cutoff radius, which 

is a similar value with a Si−Li bond length in Li15Si4. Thus, Li+ could be effectively 

packed in the a−SiO2 structure compared with LixSi.[93] The Si atoms in LixSiO2 have 

the same number of neighboring Li atoms with LixSi. Most of Li atoms, however, are 

bonded with O, not Si. This difference would be partly due to the atomic size of O 

affecting the Li packing efficiency in a smaller volume. Thus, a relatively smaller 

dimensional change is allowed in the a−SiO2 structure during lithiation by the gradual 

rearrangement of the lattice structure with reforming Li−O−Si clusters. As a result, 

a−SiO2 shows a much smaller volume expansion (110%) compared with that of Si (380%) 

as shown in Figure 5.10d. The presence of isolated O−Li local structure is confirmed at O 

net charge using Bader charge analysis (Figure 5.8). The isolated O formed by Li+ 

insertion into a−SiO2 shows a net charge of about −1.65 which is the same value of O net 

charge in Li2O (Table S1). In contrast, the most O induced by Li−O−Si formation in the 

a−SiO2 structure has a value of about −1.85, indicating that the formation of Li−O−Si 
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differs from lithium silicates such as Li2SiO3, Li2SiO3, and Li4SiO4. The lithium silicates 

should keep their Si−O4 tetrahedral structure, while the a−SiO2 structure induces the loss 

of O connectivity during lithiation. The fraction of defected Si−O clusters is higher than 

that of Si−O4 tetrahedral structures. It should be noted that the formation of Li−O−Si 

clusters is more thermodynamically favorable compared to the reduction of SiO2 into Si 

by forming lithium silicate grass and few LixSi. 

 Figure 5.11a and 5.11b show Si 2p and O 1s spectra of the a−SiO2 anode at 

different depth of discharge (DOD) in the first discharge, respectively. Before cycling, 

only two components are observed in Si 2p spectra: the component assigned to a 

fluorinated environment of the silicon species (SiOxFy) at ~ 106 eV and the silicon 

dioxide (Si4+) at ~ 103.5 eV (in red and green, respectively in Figure 5.11a). The signal of 

SiOxFy species might be originated from LiPF6 salt. At the initial stage of lithiation (1 

mole of Li+ inserted), an additional Si-containing phase is observed: lithium silicates 

(LixSiOy) at ~101.3 eV (yellow color) in the Si 2p spectrum, which was gradually 

increased along the lithiation. Corresponding O 1s spectra also indicate the growth of 

LixSiOy peak as lithiation proceeded as described in Figure 5.11b. 

On the other hand, the appearance of the LixSi alloy was visible after a further 

discharge up to 1350 mAh g-1 (3 moles). Compared to the Si 2p spectrum of the pristine 

electrode, the SiO2 peak has almost disappeared at fully lithiated state (4 moles).  

In the O 1s spectra of the pristine electrode, various oxygenated species are 

formed on the particle surface such as solid electrolyte interphase (SEI) layer. Because 

their specific signatures are in a narrow binding energy range, a precise interpretation of 

the O 1s spectra is complex. Right after lithiation, two components were found at ~ 532 
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and ~533.5 eV. These peaks are in good agreement with carbonates (Li2CO3) and alkyl 

carbonates (ROCO2Li) which are commonly found in the SEI formed with carbonates 

solvents. As Li+ concentration increases up to 2 moles, the LixSiOy component was 

clearly observed at 530−530.5 eV, which is attributed to the lithium silicate (Li4SiO4). As 

found in Si 2p spectra, the LixSiOy peak was gradually grown as shown in Figure 5.11b.  

Note that, we could not find any evidence for the formation of Li2O in the O1s 

spectra peak a low binding energy (528−528.5 eV) during lithiation. Moreover, Si peak 

was not detectable in the Si 2p spectra during lithiation.  

While previous results strongly suggested that a reduction of SiO2 to form Si and 

Li2O at the initial stage of lithiation according to the following reaction:  

𝑆𝐿𝑆2 + 4𝐿𝐿 → 𝑆𝐿 + 2𝐿𝐿2𝑆                 (5.4) 

In the present study, however, the component of LixSiOy became more evident at 

the initial stage of lithiation and the components assigned to Si and Li2O were not 

detectable. At highly lithiated state, the LixSi component was clearly indexed, but most of 

the components could be assigned to LixSiOy. Accordingly, the evolution of O1s spectra 

can also be mainly attributed to the formation LixSiOy. These findings are in good 

agreement with our previous theoretical studies. Based on the theoretical calculations and 

experimental results, we suggest Li+ reacts with a−SiO2 to form amorphous Li-O-Si 

phase and Si loses O connectivity upon the discharge.  

Based on the theoretical calculations and experimental results, we suggest Li+ 

reacts with a−SiO2 to form amorphous Li−O−Si phase and Si loses O connectivity upon 

discharge. The XPS data supports that the electrochemical reaction of a−SiO2 with Li+ is 

mainly attributed to the formation of amorphous Li−O−Si glass phases in the initial stage 
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rather than the formation of Si and Li2O phases due to the conversion reaction. The 

theoretical analysis of structural evolution of a−LixSiO2 also supports that amorphous 

Li−O−Si phases is attributed to favorable Li−O bond formation. In the Li compositional 

range of 2−3 mol, the formation of LixSi alloy is detectable in both experimental (Figure 

5.11a) and theoretical results (Figure 5.9a), but the most part is composed of an 

amorphous Li−O−Si glass phases.  

Note that the mechanisms we propose here is rather different from that proposed 

by the others. However, their mechanism concerned the only surface within few nano-

meter thicknesses. In our case, we evidence the break of Si−O bonds in amorphous nature 

and the formation of Li−O−Si glass phases by theoretical and electrochemical 

experimental studies.  

 

5.5 Summary 

The lithiation mechanism of a−SiO2 anode material was thoroughly investigated 

by DFT calculations. The theoretical findings were further validated by experiments with 

a−SiO2 prepared by a HEMM of crystalline quartz powder. We elucidated that a−SiO2 

could exhibit a reversible capacity of ~750 mAh g−1 in contrast with inactive c−SiO2.  

Concerning on the structural evolution, bonding mechanisms, and lithiation energetics of 

a−SiO2 during lithiation, we noted that both Si and O are active toward Li+ by forming 

Li−O−Si and Li6O local structure in the a−SiO2 structure. In particular, O plays an 

important role in stabilizing the lithiated a−SiO2 structure and reducing the strain induced 

by Li+ insertion and extraction.  
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Consistent with the calculated voltage profile of the a−SiO2, a higher voltage 

profile of the a−SiO2 anode than Si anode was attained in our experiments. Based on 

various structural and electrochemical analyses, we confirmed that the lithiation of SiO2 

proceeds through the formation of Li−O−Si species containing lithium-silicide and 

lithium oxide. The experimental and theoretical studies provide significant insight on the 

importance of O in a−SiO2 and consolidate its reaction mechanism as a promising 

candidate for LIBs. 
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Table 5.1 Net charge of Si, O, and Li using Bader charge analysis for SiO2, Li2Si2O5, Li2SiO3, 

Li4SiO4, and Li2O used in phase diagram. 

 Si O Li 

SiO2 +4 -2.00 - 

Li2Si2O5 +4  (1/2) -2.02 

(1/2) -1.86 

+0.871 

Li2SiO3 +4  (1/3) -2.01 

 (2/3) -1.88 

+0.872 

Li4SiO4 +4 -1.87 +0.870 

Li2O - -1.64 +0.822 
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Figure 5.1 The fully relaxed structure of (a) crystalline and (b) amorphous silicon 

dioxide, and their radial distribution function of (c) c−SiO
2
 and (d) a−SiO

2
. 
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Figure 5.2 (a) Interstitial defect formation energy of Li in crystalline SiO
2
 and 

amorphous SiO
2
:  the most stable configuration of the single interstitial defect case 

in c−SiO
2
 and a−SiO

2
, E

f 
= 1.4065 eV (b) and E

f 
= −0.2008 eV (d), respectively, and 

the pair interstitial defect in c−SiO
2
 and a−SiO

2
, E

f
= −0.1641eV (c) and E

f
=-

0.9410eV (e), respectively. Each charge difference density is also plotted as 

indicating yellow and cyan are positive and negative charge density, respectively. 
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Figure 5.3 Structural evolutions for a−LixSiO2 with increasing Li contents. 
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Figure 5.4 (a) Ternary phase diagram of Si, O, Li using density functional theory 

calculation and the publicly available materials project. (b) Formation energies as 

function of Li concentration in crystalline and amorphous silicon dioxide. (c) 

Voltage-composition curves obtained from the corresponding formation energies of 

crystalline and amorphous lithium silicon dioxide.    
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Figure 5.5 (a) FE-SEM of qurtz SiO
2
 (upper left) and 48 h milled SiO

2
. (b) XRD 

patterns, (c) FT-IR spectra and (d) Raman of pristine SiO
2
 and amorphous SiO

2
, 

respectively. 
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Figure 5.6 (a) Experimental NMR spectra of c−SiO2 and a−SiO2 and  (b) computed 
29Si chemical shift using density functional theory. XPS spectra of (c) Si 2p, (d) O 1s 

for the 48 h milled SiO2 powder. 
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Figure 5.7 (a) Voltage profile and (b) differential capacity plot (DCP) of c−SiO2 and 

a−SiO2 at first cycle, respectively. (c) GITT profile of a−SiO2 vs. depth of discharge. 
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Figure 5.8 (a) Silicon net charge using Bader charge analysis of a−SiO2 with respect 

to the oxygen coordination number. Oxygen net charge (b) and lithium net charge (c) 

using Bader charge analysis of a−SiO2. 
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Figure 5.9 Probability density of the nearest coordination number of Si for (a) O 

and (b) Li atom; and O for (c) Li in a−SiO2. 
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Figure 5.10 (a, b) XY denotes the number of nearest neighbors of type Y for atom 

type X (X, Y = Si, O, Li), as function of Li concentration x. In each case the number 

represents an average over 5 samples. (c) The calculated structure of Li4SiO2 and its 

local structures centered at O and Si. (d) Volumetric strain. The solid lines in the 

above figures represent the average values from five different configurations of 

LixSiO2, and the error bars represent the standard deviation at each given Li 

concentration. 
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Figure 5.11 XPS spectra of (a) Si 2p, (b) O 1s for the first lithium insertion into 

nano-composite. 
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Chapter 6 Electro-chemical performance of silicon sub-oxide  

In this chapter, a new strategy is proposed for improving the initial coulombic 

efficiency of amorphous SiO2 (a-SiO2) through partial reduction with transition metal 

powder during high-energy mechanical milling (HEMM). Among the various transition 

metals, the choice of Ti metal is based on thermodynamic formation energy calculations 

that show it is easily oxidized by a-SiO2.[94-96] The HEMM process therefore facilitates 

the in-situ formation of a SiO2-x/TiO2-x phase in the final composite, which also includes 

Si nanocrystallites. As a result, the initial coulombic efficiency can be increased while 

still maintaining an excellent cycle performance. To investigate the mechanism by which 

the SiO2-x/TiO2-x phase is formed by Ti incorporation, ab-initio calculations are conducted 

based on density functional theory (DFT). This simulation is used to determine: i) how Ti 

metal takes O away from a-SiO2, and ii) how SiO2-x/TiO2-x composites are formed by the 

HEMM process. The characteristics of the final material and the electrochemical 

properties of the composite are thoroughly examined using several analytical tools. 

 

6.1 Introduction 

As alternative to Si anode, Si oxides have attracted much attention of late because 

of its high Li+-storage capability and the low cost associated with its high natural 

abundance.[97] For several decades since the first demonstration of electrochemical 

reactivity of Si oxides with Li+ in organic electrolytes, a stoichiometric silica (SiO2) was 

not considered electrochemically active with Li+ because of its high thermodynamic 

stability. However, in 2001, it was reported that nanosized SiO2 can in fact react with Li+ 
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reversibly, leading to several studies into the reactivity of amorphous and/or 

nanostructured SiO2.[98] More recently, Chang et al.[83] demonstrated that mechanically 

ball-milled SiO2 exhibits a reversible capacity of about 800 mAh·g−1, and displays an 

excellent capacity retention over 100 cycles without any external buffering or a 

conductive media such as carbon. This improved cycling stability can be attributed to the 

buffering effect provided by lithium silicate and/or oxide phases against the inevitable 

large volume expansion induced by lithiation. The main drawback to this proposed 

material is its low initial coulombic efficiency of about 37%; but if this can be further 

improved maintaining its excellent cycle performance without additional engineering 

with carbon, then SiO2 would be more attractive as a potential anode for high-energy 

LIBs. A new strategy is need to improve the initial coulombic efficiency of amorphous 

SiO2 (a-SiO2). So through partial reduction with transition metal powder during high-

energy mechanical milling, the improved silicon sub-oxide anode will be developed.[99-

101] 

 

6.2 Theoretical analysis of Ti-SiOx atomic structure 

6.2.1 Computational methods 

Ab-initio calculations for the DFT study of the Ti-SiO2 model within a 

generalized gradient approximation (GGA) were performed using the Vienna Ab Initio 

Simulation Package (VASP).[37, 39] For this, a projector augmented wave (PAW) 

method was selected as the best method to describe the interactions between an ion core 

and valence electrons.[38] The energy cutoff for the plane wave basis set was kept fixed 

at a constant value of 500 eV, and the k-point mesh in the Monkhorst-Pack scheme was 
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set to 3×3×3 for bulk structures and 2×2×1 for slab models. Note that in energy 

optimization calculations the atomic coordinates were fully relaxed, but the supercell 

shape was fixed for the slab models. The energy optimization was considered complete 

when the magnitude of the force on each atom was smaller than 0.01eV/Å. The a-SiO2 

structure employed here was generated by quenching the liquid phase with ab initio 

molecular dynamics simulation (AIMD). The k-point was only sampled at the gamma 

point, and a time step of 2.0 fs was used for a total of 10000 overall simulation steps. 

 

6.2.2 Computational results 

The schematic illustration in Figure 6.1a depicts the formation of the SiO2-x/TiO2-x 

composite during HEMM, in which the main purpose of incorporating Ti metal is to 

facilitate the partial reduction of a-SiO2 so as to increase its initial coulombic efficiency 

and capacity retention without additional carbon coating. This is made possible by the 

high energy introduced via HEMM, which allows the Ti metal powder to take O away 

from a-SiO2, resulting in the formation of SiO2-x and TiO2-x phases in the composite. 

Since the molar ratio of a-SiO2 to Ti was about 1.85, the a-SiO2 cannot be fully reduced 

to Si, and so the resulting composite should still contain some Si suboxide phases. 

Furthermore, crystalline Si nanophases should also be present in the final product 

because of the disproportionation reaction induced by the HEMM process. 

Before any experiments were conducted, the most appropriate metal element to 

form metal oxides was determined thermodynamically by calculating the formation 

energies of available options using the following equation (1): 

𝐸𝑓 = �𝐸(𝑅𝑇𝑆) + 𝐸(𝑆𝐿)� − �𝐸(𝑅𝑇) + 𝐸(𝑆𝐿𝑆2)�  (1) 



108 
 

Of the various candidates tested, it was found that only a few metallic elements 

such as Sc, Ti, and Al have the potential to form a metal oxide by reducing a-SiO2 

(Figure 6.1b). Note that Ti can be easily oxidized into TiO2 phases, which gives it several 

advantages over the other candidates: (1) TiO2 can provide reversible Li+ storage without 

significant volume change during cycling, (2) thermally-stable lithiated TiO2 can enhance 

the thermal stability of Si suboxide anodes, and (3) Ti is relatively inexpensive and 

readily available. Based on this, Ti was selected as the most suitable medium to partially 

reduce a-SiO2. 

 

6.3 Material characterization of Ti-SiOx composite  structure 

6.3.1 Material Preparation  

A physical sample of SiO2-x/TiO2-x composite was prepared by the HEMM 

process from a-SiO2 nanopowder (< 200 nm, 99.9% purity, J&H Chemical Co., China) 

and Ti metal powder (< 45 μm, 99.9% purity, Sigma-Aldrich). These powders were 

mixed to a ratio of 7:3 by weight in a steel vial (65 cm3) under an ambient Ar atmosphere, 

to which steel balls of two different sizes (3/8 inch and 3/16 inch) were added to give a 

ball/powder ratio of 28:1. This was then subjected to HEMM processing at 1000 rpm for 

different lengths of time. 

 

6.3.2 Characterization Methods  

The crystal structure of the resulting composite was examined by X-ray 

diffraction (XRD, PANalytical Empyrean system with Pixel3D detector and Cu-Kα 
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radiation). The morphology and microstructure were also observed using a field emission 

scanning electron microscope (FE-SEM, JEOL JSM-7000F) and high-resolution 

transmission electron microscope (HR-TEM, JEOL ARM-200F); an attached energy 

dispersive spectroscope (EDS) was used to carry out elemental mapping. Fourier-

transform infrared spectroscopy (FT-IR, Bruker VERTEX 70) and Raman spectroscopy 

(Bruker Senterra Grating 400 with a He-Ne laser at a wavelength of 532 nm) were 

employed to characterize the synthesized powders, while X-ray photoelectron 

spectroscopy (XPS, Thermo Scientific Sigma Probe) was used to analyze the chemical 

state of the composites. Prior to XPS measurement, the surface of each sample was 

cleaned by sputtering for 300 s. The thermal stability of the composite was examined by 

differential scanning calorimetry (DSC, METTLER TOLEDO STARe system) after 

charging to 0.001 V vs. Li/Li+. The heating rate and temperature range were 10 °C min-1 

and 25 – 400 °C, respectively. 

 

6.3.3 Electrochemical cell test  

Electrodes were prepared by coating slurries containing the active composite 

material (70 wt%), a conducting agent (Ketchen black, 15 wt%) and a binder (polyacrylic 

acid, 15 wt%) dissolved in de-ionized water onto copper foil substrates. After coating, the 

electrode was pressed and dried under vacuum at 80 °C for 12 h, and then cut into 12 

mm-diameter discs containing approximately 2 mg cm-2 of active material. These were 

used to fabricate CR2032 coin-type half-cells using a porous polypropylene separator 

(Asahi Kasei Chemicals), 1 M LiPF6 in ethylene carbonate (EC) / diethylene carbonate 

(DEC) (3:7 volume ratio, PANAX Etec) containing 10 wt% fluoroethylene carbonate 
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(FEC) as an electrolyte and a Li foil counter electrode. All cells were galvanostatically 

tested at a constant current of 100 mA·g–1. Charge-discharge (i.e. Li+ insertion-extraction) 

tests were carried out within a voltage window of 0.001–2.5 V vs. Li/Li+. Galvanostatic 

intermittent titration technique (GITT) was also conducted in the same voltage window at 

a constant current of 50 mA·g–1. All electrochemical experiments were conducted in a 

dry room with a controlled dew point of less than −60 °C. 

 

6.3.4 Experiemental results 

The structural evolution of Ti and a-SiO2 thin films subject to either compression 

or tension was simulated using ab-initio computational methods, with the structural 

evolution shown in Figure 6.2a. Such simulation allows for a close inspection of the 

microscopic mechanism by which Ti-Si-O is mixed during HEMM and the associated 

deformation behavior. To simulate the compression and stretching of Ti and a-SiO2, 

atoms in the lateral part of two or three layers were first constrained, and then the a-SiO2 

was stretched at various compressed states. Up to the point at which the compression 

distance (d) becomes 12 Å, various metastable structures associated with bond rupture 

and reformation were generated. However, after pulling the a-SiO2, the fully compressed 

structures (d > 10 Å) exhibit mixed fragments of Ti-Si-O at the interface. Those 

structures at d < 10 Å are consisting of a de-bonding structure between Ti and the a-SiO2 

matrix. This result is in good agreement with the experimental results, in which the 

reduction of a-SiO2 occurred through the incorporation of Ti metal during the HEMM 

process. To explore the penetration behavior in each of the two interface models, O atoms 

were positioned at the interface between the two slabs and moved to the Ti bulk as index 



111 
 

numbers, as indicated in Figure 6.2b. This demonstrates that O atoms in the Ti bulk are 

more favorable than O atoms at the interface between Ti and a-SiO2, which is consistent 

with the thermodynamic formation energy calculation (Figure 6.1b). 

The powder XRD patterns of pristine a-SiO2 powder and synthesized composite 

samples with different milling times in Figure 6.3a show that the characteristic peaks for 

metallic Ti disappear after milling for 12 h, and are replaced by peaks for 

nonstoichiometric TiO2-x.[102] This indicates that Ti is oxidized to TiO2-x by reacting 

with a-SiO2 during the HEMM process, which was as expected. When the milling time is 

increased to 48 h, the TiO2-x peaks become more pronounced and diffraction peaks for 

TiSi2 started to become apparent, with this becoming the dominant phase after 72 h of 

milling. The effect of the TiSi2 formation is discussed in more detail later. Raman and 

FT-IR spectroscopies were used to investigate the bonding state between Si, Ti, and O in 

the composites, the results of which are presented as a function of milling time. In the 

FT-IR spectra (Figure 6.3b), we see that as the milling time increases the intensity of the 

peaks for asymmetric Si–O–Si stretching decreases, whereas the characteristic bands for 

asymmetric Si–O–Ti and Ti–O stretching gradually increase. This indicates that a-SiO2 

can be gradually reduced by Ti incorporation, leading to the replacement of Si–O 

bonding with Ti–O bonding during HEMM.[103, 104] This is supported by the Raman 

spectra (Figure 6.3c), though interestingly this also shows that the composite samples 

milled for more than 36 h exhibit strong Ti–O bonding at ~430 and 600 cm−1; the band at 

around 300 cm−1 also shifting to a lower value of ~250 cm−1 as the milling time 

increases.[105] This suggests that Ti atoms interact with O atoms at the distorted bonds 

of the mechanically reduced a-SiO2 matrix.  
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Preliminary tests indicated that the sample milled for 36 h had the most promising 

electrochemical performance for a LIB anode, in the sense that it had the highest initial 

coulombic efficiency and specific reversible capacity without sacrificing cycle stability. 

The FE-SEM image of this 36-h-milled composite in Figure 6.4a shows that its secondary 

particle size was less than 1 μm after HEMM, with additional TEM observation (Figure 

6.4b) revealing nanocrystallites and/or nanoparticles of less than 10 nm in size are 

embedded in the composite. Elemental mapping analyses using STEM and EDS clearly 

support the nanoscale presence of Si, Ti, and O in the composite (Figure 6.4c). The 

presence of nanocrystalline Si and TiO2 in the amorphous Si suboxide regions of the 

composite was also confirmed by HRTEM images and selected area diffraction patterns 

(SAED) obtained from various points in the composite (Figure 6.4d-f). 

To investigate the chemical state of each element in the composite, the 36-h-

milled composite was subjected to XPS analysis after being first sputter-cleaned for 5 

min. As shown in Figure 6.5a, the de-convoluted XPS Si 2p spectra for each valence state 

can be assigned to 0, +1, +2, +3 and +4, as has been previously reported in the literature. 

In the unmilled, pristine a-SiO2, the signal for Si4+ was dominant and there was no 

evidence of Si0. Conversely, after milling for 36 h, the Si4+ state signal decreased and that 

of the Si3+ state increased. Furthermore, there was a pronounced Si0 peak observed. 

According to the XPS O1s spectra (Figure 6.5b), the overall O 1s spectrum shifted to a 

lower binding energy region after HEMM, with the signal for Si-O bonding greatly 

decreasing and a signal for Ti–O bonding appearing. The XPS Ti 2p spectra are also 

compared in Figure 6.5c, in which the Ti0 state was predominantly observed in the 

sputter-cleaned Ti metal. Much like in the O 1s spectra, a noticeable shift in the Ti 2p 
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spectrum to a higher binding energy region and an accompanying disappearance of the 

Ti0 state was observed after milling, clearly indicating that Ti can be transformed to oxide 

forms. Based on these material analysis results, it can be concluded that SiO2 was indeed 

reduced by Ti, and that nanocrystalline Si was embedded in the resulting SiO2-x/TiO2-x 

composites formed by the HEMM process. 

Figure 6.6a shows the voltage profiles for the 36-h-milled composite anode during 

its first cycle at a constant current of 100 mA·g−1 (0.1 C). From this, the charge (Li+ 

insertion) and discharge (Li+ extraction) capacities were estimated to be 1234.9 and 734.1 

mAh·g−1, respectively, giving an initial coulombic efficiency of 59.4 %. This efficiency 

is greater than that of the 24-h-milled a-SiO2 sample in a previous study (37.0 %), which 

can be attributed to the partial reduction of a-SiO2 and the formation of TiO2-x on the 

assumption that Si-O bonding is responsible for irreversible Li+ insertion (i.e. Li+ 

trapping). Although TiO2-x usually exhibits a relatively low capacity of about 170 

mAh·g−1 (the theoretical value for anatase TiO2), it also has a small volume change 

because of the intercalation chemistry used to reversibly store Li+. As a result, TiO2-x can 

play a positive role as a buffer against the severe volume change of the nanocrystalline Si 

during Li+ insertion and extraction.  

Further investigation of the Li+ insertion behavior was undertaken by examining 

the electrochemical performance of the 36-h-milled composite anode using a 

galvanostatic intermittent titration technique (GITT). Figure 6.6b compares the voltage 

profiles at a constant current of 0.1 C with the corresponding GITT profile for the first 

Li+ insertion, in which the open circuit voltage (OCV) for each time interval is connected 

by the dashed line. The behavior during the initial stage up to a state of charge (SOC) of 
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about 20% can be mainly ascribed to irreversible reactions such as the formation of a 

solid electrolyte interphase (SEI) and/or Li+ insertion into Si-O bonding (i.e. Li+ trapping). 

The second interval from 20 to 50 % SOC is likely related to the formation of lithium 

oxide (Li2O) and/or lithium silicate (Li4SiO4). It is only after these two stages that Li+ can 

finally be electrochemically alloyed with nanocrystalline Si to form Li-Si alloys. 

The cycle performance of pristine a-SiO2 and 36-h-milled composite anodes is 

compared in Figure 6.6c. It is evident from this that when the milling time is more than 

12 h the reversible capacity of the composite is greater than 400 mAh·g−1, and that this 

capacity is well retained up to 100 cycles. The reversible capacity of the composites also 

increases with milling time up to 36 h, but decreases when the milling time is increased 

further to 48 and 72 h. The reason for this can be found in the XRD results (Figure 6.3a), 

in that increase in reversible capacity during the initial increase in milling time can be 

attributed to the reduction of SiO2 by Ti to form nanocrystalline Si and TiO2-x. However, 

when the milling time is increased to 48 and 72 h, a TiSi2 phase that is electrochemically 

inactive to Li+ is formed, resulting in a loss of reversible capacity. The 36-h-milled 

composite anode therefore represents the maximum reversible capacity (734.1 mAh·g−1) 

and initial Coulombic efficiency (59.4 %), and yet also has excellent capacity retention 

over 100 cycles (Figure 6.6a and 6.6c). The fact that this outstanding cycle performance 

can be achieved without carbon coating or the formation of a carbon composite is 

particularly significant to the successful implementation of Si-based anode materials. 

That is, if these Si-based materials were engineered with carbon, then their 

electrochemical properties should be further enhanced. Figure 6.6d presents the rate 

capability of the 36-h-milled composite anode, in which we see that even at a high 
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current density of 5 C a high capacity of more than 500 mAh·g−1 can be achieved. This 

can be attributed to the presence of nanocrystalline Si, TiO2-x, and SiO2-x, which allow the 

rapid diffusion of Li+ through the electrolyte to the active material surface. 

The dimensional stability of the 36-h-milled composite anode was investigated by 

comparing its thickness before and after cycling. This found that the thickness of the 

composite anode increased by 30 % from 8.0 to 10.4 μm after 100 cycles, which when 

compared with previously reported Si based anodes, is a considerably low value. To 

examine the thermal stability of the 36-h-milled composite anode, it was subjected to 

DSC analysis after being first charged to 0.001 V vs. Li/Li+ (i.e., in a fully lithiated state). 

We can see that the heat flow in the DSC profile of the composite anode was much 

smaller than that in Si nanoparticles, and even smaller still than that in a commercial 

graphite anode. This reveals that the TiO2-x phase effectively reduces the heat flow from 

nanocrystalline Si, meaning that the mechanical reduction of a-SiO2 with Ti metal using 

HEMM is highly effective in suppressing both volume expansion and exothermic 

reaction with the electrolyte. This, in turn, significantly improves the dimensional and 

thermal reliability of the anode. It should also be noted here that additional engineering 

with conductive carbon would be beneficial to further improving the initial coulombic 

efficiency and long-term stability, which could lead to this technology being successfully 

deployed on a commercial scale. 

 

6.4 Summary 

A theoretical investigation has suggested that the in situ formation of a SiO2-

x/TiO2-x composite can be achieved through the mechanical reduction of a-SiO2 with Ti 
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metal using conventional HEMM. As expected, this mechanically reduced SiO2-x/TiO2-x 

composite exhibited greatly improved reactivity toward Li+ insertion and extraction, 

achieving a high reversible capacity of more than 700 mAh·g−1 and excellent cycle 

performance. Such improvement is attributed to a rational composite structure, in which 

nanocrystalline Si embedded in an amorphous SiO2-x matrix is largely responsible for Li+ 

storage, while a TiO2-x phase helps to buffer the severe volume expansion during cycling. 

By integrating a TiO2-x phase into the composite, the dimensional and thermal stabilities 

are also notably improved compared to a commercial graphite anode. This simple and 

cost-effective approach therefore presents an attractive solution to the current production 

cost issue of using Si-based anode materials to improve the capacity of LIBs. 
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Figure 6.1 (a) Schematic showing the formation of a SiO2-x/TiO2-x composite during 

the HEMM process and (b) results of thermodynamic calculations to reduce SiO2 by 

metallic elements. 
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Figure 6.2 (a) Structural evolution of Ti and a-SiO2 during compression and 

stretching: (left) initial non-deformed atomic configuration, (middle) fully 

compressed atomic configuration, (right) stretched atomic configuration, and (b) 

relative energies for oxygen penetrating from position 0 to position 6 (as denoted 

above). 
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Figure 6.3 Comparison of (a) XRD patterns, (b) FT-IR spectra, and (c) Raman 

spectra of SiO2-x/TiO2-x composites as a function of milling time. 
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Figure 6.4 (a) FE-SEM image, (b) bright-field TEM image, (c) EDS elemental 

mapping results, and (d-f) HRTEM images with SAED patterns of SiO2-x/TiO2-x 

composite milled for 36 h. 
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Figure 6.5 XPS spectra for (a) Si 2p, (b) O 1s, and (c) Ti 2p of SiO2-x/TiO2-x 

composite milled for 36 h. 
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Figure 6.6 Electrochemical performance of 36-h-milled SiO2-x/TiO2-x composite 

anode: (a) galvanostatic charge-discharge profile for the first cycle, (b) comparison 

of galvanostatic charge profile, GITT charge profile, and OCV line for the first Li+ 

insertion, (c) cycle performance and coulombic efficiencies, and (d) rate capability 

at different current densities (0.2, 0.5, 1, 3 and 5 C, 1 C = 1000 mA·g−1). 
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Chapter 7 Conclusion and outlook 

In this study, a multiscale mechanical analysis has been carried out by combining 

density functional theory simulation and finite element method analysis. A rational 

design for enhanced Si-based anode materials has been suggested and validated by both 

theoretical and experimental methods. The major findings and contributions of the 

present study are summarized as follows.  

Concentration effects on elastic modulus and diffusion coefficient: 

For silicon anode material, it has been found from DFT simulations have shown 

that Li insertion into silicon anode materials weakens the Si bonds and results in the 

formation of weak ionic bonds instead of strong covalent bonds. Strong elastic softening 

of mechanical modulus has been observed as a result of Li ion swelling. The elastic 

softening contributes to the reduction of generated stress by Li insertion. Positively 

charged Li+ ions exhibit strong repulsive interactions, which result in the fast migration 

(upto two orders of magnitude) of Li ions in a Li-Si system. The fast diffusivity also 

contributes to diffusion-induced stress.  Concentration effects were also taken into 

considered to modify the diffusion-induced stress model, and the main contributor of 

stress reduction during lithiation was the enhancement in Li diffusivity.  

Diffusion-induced stress in Si and prelithiated Si nanowires: 

Due to lithiation and delithiation, a silicon active material experiences diffusion-

induced stress. In order to consider the concentration effects on the elastic properties and 

diffusion coefficient, the DIS equation has been modified as function of Li concentration. 

DFT simulation results confirmed the decreasing elastic softness and increasing Li 

diffusivity; numerical results have suggested stress reduction during lithiation and have 
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provided reasons for the enhanced mechanical stability of prelithiated Si nanowires over 

that of pristine Si. 

Plastic deformation of Si anode material: 

Due to the large volume expansion of a LixSi system, a silicon anode experiences 

inelastic deformation. In particular, the lithiation-induced deformation is mainly 

accommodated by inelastic deformation. The effect of inelastic mechanics due to the Si-

Si bond breaking and Li-Si bond weakening due to the Li insertion and extraction is one 

of our focuses in the discussions, which confirmed by the atomistic analysis. Furthermore, 

the macroscopic behaviors have confirmed that the effect of plastic yielding contributes 

to the change in stress evolution, from compression to tensile, which is one of the main 

reasons of crack tip initiation on the Si surface during lithiation.  

Lithiation analysis of SiO2 as anode material: 

Silicon dioxide has been considered as an inactive material for Li ion batteries. 

However, in this study, the amorphization of SiO2 is an effective way to increase the 

activity with Li. Theoretical analysis has shown that amorphous SiO2 reacts with Li and 

that large amounts of Li are adsorbed, upto 4 moles per Si. The theoretical study was 

confirmed by experimental validation. The amorphous SiO2 generated by a high energy 

mechanical milling process exhibits large discharge capacity. The XPS analysis was in 

good agreement with the theoretical analysis. The synthesized SiO2 shows a smaller 

volume change and a better cycle performance than silicon. 

Design silicon sub-oxide anode material by oxygen reduction method using Ti: 

A silicon sub-oxide anode has been suggested as a replacement for a SiO2 anode. 

Using theoretical analysis, I have elucidated that some transition metals can reduce 
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oxygen content in SiO2. As an example, titanium metal has been mixed with amorphous 

SiO2 to successfully remove oxygen. The generated TiO2-x/SiO2-x composite electrode 

showed enhanced reversible capacity and good cycle performance.  

 

The field of Li-ion batteries is an emerging area that is full of challenges and 

opportunities. A comprehensive understanding of the electrochemical and mechanical 

process is necessary for the development of next-generation high capacity batteries. In 

terms of advanced research, the multiscale mechanical analysis can be extended to other 

electrode materials such as sulfur and tin-based electrodes that show alloy phase 

transformation.  Interdisciplinary research not only helps to improve the performance of 

Li-ion batteries, it also provides important insights into the nature phenomena and the 

rational design of high-capacity electrode materials. In the future, I plan to extend the 

fundamental framework developed in this study to investigate silicon sub-oxide materials. 

The mechanical failure, such as crack propagation and particle collapse in composite 

structures, will be studied in a coupled analysis between particle and cell levels. I also 

plan to look at experimental validation of mechanical failure.  
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국문 요약 

본 논문에서는 고용량 음극 이차전지인 실리콘의 충/방전 과정에 발생하는 

응력을 예측하기 위한 순차적인 다중스케일 해석을 제안, 수행 하였다. 리튬과 

합금반응을 통해서 많은 양의 리튬을 저장하는 실리콘 계열의 물질은 충/방전 

시 큰 부피 팽창을 동반하며, 비 균일 확산에 따른 응력이 강하게 발생한다. 

이는 기존의 일반적으로 전기-화학 분석뿐만 아니라 전극의 기계적 거동 또한 

고려해야 리튬이차전지의 성능의 향상을 도모할 수 있음을 시사한다.  따라서 

전극 물질의 일반적인 전기-화학 성질 뿐만 아니라 기계적 성질의 분석의 

수행이 필요하다. 또한 기계적 성질을 고려한 역학 모델 개발이 필요하다. 

본연구에서는 원자수준에서의 전산모사와 연속체 기반의 해석모델을 바탕으로 

실리콘 전극이 같는 기본적인 물리적 성질을 분석하고 이를 연속체 모델에 

반영하는 기법을 제안하였다. 실리콘의 경우 기존에 알려진 전극 물질과 달리 

리튬과의 반응에 따라 기계적 성질 및 확산 성질이 크게 변함을 제일원리 

계산을 통하여 확인 하였다. 농도 효과를 고려한 물성효과를 바탕으로 

충/방전시 발생하는 응력 및 파단을 분석하기 위하여 수정된 응력-확산 

모델을 제안하였으며, 이를 바탕으로 전극 설계 가이드 라인을 제시하였다. 

또한 비탄성 거동을 원자 수준에서 분석하여 이를 연속체 모델에 반영 충전 

과정에서 발생하는 파단의 원인을 물리적으로 설명할 수 있게 응력-확산 

모델을 확장하였다. 실리콘 전극의 단점을 보안하기 위하여 이산화 규소를 

통한 부피 팽창이 줄인 고용량 음극을 제안하였다. 제일원리 계산을 통하여 

이산화 규소의 전기 화학적 성질을 분석하였으며, 비정질화를 통해 

비가역적인 이산화 규소를 전극 물질로 사용할 수 있음을 실명화 비교 

증명하였다. 비가역 용량을 줄이기 위해서 또한 산소를 금속을 통하여 

환원시켜 실리콘-산화 음극 성능을 유지하며, 실리콘과 같은 고용량 음극을 

설계 제작하였다. 본 논문에서 수행된 제일원리 방법론과 제안된 연속체 해석 

방법론을 통하여 기계적 거동을 고려한 음극 설계를 새로운 지평을 열 수 

있음을 확인하였다.  
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