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Abstract

In this dissertation, the optical and thermal actuation behaviors of glassy photo-
responsive polymer (PRP) and polymer nanocomposites containing gold nanoparticles
were investigated using a multiscale model which integrates all-atom molecular dynamics
(MD) simulations and continuum mechanics. Primary emphasis is placed on the effective
photostrain as well as the elastic properties of PRP and PRP nanocomposites during the
trans-to-cis isomerization by UV light. The atomic model consists of azobenzene
derivatives aligned with the nematic axis, densely crosslinked side methyl chains, and
untreated gold nanoparticles. By implementing a switchable potential formalism for the
nitrogen double bonds in the diazene group, the conformational change of the mesogenic
side group liquid crystalline polymer is simulated using MD and its structural effect on the
photo-mechanical properties of the nanocomposites is quantitatively predicted.

The MD results showed that, as the trans-to-cis isomerization reaction of the
azobenzene progresses, the length of the lattice in the nematic direction gradually decreases.
Meanwhile, the material changes from transversely isotopic to isotropic with reduced order
of orientation of the matrix and with decreased thermal stretching ratio. Regarding the PRP
nanocomposites, the linear correlation between the macroscopic shrinkage of the material
and the microscopic disorder of the order parameter was clearly observed and thus the
photonic actuation of the considered nanocomposite system was certified. Meanwhile, the
adsorption characteristics of the side polymer chains in the vicinity of the nanoparticle were
maintained during the isomerization reaction and hence the thermo-mechanical stability of
the PRP was enhanced regardless of the degree of photo-isomerization. Particularly, the

MD results also revealed that a clearance at the interface between the nanoparticle and the
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polymer matrix allowed a spatial freedom for shrinkage of the microstructure and thus the
photostrain also improved during the reaction. Such unexpected but desired effect appears
more remarkably as the embedded nanoparticle size decreases, indicating that the size of
the nanoparticle is a key parameter determining the opto-mechanical properties of PRP
nanocomposites.

To assess the photo-thermal actuation properties of the bulk material (under stress-
free condition) as well as the inherent load transfer mechanism at the interface between the
nanoparticle and the matrix (under mechanical loading) via continuum mechanics, we
established a multiscale model which provides a design guide for PRP nanocomposites in
a multiphysical environment. The orientational order parameter of the liquid crystal phase
of the material obtained from MD simulations was curve-fitted with conventional Haller
extrapolation. Since the coefficients of the curve showed clear tendency for the size of the
nanoparticle as well as the ratio of photo-isomerization, they could be described as
functions of the shape parameter which enables the design of the macroscopic photo-
bending of the PRP nanocomposites specimen and their applications in view of the
mechanics of materials. Furthermore, to explicitly characterize the role of interfacial
interactions between the nanoparticle and polymer matrix in strain energy density under
mechanical loading, a multi inclusion model was considered for finite element (FE)
analysis. The effective stiffness and the spatial range of the interphase layer in the FE model
were numerically identified by matching the deformation energy of the
with the corresponding deformation energy in the MD model using the energy method and
the homogenization theory. It is verified that the equivalent continuum model obtained
from the multiscale method satisfactorily predicts not only the overall mechanical

properties of nanocomposites, but also the local stress distribution at the interphase along
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with their inherent nanoparticle size and photo-isomerization reaction effects.

Lastly, as a practical mechanical application, we suggested a light driven, self-
adaptive PRP composite strand which avoids obstacles in a closed system. It was
demonstrated that the strand could be deformed multiple times by UV-light irradiations to
thread the given maze-like structure, and the strand had a sufficient load carrying capability
to sustain substantial tensile stresses without fracture. Therefore, we conclude that the
present multiscale model is valuable as a design guide for the mechanical design and
analysis of the nanoparticle-reinforced PRP systems and their related mechanical

applications.
Keywords: Photo-Responsive Polymer, Multiscale Analysis, Polymer Nanocomposites,

Interphase, Molecular Dynamics Simulation, Continuum Mechanics

Student Number: 2010-24076

1ii AT



Table of Contents

TabIE OF CONTENTS ...t \Y%
LISE OF TADIES ... s viii
TS o] il o UL =TSSR Xi
L INTFOTUCTION ..ot 1
1.1. Photo-responsive POIYMEr (PRP) .......c.ccoiv it 1
1.2. PRP reinforced with nanoparticles ... 6
1.3. Characterization of effective interphase formed in polymer nanocomposites ....... 8
1.4. Nano-continuum bridged multiscale model ............cccoveviveviiiiiii i 10
1.5. OUutling Of the thESIS.......ccviiiiiire e 11

2. Photo-thermal actuation analysis 0f PRP...........cccocoviiiiiici e 15
2.1. Model preparation for the MD simulations...........cccceveieiie i 15
2.1.1. Modeling of nematic liquid crystalline polymer system .........cccccceevevernenne. 15

2.1.2. Applying trans-to-cis photoswitching potential............cccccoevevieeiiiiniicineane. 18

2.2. Characterization of the material properties during the photo-isomerization reaction

..................................................................................................................................... 26
2.2.1. Macroscopic bulk lattice change with incompressibility ............cc.ccoceene. 26
2.2.2. Mechanical ProPerties .........cccooueiereeere e 27
2.2.3. Microstate order parameter change during heating-up simulation.............. 28
2.2.4. Quantification of the photo-thermal deformation of PRP ..........cccccooeee 29

2.3. Suggestion of a mechanical application: A light-driven PRP thread................... 34

i 21 ™ 7 =

iv A



G TN B 1Y/ o] £ Y=Y (101 OO 34

2.3.2. EXperimental SECHION ......ccviiiiiie e 35

2.3.3. Threading the physical maze with a PRP strand............cccccceevvvveviiniinesienne. 38

2.4. Chapter sumary and CONCIUSIONS ..........ccveueiieiiie e 42

3. An all-atom analysis of PRP NanoCoOMPOSItES .........cccccveviiiiiieieieeie e 43
3.1. Modeling of PRP/gold nanocomposites using MD simulations..............c..cc....... 43

3.2. Characterization of the effective material properties of the PRP/gold
NANOCOMPOSITES ...e.vieuriteittesie et et e ste et te e e sr e te e e e s beete e besbeeaesbeesbesbeetsenbesaeeseenteaseesrennes 49
3.3. Role of the interfacial layer during the photo-isomerization reactions ................ 55
3.3.1. Structural characteristics of the PRP molecules around the nanoparticle ...55
3.3.2. Nanoparticle size effect on photostrain and mechanical properties ............ 59
3.3.3. Linear correlation between micro-macro deformation phenomena explained
with photo-thermal phase transition ..........c.cocccveiiicce e 62

3.4. Chapter summary and CONCIUSIONS..........c.cccviieiiiiic e e 72

4. Multiscale design model for PRP nanocomposites and their associated

LT =] o] g L= PSP 74
4.1. Shape parameter under stress-free CONditioNS ..........ccooceeeerrieeiinienere e 74
4.1.1. Basic background ............cocooeiiiiieie e 74

4.1.2. Influence of the nanoparticle and photo-isomerization reaction ................. 77

4.1.3. Description of the order parameter and shape parameter under photo-thermal
SEIMUIT ... 79

4.2. Characterization of the interfacial behavior during mechanical loading

v A



CONTITION ..ttt ettt sttt enes 88
4.2.1. Local stress distributions at the interfacial layer ...........c.ccccoovveviivieinnnne. 88

4.2.2. Modeling of an equivalent multiscale unit using energy method and

NOMOQENIZALION .....viiiicie e e st sre s 92

4.2.3. Estimation of the obtained interphase models with model validations ....... 97

4.3. Chapter summary and CONCIUSIONS.........cccocviiieiiiieie e 112

5. Conclusions and reCOMMENAALIONS..........coceeiiiriiiinice e 117

Appendix A. Multiscale analysis for the effective thickness and mechanical properties
of the interphase in polymer NanN0COMPOSITES........ccciiiieiiiecie e e 121
AL OVEIVIEW ..ottt ettt et enes 121

A.2. Revealing strengthened interphase formed in crosslinked epoxy/SiC

NANOCOMOPSITES .....viveeeieite ettt sttt e et e st e te et e s te e et e s re e e e sbeaseesbesteesbesbeeseenbesreenreseens 122
A.2.1. Modeling of crosslinked nanocomposites system in MD............c..c......... 122
A.2.2. Global elastic response of the NaNOCOMPOSILES .........ccecveveviieiiiieiieciee, 125
A.2.3. Local stress distribution under tensile loading ...........cccocevivivcviiniieineane, 129
A.2.4. Derivation of the equivalent interphase using multiscale model.............. 131

A.3. Revealing weakened interphase formed in crosslinked epxy/carbon nanotube

NANOCOMPOSIEES .....teteeeie sttt ettt sttt et e e ste s e tesee e et steaneeseeeteeneesteeseenaesneeneeseeans 148
A.3.1. Brief review on polymer/carbon nanotube nanocomposites ................... 148
A.3.2. MD simulations and reSUltS ...........coeviiiinineiesceee e 151



A.3.4. Multiscale mechanical analysis of the nanocomposites and their effective

INtErphase MOEL.........ccooviiiiie e e 161
A.3.5. Strain energy and local stress at the interphase ...........cccecvvvivevecieiein, 163
A4, Summary of APPENTIX A ...o.eriiiiece e 181

Appendix B. Multiscale analysis for the thermoelastic behavior of polymer

nanocomposites in a wide range of teMPEratures.........cccocovvvveveceenese e, 184
BLL. OVEIVIBW ..ottt 184
B.2. MD Simulations and FeSUIS .........ccooeiiiieiiiiinieisesee s 185

B.2.1. Modeling of representative unit cell SyStems..........ccccovevveveviveveneeiiesiee 185
B.2.2. Glass transition tEMPErature .........ccccevveeiveienieeve e se et 187
B.2.3. Coefficient of themal eXpansion ............ccccccevveieieeic i 190
B.2.4. EIaStiC MOTUIUS..........ccoiiiiiiieic e 193
B.3. Multi inclusion micromechanics model for thermoelasticity .............ccccocuvennee. 203
B.4. Scale-bridging model for thermoelasticity of the interphase..........c...ccccocvene.e. 207
B.4.1. Determination of the volume fraction and thermoelastic properties......... 207

B.4.2. Description of the properties as a function of particle size and
EEIMPEBIALUIE ...ttt bbbttt e e e sb e e be e b e 215

B.4.3. Estimation of the thermoelastic properties of nanocomposites with validation

............................................................................................................................. 218

B.5. Summary of APPENdiX B .......cooiiiiiiiie e 228
RETEIEINCES ...t 230
ADSEFACT ... s 252

vii Ao



List of Tables

Table 2.1 Dihedral force field parameters for the diazene group and its photo-isomerization
(o [CTToa o (o] USRS 21
Table 2.2 Geometrical properties of trans and cis state azobenzene...........cc.ccoevveveirnene. 21
Table 2.3 Photo-mechanical properties of the PRP materials. Regarding the partly
isomerized models, the photostrain calculation was repeated 4 times and averaged with
random selection of isomerization sites. S.D. is standard deviation of the model. ........... 33
Table 3.1 Neat PRP and PRP/gold nanocomposite systems studied..............c.ccocerervennne. 46
Table 4.1 Clearance temperature of the neat PRP and the PRP/gold nanocomposites

according to the ratio of isomerization reaction ...........cccccvvveveiiiie s 83
Table 4.2 Temperature-independent characteristic coefficients of the neat PRP and the
PRP/gold nanocomposites for Haller’s extrapolation model ...........cccccceevieniiiinniciienne. 83
Table 4.3 Dimensionless fitting coefficients obtained from the MD results..................... 84
Table 4.4 Effective thickness and properties of the interphase of PRP/gold hanocomposites
obtained from the equivalent multiscale model............c.ccoovevieiiiiiiieccc e, 102
Table 4.5 Deformation energy density of the effective interphase during the tensile loading
(in x-axis). The value predicted by the present multiscale method was reproduced by the
remeshed FE model for the model validation...............ccooviiiiiniicic 103
Table A.1 Chemical composition of crosslinked epoxy and crosslinked epoxy/SiC
nanocomposites in MD simulation. The effective particle volume fractions and the unit cell
densities after equilibration with isothermal-isobaric (NPT) ensemble are also
AESCITDEA. ... 137

Table A.2 The elastic mechanical properties of the molecular models..............cco........ 138
viii = TH €



Table A.3 The effective Young’s moduli and volume fractions for the equivalent interphase

Table A.4 Comparison the interphase thickness result with related references.............. 139
Table A.5 Comparison of the strain energy density at the interphase layer with that of full
ALOMIC MOGET ... 140
Table A.6 Composition of bulk epoxy and SWNT/epoxy nanocomposite unit cell
L] (=] 1 SRR 169
Table A.7 Elastic properties of zigzag-SWNT according to the tube diameter used for the
FE models in this study (UNits: GPA).........cccccviieiiiicicie st 170
Table A.8 Elastic constants of neat epoxy and SWNT/epoxy nanocomposite models
derived using MD simulations (UNits: GPa) ..........ccccceeviiiiieiciecic e 170
Table A.9 The effective layer thickness and mechanical properties of the equivalent
interphase predicted by MD-FE linked multiscale model...........c.ccccooveiiiiiviiiiicnennenn, 171
Table A.10 Predictions of deformation energy density and their comparison results with
the ones derived from the other previous Mmethods...........cccccvvveieviiiicicci e 172
Table A.11 Local stress prediction results for the validation sites (the ‘site A’ depicted in
FIQUIE ALLO) bbbttt 173
Table B.1 Composition of epoxy and epoxy/SiC nanocomposite unit cell systems........ 196
Table B.2 Results of the analysis of the glass transition temperatures of pure epoxy and
NANOCOMPOSIIES ...t eeeeeeetee et etee sttt e e ste s e e see et e steeneeseeeteenteseeeseenteameeeesseaneesaeeneenseaneas 197
Table B.3 Thermal expansion coefficient (CTE) of the modeled system

(UNIES: L0/ .o ee e ee e eee s eee e eeeee e eeeneenn 198
Table B.4 The elastic modulus of the modeled system at various temperature conditions

(UNIESI GPA) 1., 199



Table B.5 Deviation of the elastic modulus of pure epoxy in relation to the simulation time
and comparison with the literature (UNitS: GPa)........cccccooiviieviiecie s 199
Table B.6 Determining the initial interphase thickness by radial density distribution. .. 221

Table B.7 Coefficients of fitted VariabIES ..........oovveiiiiieeeeee ettt 221



List of Figures

Figure 1.1 Mechanism of bending of a photoresponsive liquid crystal: (a) Photo-
isomerization reaction of azobenzene molecules, (b) change of polymer microstructure
during the photo-isomrization, and (c) macroscopic bending deformation of the PRP
IMAEETTAL ...ttt 5
Figure 2.1 Azobenzene derivatives used in this StUdY..........cccceveiiieiiiiisine e 22
Figure 2.2 A two-step crosslinking process to prepare glassy liquid crystalline polymer
NEtWOrkS in MD SIMUIALIONS ......c.ooviiiiiiiiiiicie s 22
Figure 2.3 Modeled PRP material using MD simulation. Diazene groups were highlighted
to identify that the host liquid crystal molecules were aligned in the x direction of the unit
CILL e 23
Figure 2.4 Trans-cis photo-isomerization of azobenzene in MD simulation: (a) schematic
of the conformation change of diazene group and (b) dihedral potential energy functions
for the reproduction of tran-cis transition of the azobenzene. ...........ccoccooiiiiiceie, 24
Figure 2.5 Trans-to-cis photo-isomerization simulation for the modeled PRP unit cell. As
the isomerization reaction was progressed, both the disorder of the alignment of polymer
molecules and the shrinkage of the system along the x direction were observed. ............ 25
Figure 2.6 (a) Unit cell lengths along the director axis and (b) densities of the PRP models
during the photo-isomerization. Photo-switching potential was applied at 16.4 ns. ......... 31

Figure 2.7 Elastic stiffness components and their ratio according to the cis-isomerization

Figure 2.8 Scalar orientational order parameter at a wide range of temperature (photo-

switching potential was applied at 300 K prior to the heating-up simulation.................... 82 g7



Figure 2.9 POM images of (a) the neat PRP material coated with cellophane and (b) the
PRP immersed in the fusible interfacing under 100X magnification. ..............cccoceeevevnrnne. 39
Figure 2.10 (a) A maze part modeled in the CAD apparatus and its prototype produced by
3D printer and (b) the experimental SETUP. .....cvcveieieeieie e 40
Figure 2.11 (a) A schematic view of passing through the maze with the PRP strand guided
by UV-light, and (b) snapshots of path-finding behavior of the PRP strand in a maze.....41
Figure 3.1 Molecular structure of the components contained in photo-responsive polymer
and its nanocomposites. (a) Liquid crystal monomer compound, (b) diacrylate crosslinking
agent and () gold NANOPAITICIES..........ccciiiieiicece e e 47
Figure 3.2 Configuration of the modeled PRP/gold nanocomposites periodic unit cell. (a)
Front view of the original configuration, (b) highlighted view of crosslinked polymer
chains in green, (c) highlighted view of photoactive mesogens as ellipsoidal inclusions and
(d) side-view of the configuration of (C) ......ccccovveiiiiiiie i 48
Figure 3.3 Overall workflow of the present MD simulations for the neat PRP and the
PRP/gold nanocompositeS MOUEIS. .......cveiiiieiiiiiee et 54
Figure 3.4 Length distribution of the azobenzene moieties in the neat PRP unit cell
according to the photo-iSOmMerization ratio.........cccccccveeieiiiiiciicse e 65
Figure 3.5 Radial density distribution of the polymer backbone constituents according to
the size of the nanoparticle: (a) Non-isomerized PRP/gold models and (b) fully isomerized
PRP/GOIA MOGEIS. ...t enes 65
Figure 3.6 (a) Configurations of the additional equilibrated models with larger nanoparticle
sizes (alignments of the mesogen fragments are highlighted in green) and (b) averaged
order parameters of the PRP matrix of the considered nanocomposites models............... 66

Figure 3.7 Radial distribution of the scalar orientational order parameter of the PRP/gold

1] ©
X1l 1



(20A) nanocomposites according to the photo-isomerization ratio of the azobenzene. (a)

Local orientation of the azobenzene was measured from the arbitrarily defined spherical

shell around the nanoparticle with given thickness (tim ). (b) Obtained distribution of the

orientational order of azobenzene molecules along the nematic director...............c.c...... 67
Figure 3.8 Calculated photostrain of the neat PRP and the PRP/gold nanocomposites
models according to the photo-isomerization ratio. Because the trans-to-cis isomerization
simulation induced the shrinkage of the unit cell, we plotted the compressive strain as
positive. Error bars for the nanocomposites models represent one standard deviation around
TNE MEAN VAIUE. ... .eoveieeie ettt te e be s sa e e e ste e e saeeraentenne s 68
Figure 3.9 Elastic stiffness components of the PRP/gold nanocomposites according to the
photo-isomerization of the azobenzene molecules inside of the structure. (a) Normal (x-

axis) and (b) transverse (y- and z-axes) stiffness along the nematic axis of the azobenzene.

Figure 3.10 Thermal phase transition profile of the PRP/gold nanocomposites according
to the photo-isomerization ratio of the azobenzene. We defined the melting point of the

material where the averaged orientational order of the microstructure is lower than

Figure 3.11 Linear correlation between the macroscopic deformation of the modeled unit
cell and the microscopic orientational order of the internal molecules according to the
diameter of gold nanoparticle in the unit cell. The final graph in (e) was obtained from the
previous simulation data introduced in Chapter 2. We defined the compressive strain as
POSTEIVE. ..ttt bbb bbbt b bbbttt bbbt ben s 71

Figure 4.1 Exponent dependence of the characteristic coefficients of the PRP

1]

Xiil



nanocomposites models and their fitting CUNVES.. ... 85
Figure 4.2 The continuous function for orientational order parameter of the PRP/gold
nanocomposites according to the nanoparticle size and the photo-isomerization ratio..... 86
Figure 4.3 The continuous function for shape parameter of the PRP/gold nanocomposites
according to the nanoparticle size and the photo-isomerization ratio ............ccccccoeveevenenn. 87
Figure 4.4 The polymer networks in the vicinity of the nanoparticle were selected by the
arbitrarily defined local shell group (highlighted in green) to calculate the deformation
energy distribution at the interfacial region...........c.cccoviiiiiccc e 104
Figure 4.5 Deformation energy density distribution in normal (x-axis) direction.......... 104

Figure 4.6 Deformation energy density distribution in transversal (y- and z-axes) direction.

Figure 4.7 A schematic view of the present multiscale mechanical analysis for the effective
interphase formed in PRP/gold nanocomposites considering with the nanoparticle size
effect, as well as trans-to-cis photo-isomerization reaction. ...........c.cceceeveveeveseecneseenne 106
Figure 4.8 Flowchart for obtaining the effective thickness and properties of the interphase,
integrating the MD simulation with FE analysis. .........c.ccoccoviiiiiiiiiiicic e, 107
Figure 4.9 The number of non-bond pairs between the gold nanoparticle and the nearest
polymer chain with respect to the size of the nanoparticle. The corresponding value for
gold cluster is also drawn as dash line to specify the saturation point. ............c.cccceoe.e. 108
Figure 4.10 (a) Estimated interphase thickness and (b) the corresponding value of the

energy density according to nanoparticle size and photo-isomerization ratio of the

Figure 4.11 Comparison between the predicted multiscale solution and the MD simulation

model in terms of the nanoparticle radius and photo-isomerization ratio. ........ RN T 109
X1V -



Figure 4.12 Model validation with the comparison of the local virial stresses of the PRP
nanocomposites reinforced with 16 A -gold nanoparticles obtained from the MD model
with the corresponding ones predicted by the equivalent multiscale modeil. .................. 110
Figure 4.13 Local stress distribution of the interphase of PRP nanocomposites reinforced
with 16 A-gold nanoparticles during the light irradiation under mechanical loading
CONAITION. 1.ttt bbb bbbt b bbb 111
Figure A.1 Molecular structure images of (a) an epoxy resin (EPON 862°) and (b) a
CrOSSIINKET (TETAD) ottt ettt ettt ettt ettt an st eb e e s tene e 141
Figure A.2 Snapshots of the (a) uncured and (b) cured state of epoxy resin. Force field
types change during the crosslinking reaction is also stated. When the epoxide triangular
ring-opening occurs, a new covalent bonding is formed with a nitrogen atom in the hardener
molecule within the CUtOff diStANCE. ..........ccorveiiiiirii e 141
Figure A.3 (a) Crosslinked epoxy/SiC nanocomposites unit cell model and (b) highlighted
view of nanoparticle and crosslinked POINtS ..........cccceveieeie i 142

Figure A.4 Linear elastic behaviors of the nanocomposites (r, = 10.00 A) along the three

Figure A.5 Arbitrarily defined local group for the observation of effective deformation
energy on interphase layer. The distance between the particle surface and the inner

boundary of the spherical surface is varied while maintaining the thickness of the local

Figure A.6 Elastic behavior of the locally isolated polymer matrix domain for (a)
nanocomposites (r, = 10.00 A) and (b) pure epoxy systems with respect to the same
spherical shell energy group. The legend describes the inner and outer distances of the

energy group from the center of the unit cell. ... 143
+ J 3 1] ==
XV A0



Figure A.7 Local strain energy density distribution of the nanocomposites (r, = 10.00 A)
regarding the Kinds of €Nergy groups. ......cccoeeeeieieeiiene e s 144
Figure A.8 Strain energy density profile of (a) ‘particle-excluded hollow-sphere group’ and
for (b) the interphase in continuum basis obtained by homogenization process under various
thICKNESS CONTITIONS ......viiiiiic e 144
Figure A.9 A flowchart for the derivation of interfacial mechanical properties and
geometry of the interphase by using the multiscale approach...........ccccccoovvveviiiiccinane. 145
Figure A.10 Comparison of the strain energy density profiles of the interphase in the FE

model and the local energy density profiles of the particle-excluded hollow-sphere group

Figure A.11 Relationship between the nanoparticle curvature and the effective number of
1oL g o0 1ol o U1 £ TSRS ROSOSO 146
Figure A.12 Model validation with the comparison of the local stress-strain curves
predicted by the equivalent continuum model with the averaged virial stress calculated from
the molecular model: (a) validation sites description, (b) comparison result of the site A
(adsorbed matrix region), and (c) comparison result of the site B (non-adsorbed matrix
(=10 [To] o) IS SRS 147
Figure A.13 Molecular structure images of (a) an epoxy resin (EPON 862°%), (b) a hardener
(TETA®) and (c) a nano-reinforcement (zigzag single-walled carbon nanotube). .......... 174
Figure A.14 The SWNT/epoxy nanocomposite unit cells modeled in MD simulations. A
total of four different sizes of unit cells with the same volume fraction of reinforcement
(5.95 vol.%) were prepared. According to the unit cell size, the dispersed zigzag-SWNT
model changed its chirality as follows: (a) (9,0) (b) (12,0) (c) (15,0) and (d) (18,0)...... 175

Figure A.15 Radial density distributions of epoxy matrix in the nanocomposites unit cells.
. 3 | ] ~T1] ==|
XV1 o1



Each curve was derived at the room temperature condition after equilibrated by the NPT
ensemble. The inset in each subfigure describes the overall density distribution profile of
the unit cell including the NANOFIDET. ........c.coiiiiiic 176
Figure A.16 Strain energy density curves at the interfacial layer according to the distance
from the nanotube surface (solid lines with symbols) derived using MD simulations and
the strain energy density of the FE based interphase models under various layer thickness
conditions (bold lines without SYmbBOoIS)...........ccceviiiiiiiici e 177
Figure A.17 (a) A scheme of the MD-FE bridged multiscale method which characterizes
the thickness and strain energy density of the effective interphases of the SWNT/epoxy
nanocomposite and (b) its FIOWChArT. ... 177
Figure A.18 The number of non-bond pairs between the nanotube and the adjacent polymer
constituents according to the diameter of the nanotube. The corresponding value for single-
layered graphite (graphene) is also depicted as dash-dot line to show that the number of
non-bond pairs gradually saturates to the value as nanotube diameter increases............ 178
Figure A.19 Model validation with the comparison of the local stress-strain curves
predicted by the equivalent continuum model with the averaged virial stress calculated from
the molecular model at the validation site (marked as ‘A’): (a) MD simulation model, (b)
FE model obtained by the present analysis. ..........cccoiiiiieniniiie e 178
Figure A.20 A schematic comparison of internal force distribution in the nanocomposite
structure during the external loading: (a) a real environment where both of the soft interface
and the functionally graded polymer region exist and (b) a single interphase model that the
adsorbed polymer region interacting with the nanotube is treated as an independent material
and perfectly bonded to the two 0pp0oSINg SUFTACES........cccevveiereereie e 179

Figure A.21 Local stress distribution of the effective interphase during the tensile loading
3 | . ~T1] ==|

-
Ll

XVil



along x direction predicted by the proposed multiscale models: (a) Epoxy + (9,0) SWNT,
(b) Epoxy + (12,0) SWNT, (c) Epoxy + (15,0) SWNT, and (d) Epoxy + (18,0) SWNT
nanocomposite (Colormap UNits: GPA) .......c.cccvvveiiiiiiie e 180
Figure B.1 (a) The cross-linked epoxy unit is formed by reaction between the carbon of
EPON862°® and the nitrogen of TETA®. (b) The unit chain of the polymer network, which
converges to a ratio to 61%; this has been considered in the present study. ................... 200
Figure B.2 (a) Epoxy/SiC nanocomposites and (b) pure crosslinked epoxy models. A total
of five different sizes of unit cells with the same volume fraction regarding nanocomposites
LT =T o1 € o =T o PSSR 200
Figure B.3 The MSD corves of: (a) pure epoxy and (b) the E54 system. ............ccco...... 201
Figure B.4 The specific volume-temperature relations of: (a) pure epoxy and (b) the E54
Y51 (=] (SRR 201
Figure B.5 The CTEs increase as the measured temperature range broadens within the
same phase region because the specific volume-temperature plot is convex. It is worth
noting that the size effect on the CTE could be observed regardless of the phase of the
NANOCOMPOSITES. ©..viitritiite et eite et et ste et ste e e e be s re e e e besseestesteesbesbeete e besreeeesteessesbeeseenteareas 202
Figure B.6 Comparison of the elastic moduli of the smallest-filler-reinforced, the largest-
filler-reinforced, and pure epoxy cells under various temperature conditions. The size effect
could be observed clearly both below and above the glass

EFANSTLION. 1.ttt 202
Figure B.7 MD results on the thermoelasticity of nanocomposites were linearly regressed
for the glass (250K~350K), transition (350K~450K), and rubber (450K~550K) regions.
All the cases of nanocomposites showed good linearity in the given temperature ranges of

PRASES. ... e e R L 222
+ J 3 —~11 ==}

XViii 1



Figure B.8 Radial density distribution functions (RDFs) of matrix (epoxy) in modeled unit
cells were estimated at the 250K condition, after equilibrated by the NPT ensemble. Both
the RDF and averaged density line are depicted until the radial distance reaches the PBC
DOUNGAIY. ... et be e et e be e e e sreereebesre s 223
Figure B.9 Flowchart for deriving interfacial thermoelastic properties, transferring the MD
simulation results into micromechanics MOdel. ............cccoviiiiiniincii 224
Figure B.10 Updated interphase thicknesses by temperature condition...............c......... 224
Figure B.11 Comparing the CTE between the pure matrix cell and interphase domain in
nanocomposite unit cells at room temperature and rubbery state condition. .................. 225
Figure B.12 Interphase moduli of nanocomposites derived from three phase multi inclusion
MICrOMEChaNiCS MOUEN. ..o 225
Figure B.13 Effective moduli of interphase for a wide range of temperatures............... 226
Figure B.14 Comparison between the MD simulation and the current bridging model in
terms of the embedded particle radius. Here, the error bar on MD results means one
deviation of analyzed results (averaged 6 times). ective moduli of interphase for a wide
FANQE OF TEMPEIATUIES ......ecvviie ettt st e st sbeere e besreereesre e 226
Figure B.15 Finite element model to support the feasibility of the thermoelastic property
of interphase in nanocomposites derived from the current bridging methodology. ........ 227
Figure B.16 Comparison between the MD simulation results and current bridging model
in terms of the temperature condition. The solutions of finite element method are depicted

in case of that the diameter of interphase does not exceed the modeled unit cell length.227



1. Introduction
1.1. Photo-responsive polymer (PRP)

Shape memory polymer (SMP) is a promising polymer material which changes
its conformation of polymer molecules and their inter- and intramolecular interactions by
multiple external stimuli [1,2]. During the past decade, SMPs have received increasing
attention not only in polymer science, but also in the mechanical engineering field due to
their considerable potential for multifunctional structures [3]. The deformation path and
state of the responsive region of the SMP are determined by both of its functional groups
in the polymer and by the entanglements of the polymer networks and physical interlocking
among them. Hence, the multiple deformation behavior of the material can be designed by
applying two or more types of stimuli, by utilizing the chemical reaction of the functional
sites and the phase transition of the polymer networks. Some mechanical tuning techniques,
such as the pre-stretching and quenching processes [4,5] or the multi-layering process [6,7],
are also applicable for the modulation of the deformation field. Because the material can
be precisely operated with the user’s own environment and preference, it is particularly
useful as a mechanical device for the bending actuator [8-10], wireless and implantable
drug delivery system [11], three-dimensional (3-D) flexible microchannel [12], and
biomimetic artificial muscle [13,14], etc.

Diverse types of SMPs with different functional groups of copolymer and polymer
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architecture have been developed to reach the desired deformation of the object [3]. Among
these ‘smart’ materials, a photo-responsive polymer (PRP) which consists of a liquid
crystalline polymer in the nematic state [15] and photoactive agents such as azobenzene
[16-19], azotolane [20], and diarylethene [21,22] shows notable features and provides a
new potential for the utilization of SMPs [23]. The characteristics of the SMP implicitly
depend on the type of energy source used as a trigger signal. Unlike most of the
conventional SMP material requires thermal energy for its operation, the PRP material
reversibly changes its molecular phase not only because of the thermal transition of liquid
crystalline phases, but also because of the light irradiation.

The origin of photo-responsibility of the material is attributed to the
conformational isomerization of the photoactive agents of the polymer matrix. When the
light is irradiated, the molecular geometry and the associated bonding characteristics are
changed, allowing a nematic to isotropic (and vice versa) transition in the liquid crystalline
polymer [16], as illustrated in Figure 1.1. Such photo-mechanical behavior is indeed useful
for the design of SMP devices because the light source can be remotely and momentarily
delivered to the target locations on the object. Also, the light irradiation can be modulated
specifically with high precision — by changing the focus position or by blocking out the
rays. The attachment of any additional components (e.g. electric circuit or battery) on the
material would not be required for the operation. These characteristics of the PRP material
enable the development of optically and thermally responsive structures and hence widen
the application fields of optical micro- and nano-devices such as solid-liquid patterning for
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photolithographic process[24], tunable focal lens [25-27], and molecular-level switching
of nanostructures [23,28,29].

The most important aspect of the PRP is that the atomic scale dislocation and
reorientation dynamics induced by the photo-isomerization directly affect the bending
and/or stretching behavior of the material and the deformation is large enough to be
detected with the naked eye. This shows considerable potential for photoactive liquid
crystalline polymer as a user comprehensible, opto-mechanically controlled condensed
matter structure. Accordingly, in recent studies, various photo-mechanical devices using
the multi-functionality of PRP material have been suggested. lamsaard et al. [30] developed
photo-responsive ribbons which show large but reversible deformation in a variety of
shapes. The deformation types between stretching and curvature could be easily selected
from the direction in which the layered PRP film was cut. Particularly, they proposed a
robust design method for a coiled spring structure in terms of an angular offset between the
molecular orientation and cutting direction, and realized mixed-helicity springs by
experiment. Yamada et al. [31] developed photo-driven motors by utilizing the photo-
induced rolling motion of a continuous ring of laminated film composed of a PRP layer
(surface) and a liquid crystalline elastomer (bulk). Because the system can be operated
under non-contact and battery-free conditions, the researchers claimed that the minimum
operation size of the device could be significantly reduced and hence adaptable to
microscale- and nanoscale applications. Liu et al. [32,33] designed a microscale-patterned
PRP film with the use of indium tin oxide electrodes and controlled the surface topology
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of the film using UV light and heat. Such a ‘smart surface’ is especially suitable for the
development of the photo-responsive microfluidic channel, which could be spatially
controlled by optical elements from the environment. The theoretical studies of the optical
isomerism of photochromic compounds and experimental studies for the development of a
multifunctional photoresponsive polymer also have been carried out by Yu et al. [17],

Harris et al. [34], Priimagi et al. [35], and Brommel et al. [36].
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1.2. PRP reinforced with nanoparticles

One important step in the development of PRP materials and structures is that the
sufficient level of mechanical strength and thermal stability must be maintained for their
useful mechanical design. Accordingly, two approaches have been mainly considered for
the fabrication of stable and multi-components’ reactive PRP material. One approach
involves the formation of densely crosslinked, glassy photo-responsive networks having a
preferred deformation axis created by the local director orientation of a liquid crystalline
network [30,34,37], and the other approach involves the use of multifunctional nano-sized
particles [38-40]. The former approach has been adopted to achieve the complex
macroscopic shape such as spiral ribbons and helicoids, by controlling the chiral
arrangement of liquid crystal mesogens. This concept is certainly beneficial to the design
of complex mechanical systems — the synthesized material shows various states of
deformation only by the alignment of the internal microstructures. However, handling of
the homogeneous phase of the material is insufficient to overcome intrinsic weaknesses of
the PRP material (high brittleness, low thermal stability, and slow response time), thus an
investigation regarding the PRP nanocomposites system must be accompanied.

The insertion of nanoparticle induces multi-functionality of the material as well
as the enhancement of its structural property. For more than 20 years, the development of
polymer nanocomposites containing functional organic or inorganic nanoparticles in the
host polymer networks have attracted attention due to their superior thermomechanical
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properties to those of microcomposites under the same loading conditions [41-45]. As the
size of the filler particle decreases to the nanoscale, the strong non-bonding interaction
between the nanoparticle surface and the polymer segments in the vicinity of the particle
significantly affects the properties of the overall composites due to the massive surface-to-
volume ratio of the nanoparticles. The significant enlargement of the particle/matrix
interface area forces the polymer chain around the particle surface to wrap tightly to form
an interphase layer in the vicinity of the interface. Especially, when the diameter of a
nanoparticle even remotely approaches the radius of gyration of typical polymers, the
surrounding polymer near the surface of the nanoparticle is critically immobilized and
strongly adsorbed on the surface of the nanoparticle.

To systematically design the mechanical behavior of the above-mentioned
methods with mechanical rigor, analyses are needed for opto-mechanical and thermo-
mechanical properties of the PRP material. Hence, these analyses must be preceded by sub-
continuum scale level analyses because the origin of the opto-thermal actuation of the PRP
material is strongly related to the photo-isomerization of the photoactive molecules and the
thermal phase transition of the liquid crystalline microstructures. Furthermore, to predict
the effective material properties of PRP composites structure reinforced by nanoparticles,
the interfacial effects and their role in nanocomposites need to be verified. However, while
numerous experimental studies have been devoted to the measurement of net deformation
of the specimen, until recently, little attempt has been made to comprehend the intrinsic

molecular structure both in the bulk and interfaces of the stimulus field.



1.3. Characterization of effective interphases formed in polymer

nanocomposites

The characterization of the effective mechanical properties and geometry of the
interphase in a heterogeneous material is a key issue for the design of polymer
nanocomposites due to the dominant effect of the interphase on the overall behavior of the
composites. The interphase region in a composite possesses properties that are distinct from
those of a host polymer, and it directly plays an important role in the structural stability of
the overall composites. As the nanoparticle size decreases for a given volume fraction, the
effect of the nano-reinforcement of the phase is exhibited more remarkably. Recent
experimental and computational works have revealed that the nanoparticle size clearly
effect various material properties such as the Young’s and shear moduli [42,44,45], the
thermal expansion coefficient [41,44], the thermal conductivity [46], and the electrical
conductivity [47]. Particularly, the nano-reinforcement effect on the thermomechanical
response is still valid even when the glassy state of the polymer matrix is transformed to a
rubbery state in environments with temperatures above the glass transition temperature
[42,48].

Many efforts have been made to evaluate the mechanical response of the
interphase and characterize its effective stiffness and volume fraction (or thickness) for use
as a design parameter for polymer nanocomposites [43-50]. So far, the exact thickness and
properties of the interphase region have not been fully understood due to the difficulties in
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the experimental visualizations in nanoscale. Thus, most experimental approaches have
relied on indirect methods to monitor the effective thickness of the interphase layer in
nanocomposites. Mortezaei et al. [51] measured the difference in the glass transition
temperature between the host polymer and the interphase by differential scanning
calorimetry (DSC). Fragiadakis et al. [52] derived the dielectric strength of the
corresponding relaxation of the composite using thermally stimulated depolarization
currents (TSDC) and combined the results with the degree of crystallinity of the bulk
polymer to calculate the interfacial region. Bhuiyan et al. [53,54] approximated the
morphological changes of the densified polymer regions around the particle surface using
atomic force microscopy (AFM).

Meanwhile, the mechanical design and modeling of the nanocomposite
interphases in silico have also been intensively investigated to characterize the reinforcing
effect of the intermediate medium between nanoparticles and the surrounding polymer. The
nanocomposite structures have been simply regarded as a three phase multi-inclusion based
on the continuum model. The densified polymer region of the nanoparticle is considered
an independent material that differs from the particle or polymer resin. Thus, the effective
properties of the ‘interphase’ in the continuum model should be inversely obtained from
the constitutive equation of the micromechanics model or the numerical solution of the
finite element analysis via the homogenization method after the overall corresponding
properties of the nanocomposites are fully obtained by experiments or molecular

simulations.



1.4. Nano-continuum bridged multiscale model

Until now, the concept of the multi-inclusion continuum model for polymer
nanocomposites and their associated interphases has continued to develop. Our group
developed a scale-bridging multiscale methodology for the elastic, elastoplastic, and
thermoelastic mechanical behavior of polymer nanocomposites and explored the effect of
nanoparticle size on the corresponding properties [44-46,55,56]. Ayatollahi et al. [57]
suggested a finite element based multiscale model for single walled carbon nanotube-
reinforced composites. In their study, it was emphasized that an interphase stiffness
between the polymer and nanotube significantly affects the overall nanocomposite
properties. Otero et al. [58] formulated the serial and parallel rule of mixture for nanotube-
reinforced composites by adapting a non-linear constitutive laws to explicitly characterize
the mechanical performance of the interphase.

An effort to constitute a delicate inclusion model is also under way to obtain an
accurate and realistic internal stress distribution in the nanocomposite structures. Shabana
[59] applied the multi-layered interphases concept for the micromechanical modeling of
the nanocomposite structures, and predicted the debonding damage of reinforcements
during the deformation process under various loading conditions. Recently, Ben et al. [60]
presented a nonlinear cohesive model for a nanoparticulate polymer by adapting a
functionally graded interphase and estimated the interfacial strength and debonding strain

at the interface of the model.



While the interphase modeling in computational surveys seems to be
uncomplicated, it has crucial shortcomings to identify the mechanical stress transfer
capability at the nanofiller-matrix interface, because the physical properties of the
intermediate medium in hanocomposites are strongly dependent on the effective region of
the interphase layer. All of the above studies emphasize that defining the interfacial region
of the nanocomposites is an important design factor in characterizing their physical
behavior. Nevertheless, the quantitative mechanical properties of the adsorbed polymer
region in the vicinity of the nanoparticle have so far only been obtained under an
assumption of the proper thickness of the layer. From a mechanical viewpoint, an
understanding of not only the reinforcing size but also the effective region of the interphase
(such as the percolation threshold of the nanofiller or nanocomposite phase separation
boundary under an overloaded condition) is a crucial design variable for polymer
nanocomposites. Thus, an analytical methodology that can determine the effective
mechanical properties and the thickness of the interphase should be developed considering

the importance and potential applicability of the interphase analysis.

1.5. Outline of the thesis

The main objective of this thesis is to develop a multiscale mechanical model for
the PRP and PRP nanocomposites by combining the all-atom MD simulations with the
conventional FE model. The photo-thermal actuation properties of a photo-responsive
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network are investigated using MD simulation. For the implementation of the trans-to-cis
isomerization of azo compounds, a switchable potential formalism for the diazene group is
applied to the crosslinked PRP unit cell model. During the light switch-on and heating-up
simulations at a wide range of temperatures, the scalar orientational order parameter for the
mesogenic side group molecules, the effective photo-induced strain of the bulk polymer
network, and the photo-mechanical properties can be characterized. The correlation
between the microstate which belongs to the molecular location and the macroscopically
observed photostrain is identified according to the isomerization ratio of the diazene groups.

In addition, to explore the possibility of introducing nanoscale fillers for
improving such photo-mechanical properties of the PRP matrix, the above MD modeling
method is applied to the case of a PRP nanocomposites system containing spherical gold
nanoparticles, and the reinforcing efficacy of the nano-reinforcements are quantified. We
particularly examined the effect of nanoparticle size on the photo-thermal actuation by
varying the diameter of the nanofiller under the same volume fraction. The results indicated
that the insertion of the gold nanoparticles enlarges the photostrain of the material while
enhancing its mechanical stiffness and thermal stability. When the diameter of the
nanoparticle is similar to or smaller than the length of the mesogen, the interfacial energy
between the nanofiller and the surrounding polymer matrix does not significantly affect the
alignment of the mesogens; rather, the adsorption energy at the interface generates a stable
interphase layer. Hence, these improvements were more effective as the size of the gold
nanoparticles was decreased.
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Lastly, based on the present findings from MD simulations, we propose a logical
approach to characterize the internal mechanical behavior of the intermediate media of PRP
nanocomposites in terms of the nanoparticle size as well as the photo-isomerization ratio
of the macromolecular unit cell. In addition, the nanophysics of the intermediate media are
discussed in detail. The proposed model involves matching the analysis results of molecular
dynamics (MD) and finite element (FE) simulations. The intrinsic nanomechanical
behavior of polymer nanocomposite models, such as the effect of nanoparticle size on the
thermomechanical properties or the particle/matrix interface adhesion characteristics, is
demonstrated atomically using MD simulation. Meanwhile, a three-dimensional FE model
for determining the mechanical properties of nanocomposites allows us to identify the
equivalent continuum model in terms of the internal stress field characteristics of the
nanofiller and the hosting matrix, as well as the global stiffness of the composite materials.
The unknown mechanical response and geometrical boundaries of the interphase (polymer
networks adsorbed on the particle surface) are thus numerically obtained from a continuum
model through the matching of the homogenization and deformation energy to a full atomic
molecular model. The equivalent continuum models given from the present multiscale
method successfully represent the virial local stresses of the interphase region of the full-
atomic model in both the before and after photo-isomerization conditions, as well as the
particle size dependent stiffness of the nanocomposites. Therefore, the present
methodology can facilitate a more accurate and efficient evaluation of a nano-sized filler-
dispersed heterogeneous system considering its intrinsic nanoscale nature. This gives a
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wider analysis of the nanofiller-reinforced PRP composites and the mechanical design of
the PRP actuator system.

The remainder of this work is organized as follows. Chapter 2 provides results
for the evaluation process of the photo-deformation, mechanical properties, and thermal
phase transition of PRP material by using all-atom MD simulations. At the end of this
chapter, we also discuss some preliminary research on the mechanical application of the
glassy PRP material and its experimental evaluation. Chapter 3 focuses on PRP
nanocomposites that are functionalized with gold nanoparticles, especially for their
enhancement of photo-mechanical properties. By deriving the photo-thermal actuation
properties of the nanocomposites models, the functional role of the non-bonded interface
between the nanoparticle and the polymer matrix is explained. Thus, the relation between
local disordering of the microstructure and the global deformation behavior of the material
is defined. Chapter 4 gives a multiscale methodology to reproduce the obtained photo-
thermal actuation behavior of PRP nanocomposites in continuum mechanics models. Both
the shape parameter for the design of the stress-free bending of the specimen and its elastic
properties and the thickness of the effective interphase under mechanical loading are
examined according to the embedded nanoparticle size and photo-isomerization ratio of the

matrix. Chapter 5 summarizes the concluding remarks and outlines some future challenges.
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2. Photo-thermal actuation analysis of PRP
2.1. Model preparation for the MD simulations
2.1.1. Modeling of nematic liquid crystalline polymer system

With the goal of the multiphysics design and analysis of the photo-responsive
structure, densely crosslinked PRPs were modeled via MD simulation and their photo-
mechanical properties were estimated. The entire crosslinked network structure is
represented by a full-atomic description without the assumption of a rigid-body translation
of the mesogen or the flexibility of methyl side groups, which have been shown to be well
suited to coarse-grained models by linytskyi et al [61,62] and Toshchevikov et al [63]. This
allows the quantitative estimation of the structural and energetic properties of the material,
including the geometrical illustration of the microstate and the nematic-isotropic (N-1)
phase transition of the monodomain structure, as well as its mechanical stability. To
examine the correlation between the degrees of photo-isomerization of diazene groups and
the macroscopic deformation of the monodomain phase (which currently is not easy to
verify using experimental techniques), we adopt a switchable potential formalism for the
double bonds of the nitrogen atoms (N=N) in the classical MD simulation.

A highly crosslinked nematic polymer unit cell that possesses azobenzene
moieties as photoactive agents was prepared for MD simulations. We selected a liquid
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crystalline molecule 6-[4-(4-ethoxyphenylazo)phenoxy]hexyl acrylate and a crosslinking
agent 4,4’-di(6-(acryloxy)hexyloxy)azobenzene for the modeling of the polymer structure
that was typically used in previously reported experimental surveys [17,64]. Details of the
molecular models are presented in Figure 2.1. Both molecules contain azobenzene
chromophore, in which photo-isomerizes from trans-to-cis form on UV light irradiation
and cis-to-trans form on visible light irradiation (or heat). The present PRP model has an
advantage due to the many photoactive sites in nanoscale; the entire polymer network
structure can be fully described by all-atom MD without the aid of mesoscopic modeling
of the molecular system. The modeling of polymer chain molecules and their
macromolecular structures with a full atomic representation was carried out with the
commercial MD package, Materials Studio 6.0 (Accelrys Inc.) [65]. The opto-thermal
actuation of the models was observed and the characterization of their microstructural and
mechanical properties described below was carried out by using the open-source MD code,
LAMMPS (Sandia Lab.) [66].

The uncrosslinked monomers and diacrylate agents are initially collocated (7:1
molar ratio) into an amorphous unit cell with periodic boundary condition, while each
molecule maintains its internal direction along the x-axis. The model was sequentially
relaxed using the conjugated gradient method, followed by 5ns of an isothermal dynamic
(NVT) ensemble at 300K and 3ns of an isothermal-isobaric (NPT) ensemble at 300K and
0.1MPa. The timestep for the equilibration of the model was 1fs, except where noted.
During the equilibration process, the potential energy of the constituent atoms including
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their covalent and non-covalent interactions was calculated using a polymer consistent
forcefield (PCFF) [67] that satisfactorily describes the thermo-mechanical properties and
thermal phase transition of condensed polymer.

A polymer crosslinking procedure was addressed for the equilibrated model. The
overall simulation flow is shown in Figure 2.2. Because the model studied includes a
polycondensation reaction of a liquid crystalline monomer unit as well as a crosslinking
reaction of the agent, we separated the procedure for the formation of chemical bonds into
two steps. In the first step, the crosslinking agents were linked with the surrounding liquid
crystalline monomers in order to build the side branch of the polymer network. The distance
cutoff started from 1.0 A and increased to 5.4 A with the step increment of 0.2 A. The
energy minimization with conjugated gradient method (convergence cutoff was 10
kcal/mol A) and NVT ensemble at 400 K for 50 ps were executed for every possible cutoff
point to enable all the intramolecular structures of the connected units to relax effectively.
Eighty percent of all the reactive sites of the crosslinking agents were crosslinked during
the first step. The second step involved the polymerization of the liquid crystalline
monomers. Because the distances between crosslink sites on the residual molecules became
wider after the first crosslinking step, we applied a longer reaction distance cutoff (7.5 A)
with the increased step increment of 0.5 A. The potential energy of the model was
minimized again for each distance cutoff. It was found that the final crosslink density of
the liquid crystalline molecules reaches to 45-% and all the monomers are fully
interconnected not only in the unit cell but also across the boundaries of the periodic cell

17 3



box. The crosslinked macromolecular structure was equilibrated again by the NVT
ensemble at 300 K for 5 ns and the NPT ensemble at 300 K and 0.1 MPa for 10 ns. The
proposed crosslinking method partly follows the procedures used in other MD studies [68],
guaranteeing that the condensed model shows energetically stable microstates with the
associated molecular structure. The completed PRP model contained a total of 5,113 atoms

and 85 azobenzene moieties and the model configuration is shown in Figure 2.3.

2.1.2. Applying trans-to-cis photoswitching potential

The photo-responsibility of the PRP material originated from the isomerization
reaction of the photoactive molecules in the system. As shown in Figure 1.1, the
azobenzene moiety used in this study is representative of the photoactive functional group
which changes its molecular conformation upon irradiation with UV light (~365 nm) and
with visible light (~520 nm). Because the conventional force fields including PCFF
potential do not provide the basis for simulating this type of stimulus, an additional
interatomic potential which specifies the change of molecular geometry at the photo
reactive sites should be required for the computation in MD simulations.

In the present study, therefore, we treated the dihedral potential parameters for the
unit cell models. From a molecular structural point of view, the photo-isomerization of
azobenzene is reproduced by changing the equilibrium dihedral angle of the diazene group
from 180 ° to O ° or vice versa. The quartic form of the torsional energy (E) used in a
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class 1l force field is described as

3
E=>V, [l—COS(ngp—(p,? )} @2.1)

n=1
where Vn is the dihedral potential and (0,? is the equilibrium dihedral angle. Figure 2.4
shows a schematic of the photo-switching of molecules in MD simulation. The trans to cis

0
(UV light irradiation, @ =0) and cis to trans (visible light irradiation or thermal

isomerization, ¢ =7) isomerization of the azobenzene and its peripheral groups was

implemented by adapting a switchable N=N dihedral parameter. This rotation potential
formalism has been widely employed for an in silico model of azobenzene and its
derivatives such as the light-driven molecular switching in the DNA [69,70], RNA [71],
and peptide [72,73] structures, photoreactive liquid crystal cluster [74], and self-assembled
monolayer phase [75]. Similarly, we handled the dihedral potential angle and the
corresponding potential coefficients given by Heinz et al. [76] for the diazene group in the
PRP model. The parameters of photoactive potential of the azobenzene unit used in this
study are shown in Table 2.1. For each photoreactive point, the photoexcitation energy was
added to the C-N=N-C dihedral component to overcome the thermal conversion barrier
(~24 kcal/mol) while the equilibrium angle was reversed.

We validated the steered dihedral potential by comparing the minimized
molecular geometry of single azobenzene with the corresponding one derived from density
functional theory (DFT) study. As shown in Table 2.2, the employed switchable potential

[76] has reproduced the geometrical features of the trans- and cis-states of the azobenzene
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provided in our DFT result (Gaussian 09 package, HatreeFock; 6-31g basis set) as well as
the reported data in the literature [77], both for trans- and cis- isomers.

We modulated the photo-isomerization ratio by selectively adapting the modified
dihedral potential described above to the diazene groups of the unit cell. When the light is
irradiated on the PRP surface, the photo-isomerization of PRP is partially driven depending
on the transparency of the material and the light intensity of the environment. Because the
macroscopic deformation performance of the material is strongly correlated with the
isomerization ratio of azobenzene, the parameter is essential for its mechanical design.
Beginning from all the trans-state, the azobenzene moieties in the equilibrated models were
randomly selected and converted to cis-state with the conversion ratios of 0 %, 25 %, 50 %,
75 %, and 100 %, as shown in Figure 2.5. The unit cells were then equilibrated for another

3 ns in the NPT ensemble at 300 K and 0.1 MPa.



Table 2.1. Dihedral force field parameters for the diazene group and its photo-

isomerization description

Dihedral energy coefficients [76]

0 0 0
State v, P v, P, Vs Ps
(kcal/mol) (deg) (kcal/mol) (deg) (kcal/mol) (deg)
Thermal
5.2 180 12 0 0 0
equilibrium
trans-Azo 34 180 0 0 0 0
cis-Azo 34 0 5.2 180 0 0

Table 2.2. Geometrical properties of trans and cis state azobenzene

trans state cis state
Mode
MD DFT DFT[77] MD DFT  DFT[77]
NN (A) 1.283 1.264 1.253 1.270 1.253 1.242
NC (A) 1.394 1.412 1.366 1.460 1.433 1.435

NNC (deg) 123.7 115.0 128.8 129.0 124.4 122.9
NCC (deg) 121.2 1205 120.3 118.4 120.1 119.8

CNNC (deg)  180.0 180.0 180.0 0.0 11.0 4.2
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Figure 2.3. Modeled PRP material using MD simulation. Diazene groups were highlighted

to show that the host liquid crystal molecules were aligned in the x direction of the unit cell.
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Figure 2.5. Trans-to-cis photo-isomerization simulation for the modeled PRP unit cell. As
the isomerization reaction was progressed, both the disorder of the alignment of polymer

molecules and the shrinkage of the system along the x direction were observed.
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2.2. Characterization of the material properties during the photo-

isomerization reaction

2.2.1. Macroscopic bulk lattice change with incompressiblity

For the equilibrated model, the trans- to cis-mode switchable potential was applied
and equilibrated again with an NPT ensemble for 3ns with a timestep of 0.2 fs. The
photoactive sites were randomly selected among the diazene group in the PRP model and
the time evolution of the unit cell length |X (which is perpendicular to the nematic
direction (x-axis)) was derived During the MD run the modified potential field significantly
changed the bulk properties of the system as well as the geometry of the microstructure.
Whereas the unit cell length along all three axes was updated at the same rate for the pre-
equilibration process, each unit cell length was controlled independently at the
photoswitching stage. Therefore, the conformational change of the polymer network and
the corresponding anisotropy of the material provoked a variation of the unit cell length
during the simulation. As illustrated in Figure 2.5, this verifies that the constructed PRP
model represents the macroscopic photo-shrinkage of the polymer network system as well
as the collapse of the internal molecular order.

For a series of partly isomerized PRP models, as depicted in Figure 2.6 (a), a
linear dependence of the photo-deformation of the material on the conversion ratio of the
cis form can be found: The degree of disorder of the microstate induced by the photo-
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isomerization of the azo compounds contributes to the effective photostrain of the material
at a given temperature.

The modeled PRPs showed incompressible behavior during the photo-
deformation, whereas their internal network conformation underwent extreme changes.
The contraction of the cell length along the x-axis was fully compensated by the expansions
of the other two directions, while the density of the model retained its initial value
regardless of the isomerization ratio, as shown in Figure 2.6 (b). In terms of atomic
structure, this result demonstrates the limited role of the azo derivatives in the
macromolecular structure: the bent-core shape of the diazene molecules loses its
directionality and significantly affects the orientation order of the overall material.
However, the intermolecular interaction energy of polymer chains does not change during
the isomerization, but realigns in the bulk material. Thus, the cis-isomers only affect the
local geometry and direction of the polymer molecules while maintaining their total free

volume in the model.

2.2.2. Mechanical properties

These conformation changes are also strongly related to the transformation of the
mechanical properties of the material. To further research the structure-property
relationships, we examined the elastic property for all the considered PRP models by
applying uniaxial strain. The length of the unit cell is elongated during the NVT ensemble
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run at 0.1K, with the true strain rate of 10%/ps. Maintaining the total strain of less than 0.3%,

the elastic stiffness components in both the axial (C11) and transverse directions (sz and

C33 ) were calculated and the results are presented in Figure 2.7. Under the trans state, the

PRP shows transversely isotropic characteristics and has the highest stiffness in the nematic
direction since all the polymer backbone segments are aligned along that direction.
However, such strong structural anisotropy is significantly reduced as the isomerization
occurs and the stiffness ratio between the axial and lateral stiffness of the PRP reaches close
to 1, which indicates that the PRP structure becomes nearly isotropic. When the
macromolecular complex was constructed, most monomers were preferably reacted along
the nematic director axis and the translational motion was restrained in that direction by
the periodic boundary condition of the modeled unit cell. Nevertheless, the disordering of
the nematic and reconformation of the associated polymer chain due to the isomerization

remarkably influence the mechanical characteristics of the material.

2.2.3. Microstate order parameter change during heating-up

simulation

The conformational changes of the molecular structure also affect the thermal N-
I phase transition of the material. To characterize the thermo-optical properties, each model
was heated up in the NPT ensemble run and scalar orientational order (S) profile was
measured to estimate how well the mesogen components sustain their alignment along the
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nematic director. For each given atomic configuration, the value can be calculated as

follows:

5. <3CL9—1> 2.2)
2

where (6) is the angle between the x-axis of the unit cell and the straight-line segment
joining both ends of the azobenzene phenyl rings, and the bracket symbol, <°> denotes
the ensemble average over all atoms in the system. Starting from 300 K, the temperature
increased gradually with the heating rate of 5 K/ns until it reached the melting temperature
(Tiso), where the mesogens rotated vigorously and the alignments had fully collapsed
(S <0.05), as shown in Figure 2.8. The melting temperature is significantly lowered
according to the isomerization reaction because the pre-collapsed microstructure
accelerates the thermal phase transition. However, simultaneously, the cis-isomers suppress
the thermal response of the system so the transition temperature range broadens and the
decreasing rate of the melting temperature reduces. We also performed simulations of the
cooling-down of the unit cell models (from 300K to 200K) and found that the reduction of
the orientation induced by photo-isomerization cannot be recovered thermally near room

temperature.

2.2.4. Quantification of the photo-thermal deformation of PRP

The results obtained so far provide important information for the design of the
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effective photostrain of the material in accordance with the isomerization ratio and the

thermal condition of the system. The quantified photostrain &£"" could be derived by

dividing the deformation along the director by the length of the all-trans model as,

gph _ < Icis — Itrans > (23)
Itrans X

Similarly, the spontaneous stretching ratio at a certain temperature ﬂq can be simply

derived from the ratio between the bulk length at a given temperature (300K) and the

corresponding ratio at a melting temperature, defined as,

7 =<|I_> . 2.4

All the results are summarized in Table 2.3. The experimental data from the
literatures [18,78], in which azobenzene containing liquid crystal homopolymers were
considered, are also included. According to the results, the current computational study
shows good prediction of the structural deformation quantity under both thermal and light
stimuli. Compared with the experiment, the current model has its own advantage, in that it
exhibits quantitative values both for the change of bulk material properties and the
associated microstate distributions during the light irradiation, and hence can be an efficient

design and analysis tool for the photoresponsive polymer and its applications.
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Figure 2.6. (a) Unit cell lengths along the director axis and (b) densities of the PRP models

during the photo-isomerization. Photo-switching potential was applied at 16.4 ns.
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Table 2.3. Photo-mechanical properties of the PRP materials. Regarding the partly
isomerized models, the photostrain calculation was repeated 4 times and averaged with

random selection of isomerization sites. S.D. is standard deviation of the model.

"™ (S.D)
System Neie T (K) .
(%)

trans 0.000 462.0 0.00 1.59
Cis-24.7% 0.247 425.0 -3.47 (1.32) 1.52
cis-50.6% 0.506 3815 -7.65 (0.93) 1.30
Cis-75.3% 0.753 373.5 -10.54 (1.38) 131
cis-100% 1.000 363.5 -11.62 1.15

Exp. (thermally) [78] 0.000 394.0 N/A 1.57
Exp. (optically) [18] 1.000 388.0 -13.00 N/A
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2.3. Suggestion of a mechanical application: A light-driven PRP

strand
2.3.1. Motivation

The photo-mechanical behavior of the PRP system has considerable potential as
the self-sensing actuator. The material is driven by a specific wavelength of light and its
actuation capacity is sufficient to deform the workpiece device. The most striking feature
is that contact-less, localized control is possible without the aid of electrical circuit elements.
Furthermore, the photo-sensitive behavior of the PRP material implies good reversibility
and that it can be repeatedly used in practical applications. Also, the actuation performance
of the PRP material is comparable to that of other types of self-adaptive material. For
example, the normal strain along the nematic axis of the PRP material estimated in the
present all-atom study and in the literature [18,76,78] is significantly larger than that for
shape memory alloys [79] or ionic polymer-metal composites [80]. Accordingly, it is
expected that the PRP material considerably widens the application field of sensor/actuator
devices and soft robotics.

Despite such considerable advantages, the PRP material has a number of
drawbacks. The material behaves similar to glass and is easily broken by the external
loading environment. Simultaneously, the photo-sensitive behavior of the material only
appears when the thickness of the operation layer is below the millimeter-scale due to the
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short penetration depth of the ray. For the mechanical engineer, this severely restricts the
design space because the maximum strength of the PRP device is strictly limited to only a
few MPa. Thus, the effective load carrying capability of the material is not sufficient to
support heavy objects or to be used as a linkage part connecting adjacent bodies. Another
drawback is the cost of the product; the syntheses of azobenzene derivatives have only been
at the laboratory level and are very expensive for application to the large-scale system.
Accordingly, as White and Broer emphasized in their recent review [28], the
bottleneck in the development of the PRP device lies in the need for mechanical
implementations that will meet the requirements for practical applications of small amounts
of material. Therefore, exploring a ‘creative mechanical design’ for the PRP material is an
important subject in this research. In this regard, we proposed a light-driven PRP strand
which contains a single layer of PRP composites, consisting of a polymer-fiber matrix and
glassy PRP. From a structural viewpoint, the high aspect ratio of the strand induces the
strand to deform elastically and it allows flexible and adaptive deformation to the PRP
strand. Also, by attaching transparent thin films on both sides of the PRP composites, the
strand fabricated in this study showed sufficiently high mechanical strength to sustain
substantial tensile stress without fracture. We examined the performance of the PRP strand
by threading a maze-like obstacle, which cannot be passed by conventional methods, with

UV-light sources.

2.3.2. Experimental section



Preparation of a PRP strand

The PRP material was prepared by the thermal polymerization of 6-[4-(4-
ethoxyphenylazo)phenoxy]hexyl acrylate. The crosslinker 4,4°-di(6-
(acryloxy)hexyloxy)azobenzene was mixed with the resin as a dry powder with a molar
ratio of 4.4:1. The two azobenzene derivatives were purchased from BEAM Co. (USA).
The powdered mixture of resin and crosslinker was stirred in the minimum amount of ethyl
acetate at room temperature and then heated to dry on a hot plate at 60 ‘C for 30 minutes.
The thermal initiator 1,1’-azobis(cyclohexane-1-carbonitrile) purchased from Wako (Japan)
was added 1 mol.-% and stirred at room temperature. A meshed multidirectional polymeric
fabric tape with ~120 micrometer thickness (a conventional iron-on fusible interfacing)
was prepared as a skeletal frame, and the mixture in solution-state flowed into the polymer
frame in a glass cell. The material was then heated at 90 C for 24 hours for
polymerization. Both sides of the soaked frame were coated with a poly ethylene
terephthalate adhesive layer of 23 micrometer thickness provided by Kookje La-Tech
(Korea). Typically, the layered film was cut parallel to the long axis to fabricate a strand-

like structure (length: 75 mm, width: 3 mm).

Material characterization
The alignment of the mesogen at room temperature was measured by polarized optical
microscopy (Olympus BX51M, Japan). The alignment of the PRP strand immersed in the
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skeletal matrix was compared with the corresponding strand of the pure PRP coated on a
cellophane tape, as shown in Figure 2.9. It was found that the azobenzene derivatives were
self-assembled very well on the polymer substrate, even when the mechanical rubbing was
not performed. In the case of the PRP in a fibrous polymer scaffold, the orientations of
mesogens were randomly distributed on the surface of each fiber bundle. However, the
liquid crystal phase was clearly observed and thus the resulting composites could be

deformed at the site of irradiation.

Preparation of a maze-like obstacle

The maze component was drawn using SolidWorks® (Dassault Systemes, USA). The body
component was fabricated using a 3D printer (ROKIT 3DISON Plus, Korea) with
acrylonitrile poly-butadiene styrene (ABS) filaments. The size of the maze was
30 X 16 X 15 (mm?3). Transparent glass sheets of 2 mm thickness were attached to both sides

and to the top of the component to seal other passages except the inlet and the outlet.

UV light irradiation to allow light-driven motion of a PRP strand in a maze

An LED type UV light source (wavelength: 365 nm, light intensity: 7200 mW/cm?;
UVSMT SUV2010-S, Korea) was used to control the photo-bending of the free-standing
PRP strand. Because the intensity of the light source beam is sufficient to produce the
desired amount of strain, the experiment was carried out under room temperature condition.
Two light-source channels were prepared which have a spot size of 83 and the light was
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irradiated on the PRP strand sequentially or simultaneously beyond the glass wall of the

maze.

2.3.3. Threading the physical maze with a PRP strand

To assess the performance of the fabricated PPR strand, we considered a simple
path-finding problem as described in Figure 2.10. The PRP strand was placed into a closed
‘maze’ that cannot be passed by the conventional straight-line strand. We set two UV-LED
spot lights outside of the maze box with their positions fixed in order to focus on the
stationary points on the moving pathway of the PRP strand. With the pulling-in of the PRP
strand, we controlled the UV-LED spots beyond the glass walls of the maze to deform the
strand.

The schematic representation of the desired pathway and the test result are shown
in Figure 2.11. The result verified that the strand completely threaded its way through the
maze box, successfully avoiding the obstacles. Such dynamic modulation can be further
extended if the number of UV-spot channels is increased and the length of the strand is
prolonged. In addition, the PRP strand fabricated in this study has even greater strength
than the pure PRP film and significantly less PRP material is used than that for the pure
PRP film of the same size. In summary, the PRP strand suggested in this work may
overcome the main drawbacks of the PRP material (high cost and low tensile strength) and
enable the practical design of the PRP devices.
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Figure 2.9. POM images of (a) the neat PRP material coated with cellophane and (b) the

PRP immersed in the fusible interfacing under 100X magnification.
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(a)

(b)

PRP strand

Figure 2.10. (a) The maze component modeled in the CAD apparatus and produced by the

3D printer, and (b) the experimental setup._
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Figure 2.11. (a) Schematic view of the PRP strand passing through the maze guided by

UV-light and (b) snapshots of the path-finding behavior of the PRP strand in the maze
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2.4. Chapter summary and conclusions

In Chapter 2, we evaluated the photo-deformation, mechanical properties, and
thermal N-1 transition of the PRP structure by using all-atom MD simulations. The photo-
isomerization reaction of azobenzene caused by light exposure was represented by applying
the photo-excitation energy absorbed by the azobenzene moiety to the dihedral potential
for diazene groups in the unit cell. The contribution of the molecular motion to the
macroscopic transformation of the crosslinked polymer network were presented and the
corresponding various isomerization ratios were characterized. The obtained results
contribute to the development of a multiscale methodology that integrates the molecular
analysis with that of the continuum mechanics that will be shown in Chapter 4. This
chapter also discusses a simple experiment we performed that maximizes the mechanical
capabilities of the PRP material in a real environment. The PRP monomers were cured in a
fibrous polymer scaffold and a PRP composites strand was fabricated, having high aspect
ratio and high tensile strength. By controlling the position and irradiation sequence of UV-
light sources, the PRP strand successfully passed a closed maze box. The experimental
result demonstrated the potential uses of the PRP composites in a wider range of

applications.



3. An all-atom analysis of PRP nanocomposites
3.1. Modeling of PRP/gold nanocomposites using MD simulations

The PRP nanocomposites reinforced with gold (PRP/gold) were prepared by MD
simulations. To examine the effect of the nanofiller addition on the thermal and mechanical
properties of the PRP, we selected PRP nanocomposite structures by embedding spherical
gold nanoparticles. It is well known that the incorporation of nanoparticles in a polymer
matrix leads to the desired functions based on the properties inherent in the nanoparticles,
as well as enhancing the mechanical properties. The gold nanoparticle used in this study is
one of the promising nanoscale materials because the diameter can be controlled with
nanometer precision [81] and has multifunctional properties such as good conductivity
[82,83], non-toxicity [84,85], and high mechanical stability [86]. The material is especially
suitable as a reinforcement in PRP matrix composites because the nematic phase of liquid
crystal molecules enables the spatial arrangement of nanoparticles [87,88]. Some
experiments and theoretical analyses have thus been performed for the PRP/gold
nanocomposites or nanofilm system and proved the potential applicability of the system
[74,89-91].

The most important design variable for the multifunctional polymer
nanocomposites is the size of the nanoparticle. The effective material properties of
nanocomposites are dominated by the localized polymer-rich phase around the nanoparticle
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surface and its interfacial behavior. Nevertheless, the size effect of the nanoparticle on the
whole PRP system has not been characterized until now due to the difficulty of quantifying
the nanoscale architecture of the material. Accordingly, we prepared four different
nanocomposite unit cells with different-sized gold nanoparticles (10 to 20 A in diameter)
under a constant volume fraction to systematically compute the bulk property of the system,
and therefore to characterize the effect of nanoparticle size on the opto-thermal actuation
of the PRP material. The configurations of polymer molecules and spherical gold
nanoclusters used in this study are shown in Figure 3.1. We selected PRP compositions
same with the ones described in Chapter 2 for the modeling of matrix structure (a liquid
crystalline molecule 6-[4-(4-ethoxyphenylazo)phenoxy]hexyl acrylate and a crosslinking
agent 4,4’-di(6-(acryloxy)hexyloxy)azobenzene). The detailed material composition for
the neat PRP and PRP/gold nanocomposite models is given in Table 3.1.

The model equilibration process for PRP/gold nanocomposite systems was the
same as that of the neat PRP model described above, except that the spherical gold
nanoparticle was positioned in the center of the unit cell. To avoid the interference between
the nanoparticle and the uncrosslinked PRP compounds, the initial positioning of the
molecules in the unit cell box was conducted under very low density (< 0.1 g/cc). The
numbers of liquid crystalline monomers and crosslinker molecules were determined, in
which the volume fraction of the gold nanoparticle becomes 1.62-%. To meet the
consistency of the polymer structure, in all cases the crosslink density of the liquid
crystalline molecules was fixed as 0.45 by suitably varying the maximum distance cutoff
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for the crosslinking simulations. After the oriented PRP molecules and a gold nanoparticle
were constituted, the unit cell box was hydrostatically compressed until the density reached
that of the neat PRP material (1.07 g/cc). During the compression, the total internal energy
of the system was minimized by the conjugated gradient method. Next, another NVT run
at 300 K for 3 ns and NPT run at 300 K and 0.1 MPa for 5 ns were applied for equilibration.
As shown in Table 3.1, the nanocomposite models were further compressed during the
NPT run and had a much higher density than the neat PRP structure. Especially, the density
of the nanocomposites increased further when the size of the filler was decreased,
suggesting that a dense and richly structured polymer layer was spontaneously formed
around the nanoparticle surface during the equilibration period.

The equilibrated PRP/gold nanocomposites unit cell model used in this study is
shown in Figure 3.2. Due to the dense crosslinking simulation, all the polymer molecules
are interconnected and represent a macromolecular network. The methyl side chain units
are randomly dispersed in the simulation cell while the azobenzene moieties within the
crosslinked polymer are aligned along the nematic director. To better understand the
microstructural behavior of the matrix phase in the vicinity of the nanoparticle, the
structural properties of the azobenzene liquid crystal and methyl side groups in the

polymers will be further discussed in the next subchapter.



Table 3.1. Neat PRP and PRP/gold nanocomposite systems studied.

. . . No. of .

. Nanoparticle volume Crosslink Cubic cell . Total no. of Density

System Gold diameter (A) fraction (%) density (%) length (A) pho;(i)tzzgtlve atoms (g/cc)
Neat PRP - - 37.91 85 5,113 1.07
PRP+10A Au 10 29.56 34 2,103 1.58
PRP+13A Au 13 45 40.91 102 6,349 1.40

1.62

PRP+16A Au 16 51.07 204 12,755 1.38

PRP+20A Au 20 64.20 408 25,001 1.36

3 ) 211 g
46 ":l'\--'i _.;..._ '|- !I = |



(@) (b)

Figure 3.1. Molecular structure of the components contained in photo-responsive polymer
and its nanocomposites. (a) Liquid crystal monomer compound, (b) diacrylate crosslinking

agent and (c) gold nanoparticles.
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Figure 3.2. Configuration of the modeled PRP/gold nanocomposites’ periodic unit cell. (a)
Front view of the original configuration, (b) highlighted view of crosslinked polymer
chains in green, (c) highlighted view of photoactive mesogens as ellipsoidal inclusions, and

(d) side-view of the configuration of (c)
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3.2. Characterization of the effective material properties of the

PRP/gold nanocomposites

During the photo-isomerization reaction, not only the mesogen alignment but also
the density distribution of the crosslinked side chains was varied due to the polymer
relaxation. In particular, the polymer conformation of the PRP/gold nanocomposites also
significantly changes with the interfacial features between the reinforcements and the
matrices, i.e., generating interphase layers distinguished with the neat polymer on the
nanoparticle surfaces [87,92-96]. Therefore, to comprehend the effect of the photo-reaction
on material properties and the associated microstructures, we derived the structural,
mechanical, and thermal properties of the prepared PRP/gold nanocomposites models as

follows.

+ Photostain (£ ""):

Here, to estimate the effective strain of the models during the photo-isomerization
simulation, the X, y, and z dimensions of the unit cell box were independently controlled.
The effective photostrain (&P") of the modeled system can be simply defined by the

change in the length of the unit cell (1) along the x direction described as,

gph _ < Icis — Itrans > (31)
Itrans X

where the bracket <°> referes to the ensemble average of the last 500 ps of simulation. To
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reduce the uncertainty caused by the sampling of the reactive constituent, the photostrain
calculation was repeated 9 times with randomly chosen sets of isomerization reaction

locations and the results were averaged.

+ Scalar orientational order of the mesogen (95 ):

To estimate the directionality of the PRP matrices during the MD simulations,
artificial line segments joining both ends of the azobenzene phenyl rings were considered.
By measuring the angle (&) between the defined line segment and the x-axis (desired
molecular orientation), the alignment of the mesogen could be computed. The scalar

orientational order of the PRP material was therefore derived as,

S — <M> (3.2)
2

where the bracket symbol <°> is the ensemble average over all molecules in the system.
When the photo-isomerization or thermal phase transition occurs, the uniaxial nematic
phase of the modeled structure converts to the isotropic phase and the value of S is close
to zero. Thus eq. (3.2) is able to estimate how the polymer molecules react to the external

stimuli.

+ Elastic stiffness (Cij ):
After the photo-isomerization process was completed, we calculated the elastic

mechanical properties in all modeled cases by applying a longitudinal uniaxial tensile strain
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of up to 0.3 % with engineering strain rates of 10%/s. Based on the virial theorem, the atomic

stress tensor (0) during the mechanical loading can be computed as [97],

N

c:\%[—imi(vivfﬁéz , ru':uJ (3.3)

i
where V is the volume of the unit cell, N is the number of atoms in the unit cell, m,
and v, are the mass and the thermal velocity of the i-th atom, Ij; and Fij are the
interatomic distance and the force between the i-th and j-th atoms, respectively. In order to
derive the equivalent continuum stress, the tensile simulations were carried out using the
NVT ensemble at 0.1K and the kinetic effects were excluded [98]. The remaining potential

part of ¢ is therefore expressed as a summation of the interatomic pair, bond, angle,

torsional angle, and out-of-plane angle as,

11 1
Ojj :_\7[52(& Fj +r2i|:2j)+§ Z (rli i +r2iF2j)+
Pair Bond
1 (3.4)

1
2 Z (rliFlj + iRy +r3iF3j)+_ Z (rliFlj + 0Py + 1) +r4iF4j)+

Angle Dihedral

1
ZZ(rliFlj + R+ Ry + r4iF4j) -
oop

For transversely isotropic material (both for the neat PRP and PRP/gold nanocomposites
considered in this study), the axial stress components which are normal to the nematic

director (yz-plane) are averaged, as shown in Egs. (3.5) and (3.6).

Q
Q
Q

XX Xy Xz O-ll O-12 0-12

Q
I
Q
Q
Q
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Q
Q
Q

X zy 7z O-12 0-23 022

where



6y, = Z(ny +0o,, +0, +0'ZX),
(3.6)

Oy :E(O'yy +O'ZZ), Oy :E(O-yz +Gzy)'

The elastic stiffness tensor written in Voigt’s notation can be simply derived under Hooke’s
law:

0; =Cij‘9] (i, j=1..6) (3.7)
The obtained mechanical stresses include uncertainties depending on the relaxed
conformation of the partially or fully photo-isomerized polymer networks. Therefore, in
order to guarantee computational accuracy, the tensile loading simulations were carried out

15 times (5 times for each loading direction) for each condition and the elastic constants

were averaged.

+ Thermal phase transition and corresponding thermal stretching ratio ( 4, ):

To estimate the thermal stability of the PRP/gold nanocomposites, the heating up

simulations from 250 K to melting temperature (T, ) at a rate of 5 K/ns were carried out in
all cases under the isobaric conditions at 0.1 MPa. The melting temperature was defined in
which the alignments of the mesogen were fully disordered (S <0.05) and had no
preferential orientation. During the heating up simulations, the change of length of the unit

cells along the x axis and the associated orientational order parameter of the mesogen were

recorded simultaneously. The ratio of unit cell length (1) at a given temperature to the

corresponding value at a melting temperature (lTiso) describes the thermal stretching ratio

52 2]



of the material, as

A :<I'L> . (3.8)

By monitoring the correlation between ﬂq and S during the heating up simulation, we
examined whether the phase transition of the liquid-crystalline structure is sufficient to
address the macroscopic deformation of the solid nanocomposites.

The characterization of the material properties of PRP nanocomposites is
particularly important for the design and analysis of the smart material in mechanical terms
because the intrinsic multifunctionality that arises from the polymer architecture and the
interfaces determines the photo-thermal actuation performance of the material. For the
convenience, the overall workflow of the simulation procedures described above are

summarized and presented in Figure 3.3.
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Figure 3.3. Overall workflow of the present MD simulations for the neat PRP and the

PRP/gold nanocomposites models
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3.3. Role of the interfacial layer during the photo-isomerization

reactions

3.3.1. Structural characteristics of the PRP molecules around the

nanoparticle

The length distribution of the azobenzene molecules in the equilibrated system
after the photo-reactive dihedral potential applied to the model is shown in Figure 3.4.
When trans-azobenzene is converted to cis-azobenzene, the effective length of the
molecules reduces by 25%. In all cases, the conversion ratio of the azobenzene molecules
in the unit cell reached the desired photo-isomerization ratio; it is thus verified that the
provided photo-reactive potential energy for the diazene moiety is sufficient to overcome
the energy barrier required for the kink motion in the crystalline glassy polymer phase. One
aspect of the result is that the deviation of the length distribution of cis-azobenzene is
significantly larger than the corresponding length distribution of trans-azobenzene. This
deviation indicates that the molecules converted to the cis-form lose their rod-like rigidity
and bridging ability and thus the width of the angular amplitude of oscillation of the kinked
moieties increases. The effect of the molecular structural mechanics of azobenzene groups
on the structural properties and stabilities of the bulk PRP and PRP nanocomposites
materials will be further discussed in the following section.

Regarding the PRP/gold nanocomposite models, the radial density distribution
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profile of the polymer matrix surrounding the nanoparticle is obtained and shown in Figure
3.5 (a). The crosslinked polymer networks in the vicinity of the nanoparticle surface
strongly interacted with the gold atoms and the local density in that region would be higher
than that of the pure polymer. As the result indicated, the radial density of the PRP phase is
not uniform but depends on the distance from the nanoparticle surface; the peak density
point is observed at the nearest surface of the particle, and the value gradually converges
to the density of the bulk system as the radial distance increases. Such morphological
change of polymer chains caused by the non-bonded interaction with the nanoparticle is
well known in the polymer nanocomposites field [43,44,99-101]. The tightly coated
polymer chains at the interface, the so-called interphase, renders the matrix phase more
stable and enhances the mechanical properties of the material. The result shown in Figure
3.5 (a) also indicates that the interfacial characteristics plays an important role in the
microstructure and the relevant physical properties of highly crosslinked nematic networks.
When the components were mixed before crosslinking, the interaction energy between the
flexible fragments of the polymer chains and the nanoparticle generated the interphase layer,
and the melt was then solidified during thermal curing.

One interesting aspect is that the morphological stability of PRP around the
nanoparticle was sustained even after the trans-azobenzene was fully transformed to cis-
azobenzene, as shown in Figure 3.5 (b). When the isomerization occurs due to the light
irradiation, the rod-like features of the azobenzene molecules disappeared and the direct
mesogen-mesogen interactions did not hold the alignment of the polymer chains. On the

56 3



other hand, the adsorption characteristics of the flexible methyl side chains are not
associated with the structural change of the azobenzene and thus the interphase around the
filler particles clearly remain. Instead, because there is less mesogen-mesogen ordering
under cis configuration, the structural interference during the photo-isomerization of the
azobenzene becomes weaker and the interfacial energy of the polymer chains with the
nanoparticle dominates the relaxation kinetics of the atoms. Accordingly, the first peak of
the radial density is slightly shifted toward the nanoparticle surface with higher local
density in all the considered cases.

The issue whereby the alignment feature of the liquid crystalline polymer
networks are also substantially affected by the shape and size of the filler might appear to
be a concern. However, the change of the local orientation of the nematic azobenzene
polymers surrounding the nanoparticle is not significant in this study because the size of
the filler is in the order of only a few nanometers. In order to visualize the relation between
the nanoparticle diameter and the mesogen alignment, we prepared additional PRP/gold
nanocomposites models containing larger diameter gold particles (up to 5 nm) and
measured their scalar orientational order of the matrix phase. In spite of the same
equilibration process, the result depicted in Figure 3.6 showed that the majority of the
mesogen molecules lost their initial orientation but were adsorbed on the curved surface of
the nanoparticle. As the nanoparticle diameter increased, this disorder became obvious and
most polymer chains could no longer sustain a nematic phase. However, as the diameter of
the embedded nanoparticle became smaller (less than 2 nm), the order parameter of the
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matrix phase was fully recovered: the alignment characteristics of the mesogen molecules
were not affected by their adsorption behavior on the nanoparticle surface.

Indeed, as described in Figure 3.7, the local orientation of the azobenzene does
not show a distinct change even for the largest nanocomposites model (PRP/20A gold).
This result is strongly consistent with the reported results [92,93], demonstrating that the
influence of the nanoparticle on the orientation of the liquid crystalline director is short
ranged. As the size of the filler reaches nanometer scale and becomes comparable to the
length of the mesogen, the planar anchoring effect of the particle appears only at the near-
interface layer. Meanwhile, because the polymer matrix considered in this study was fully
crosslinked in nematic states, the alignment change of mesogens caused by the insertion of
nanoparticles was rather restricted in the present model.

While the nano-architecture of the macromolecular polymer system did not induce
a significant change in the orientation of the matrix, the photo-isomerization of the
azobenzene exerted a significant effect for that trait. As the photo-isomerization occurred,
the orientational order of the matrix was drastically decreased regardless of the radial
distance from the nanoparticle surface even under the low isomerization ratio. Because the
isomerization sites were randomly selected and sparsely dispersed at low isomerization
ratio, the result depicted in Figure 3.7 shows that the trans to cis isomerization ratio of the
isomers mainly determines the structural features and properties of the material. Therefore,
the photo-isomerization ratio is an important design variable for understanding the photo-
mechanical behavior of the PRP nanocomposites.
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3.3.2. Nanoparticle size effect on photostrain and mechanical

properties

To further investigate the effect of nanoparticle size on the vicinity of the interface
during the photo-isomerization, we characterized the photostrain and the mechanical
properties of the considered nanocomposites models as well as of the neat PRP model.
Using Eq. (3.1), we derived the photostrain of the modeled unit cells according to the photo-
isomerization ratio of the azobenzene molecules and depicted the result in Figure 3.8. In
all cases, the uniaxial strain along the nematic director steadily increases as the trans-to-cis
isomerization ratio reaches 1. Note that the maximum deformation of the PRP obtained by
experiments (the material was composed only of azobenzene moieties so the composition
is almost identical to the neat PRP model) is about 13% [102], which is very close to the
photostrain value of the completely isomerized model in the present study. In comparison,
the estimated photostrains in the PRP/gold nanocomposites models are remarkably higher
(from 31 % to 47 %) than those of the neat PRP model, regardless of the photo-
isomerization ratio and the size of the nanoparticle. The reason for the higher photostrain
of the PRP/gold nanocomposites than the neat PRP is the dense interphase formed by the
flexible methyl groups in the polymer. As mentioned in Figure 3.5, the polymer chains
were wrapped on the nanoparticle surface while keeping the alignment of the azobenzene
groups. They inhibit the spontaneous rotation of the molecules in a random direction while
assisting the compressive deformation of the microstructure along the pre-aligned direction.
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Another important feature in Figure 3.8 is that the photostrain of the
nanocomposites material continuously increases as the inserted nanoparticle size decreases
when the trans-to-cis conversion ratio of the unit cell does not exceed 75%. The main cause
of the nanoparticle size dependence on the photostrain is the clearance at the interface
between the nanoparticle and the polymer matrix. While the photo-isomerized molecules
and their surrounding matrix environment were covalently crosslinked, the isomers around
the nanoparticle surface were connected with the particle only by non-bonded contacts.
Therefore, the isomers in the interphase had sufficient spatial freedom for shrinkage of the
structure along the nematic director during the isomerization. Because such effect mainly
occurs in the interphase region, a more distinct photo-shrinkage activity of the material can
be observed as the size of the nanoparticle decreases and the associated interface has a
larger surface-to-volume ratio. Especially, this size effect is clearly observed under low
photo-isomerization ratio and then fades out as the photo-isomerization ratio reaches 50%.
The result indicates that, under the high photo-isomerization ratio condition, the converted
azobenzene groups gain sufficient energy to transform the entire matrix region and thus the
measured photostrain is saturated.

Note that the increase of the photostrain of the material under partially photo-
isomerized condition is particularly important in the mechanical design of the PRP device.
Generally, the entire thickness of the PRP specimen in the experiment reported in the
literature is a few micrometers and thus, only the surface of the material would be
completely exposed to the light stimuli, while the intensity gradually decreases below the
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surface. Again, the finite penetration depth of the light characterizes a certain profile for
the effective photo-isomerization ratio according to the thickness of the material [103].
Because the present MD study systematically identifies the deformation range of the PRP
nanocomposites structure according to the effective isomerization ratio inside the
microstructure, the results are able to be adapted to the nano-continuum bridged multiscale
mechanical model suggested in a previous study [104].

In order to better discuss the implications of the morphological change of the
polymer, we derived the overall mechanical properties of the modeled structure from the
tensile loading simulations. Figure 3.9 shows the obtained anisotropic elastic stiffness of
the neat PRP and PRP/gold nanocomposites along the nematic axis and normal plane. As
the particle size decreases to nanoscale, the effective volume fraction of the interfacial
region is significantly large that the interphase directly affects the overall material
properties. Since the polymer interphase formed by the attractive interaction with the
nanoparticle has better structural stability and higher local density, in all the considered
cases the PRP/gold nanocomposites models show higher normal and transverse stiffness
components than the corresponding components of the neat PRP model, regardless of the
particle size or photo-isomerization ratio of the azobenzene. Also, the nanoparticle size
effect on the mechanical properties is observed under low photo-isomerization ratio
condition: the elastic stiffness of the PRP/gold nanocomposites becomes increased as the
embedded nanoparticle size is decreased because the fraction of the occupied volume of
the interphase in the matrix is increased. Such enhancement features are sustained after the

61 *



azobenzene groups in the matrix are changed from trans- to cis- state, as mentioned in detail

above.

3.3.3. Linear correlation between micro-macro deformation

phenomena explained with photo-thermal phase transition

The nematic-isotropic phase transition of conventional liquid crystal also occurs
when the thermal energy is sufficient to overcome the orientational forces of the molecular
field. Both the photo-isomerization and the thermal isomerization induce the macroscopic
mechanical motion of the stimuli-responsive polymer material as well as the change in its
microstructure. Even though the outward appearances of the deformation are similar, the
intrinsic mechanism evolved by the microstructure significantly differ. In the case of the
thermal isomerization, the liquid crystalline molecules lose their alignment due to the large
kinetic energy while maintaining their rod-like shape. In comparison, the photo-
isomerization directly changes the molecular conformation of the azobenzene so the
isomers affect the arrangement of the surrounding molecules, independent of the thermal
effects.

To thoroughly examine the multi-stimuli responsive effect, we therefore carried
out heating-up simulations in MD for the PRP nanocomposites models in all photo-
isomerization ratio conditions and plotted the orientational order profiles in Figure 3.10.
When the photo-isomerization progresses prior to the heating-up, the initial orientational
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order of the azobenzene molecules is reduced by more than 50% and the results concur
with the structural and mechanical characteristics of the matrix phase in the
nanocomposites mentioned above. The remaining orientation gradually collapses and the
material becomes isotropic when the given temperature reaches the melting point of the
unit cell. One noticeable difference of the photo-thermal behavior of PRP/gold
nanocomposites compared to the corresponding behavior of the neat PRP is that the
collapse of the orientation is considerably retarded and hence the melting temperature of
the material is increased. Because of the non-bond interaction energy between the
nanoparticle and the surrounding matrix, the local liquid crystalline polymer chains near
the nanoparticle sustain their alignment until the bulk matrix region outside the interphase
has undergone thermal isomerization. The improvement of the thermal stability of the
liquid crystal alignment according to the nanoparticle additive is a good agreement previous
theoretical and experimental results [104-107].

Another interesting feature seen in Figure 3.10 is that the change of the
microstructure of the PRP/gold nanocomposites during the heating-up simulation is not
abrupt but occurs gradually over a wide range of temperature whereas the pure, non-
isomerized PRP shows a sudden drop at the transition temperature. In the case of neat PRP
material with non-isomerized azobenzene, the polymer chains were closely packed and all
the microstructures showed uniform distribution. Accordingly, all the mesogen molecules
in the unit cell sustain their alignment directly before the temperature reaches melting point
and the transition occurs immediately over the entire domain. On the other hand, free space
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surrounds the matrix containing the nanoparticle or cis-isomers. The associated PRP
participant around the free space has local material characteristics regarding the structure
and kinetics of the crosslinked polymer; thus, the alignment parameter of the molecules has
a continuous variation. To examine the correlation between the disordering of the polymer
microstructure and the macroscopic deformation of the material, we plotted the
compressive normal strain along the x-axis of the unit cell in Figure 3.11 with respect to
the orientational order parameter during the heating-up simulations. While the deformation
quantity of the non-isomerized PRP model without nano-reinforcements is severely
scattered and shows low correlation with the orientation of the microstructure, the photo-
isomerized and other PRP/gold nanocomposites models show a clearly linear trend with
the orientation of the microstructure. Therefore, the result in Figure 3.11 implies that the
insertion of the gold nanoparticle has a positive role in widening the transitional state of
the polymer, while the photo-thermal actuation features of the material are guaranteed in

accordance with the conditions of temperature and light.
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Figure 3.4. Length distribution of the azobenzene moieties in the neat PRP unit cell

according to the photo-isomerization ratio

(a) (b)
14 1.4 .
— PRP/Au(10 Angs.) PRP/Au(10 Angs.)
— 121 PRP/Au(13 Angs.) 12 — PRP/Au(13 Angs.)
g PRP/Au(16 Angs.) S PRP/Au(16 Angs.)
o 1.0 4 —— PRP/Au(20 Angs.) o 10 —— PRP/Au(20 Angs.)
% 0.8 1 %' 0.8 -
[ =4 <
Q @
T 0.6 T 0.6
5 W 5
t 044 . . t 044
£ | g
0.2 = }“ 0.2
< ¢ I L
0.0 4 trans-AZ 0.0 | cis-AZ
0 5 10 15 20 25 30 0 5 10 15 20 25 30
Radial distance from the particle center (Angs.) Radial distance from the particle center (Angs.)

Figure 3.5. Radial density distribution of the polymer backbone constituents according to
the size of the nanoparticle: (a) non-isomerized PRP/gold models and (b) fully isomerized

PRP/gold models.

& 5 A &)



(a)

(b)

0.8

0.6 - PRP/gold

——— Bulk PRP

0.4 -

0.2 1

Scalar orientational order (S)

0.0

10 20 30 40 50
Gold diameter (Angs.)
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3.4. Chapter summary and conclusions

In Chapter 3, MD simulations were carried out to investigate the photo-thermal
actuation behavior of the PRP/gold nanocomposites. According to the photo-isomerization
ratio of the azobenzene isomers and the size of the embedded gold nanoparticle under
constant volume fraction, we obtained the bulk properties including the photostrain, elastic
modulus, and thermal phase transition of the considered material. During the simulation,
the internal microstructure of the polymer phase as well as the interfacial region between
the particle and the matrix were also examined to clarify the origin of the photo-induced
characteristics.

The results indicated that the nano-sized reinforcement not only increases the
thermo-mechanical properties of the liquid crystalline polymer, but also increases the
photostrain of the microstructure. The strong non-bond interactions between the particle
and the matrix generate the densely packed local structure at the interfacial region and
enhances the overall properties of the material. Nevertheless, the degradation of the
preferred orientation caused by the reinforcement is observed only at sites close to the
surface of the nanoparticle. Also, the vacuum level at the interface allows a conformational
mobility of the crosslinked polymer along the alignment direction during the photo-
isomerization reaction. Accordingly, this improvement of the multi-functionality becomes
more significant as the nanoparticle size decreases owing to the increase of the effective

area occupied by the interphase.



Based on the current numerical results, we reached two crucial conclusions
regarding a way to improve the mechanical stability of the PRP material by using the
reinforcements while maintaining the material’s photo-deformation behavior. First,
provided the size of the nanofiller is comparable or smaller than the length of the mesogen
molecules, the nanofiller only slightly changes the alignment of the nematic phase and the
multifunctional behavior of the PRP material would be preserved. Secondly, if an attractive
interaction develops between the filler and the matrix, the polymer matrices around the
nanoparticles form the interphase which strengthens the overall composites structure and
assists the prompt deformation response to the light stimuli. Therefore, the results obtained
thus provide important insight into the mechanical design of the stiff but resiliently
deformable PRP nanocomposites materials and enables quantitative analysis of their

mechanical properties at a given temperature and light exposure conditions.



4. Multiscale design model for PRP nanocomposites and

their associated interphases
4.1. Shape parameter under stress-free conditions

4.1.1. Basic background

So far, we have discussed the photo-thermal actuation behavior of the neat PRP
and the PRP nanocomposites reinforced with gold nanoparticles by the steered MD
simulations. Comparing with the neat PRP, the PRP/gold nanocomposites show enhanced
thermo-mechanical properties due to the formation of the physically adsorbed polymer
networks around the nanoparticle surface. In particular, the photostrain measured from the
PRP/gold nanocomposites models is comparable or even larger than the one of the neat
PRP because the alignment of the mesogen phase of PRP matrix is not hindered by
inhomogeneity interactions. Such non-intrusive behavior of the nano-reinforcements brings
a valuable multifunctionality, in that the nanocomposites material can be deformed more
than the neat PRP by the UV-light irradiation while keeping its rigid structure. In Chapter
2 and Chapter 3, the photo-mechanical behavior of the PRP and PRP/gold nanocomposites
has been characterized with respect to the nanoparticle size and the photo-isomerization
ratio of the PRP matrix.

The two important parameters for the design of PRP nanocomposites material are
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‘shape parameter’ according to the conditions of environment and ‘quantified interphase
properties’ in the vicinity of the nanoparticle surface. The former is an essential variable in
the continuum interpretation for photo-bending behavior of the material under stress free
conditions, and the latter is a key to discovering the role of interfacial layer between the
nanoparticle surface and the surrounding polymer networks under mechanical loading
conditions. As mentioned in Chapter 1, the main application of the PRP material is in
mechanical engineering and thus both of these studies are strongly necessary.

In this section, we deal with the method which predicts the photo-deformation
behavior of the PRP nanocomposites under stress-free conditions. The obtained
microstructural behavior in MD simulations was represented as continuous functions in
terms of photo-isomerization ratio as well as the particle diameter. It provides the
information on the design variables relevant with the photo-deformation to the continuum
model such as non-linear FE analysis models [104,108]. Hence the outcome of this work
can be efficiently utilized for the specific particle diameter and photo-irradiation conditions
where we are interested to design PRP nanocomposites system.

As depicted in Figure 2.8 and Figure 3.9, the modeled PRP and PRP
nanocomposites behave as a kind of liquid-crystalline polymer, so the thermal phase
transition is not 1%t or 2" order but is laid in between them [78,109,110]. The simple form

of the order parameter is given as [78],



B

T .
S=1-— if T<T
‘ T ; (4.1)

c

S=0 otherwise

where Tc is the clearing temperature and ¢ is the adjustable exponent parameter giving
the optimum fit for the order parameter for the thermal phase transition. Physically, Tc
denotes the temperature where all the internal participants of the mesogen lose their
directionality and the system becomes an isotropic. And ¢ indicates how long the material
persist against the internal collapse of the microstructure after the temperature rises to the
nematic-isotropic phase transition point of the system. Thus the function can be directly
applied to the neat PRP system and the effect of photo-isomerization reaction on the thermal
phase transition can be explained with the two coefficients. But in case of the PRP
nanocomposites system, there is inhomogeneity in the system and hence the temperature-
independent parameter should be considered to the equation as well as the exponent
parameter. To properly consider the external field effect, Haller [110] suggested a modified
equation given by,

<

if T<T, 4.2)

c

S:k‘l—l
=

S=0 otherwise

where Kk is the temperature-independent characteristic coefficient. Although the
theoretical foundation is quite limited, he emphasized the usefulness and the wide
applicability of the equation and ascertained that most of the nematic liquid crystalline

phase could be fitted excellently over a wide range of temperatures.
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Meanwhile, the actual deformation behavior of the material induced by the phase
transition of the liquid crystal has a linear relation to the magnitude of order parameter as,
A=1+a-S=1+a T’ S (4.3)
where 1 is the macroscopic, spontaneous stretching ratio of the material in response to
heat and light stimuli and . is the opto-mechanical coupling parameter specified in the
material. Finally, the shape parameter r simply can be derived from the cubic of the
stretching ratio as [108],
3

r=2’=(1+a k[T, -T[) (4.4)

4.1.2. Influence of the nanoparticle and photo-isomerization

reaction

Using the profiles of local orientational order parameter of the liquid crystalline
system obtained from all-atom MD simulations, the characteristic coefficients k and ¢
for the PRP nanocomposites system and their parametrical dependence on the external
environment is elucidated. In Chapter 2 and Chapter 3, we have found that the two most
important design factors to control the actuation of the material are ratio of the trans-to-cis
isomerization reaction and the size of gold nanoparticle. The order parameter described in

Eq. (4.2) thus can be formulated in terms of the two variables as,



S

=k(d,,n)

s(dp)
T,

C

T
Tc (ncis)

1—

(4.5)

where dp is the diameter of gold nanoparticle and N is the percent of cis-isomers in
the matrix. To interpret the microstructural changes in the matrix in a wide range of
temperature, firstly the estimated clearance temperature of each nanocomposites is
averaged over the considered nanoparticle size and listed in Table 4.1, with the
corresponding value of the neat PRP. As can be expected, the PRP nanocomposites models
shows an enhanced thermal stability regardless of the ratio of the isomerization reaction.
Next, we fitted the raw MD data for the last 50 K below the clearance temperature and
derived the model coefficients by least squares and listed them in Table 4.2. The results
showed there was a clear difference in the measured temperature-independent characteristic
coefficients between the neat PRP and the PRP nanocomposites. Particularly, the
coefficients for PRP nanocomposites were depending on the diameter of the nanoparticle -
as the nanoparticle size decreases, the ¢ and the k decrease consistently. It is because
the vacuum layer at the interface between the nanoparticle and the matrix let the liquid
crystalline mesogen disordered continuously over the entire high-temperature region and
the fraction of the vacuum field becomes more salient as the nanoparticle size decreases.
Meanwhile, the ratio of photo-isomerization reaction also influenced the decrease in the k
and TC of the PRP system because the local order of the mesogen was destroyed in the
initial state due to the significant conformational change of cis-isomers.

Accordingly, such strong dependence of the order parameter plays a major role in
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the specification of the mechanical behavior of the PRP nanocomposites system and their
design of the continuum structures. The main point of the present result was that the
intrinsic properties of PRP matrix could be well described by the conventional phase
transition model suggested by Haller. In the next section, the description method of the
order parameter as a continuous function of the photo-isomerization ratio and nanoparticle

size would be presented.

4.1.3. Description of the order parameter and shape parameter

under photo-thermal stimuli

In the previous chapter, the photostrain of the PRP material was estimated in MD
simulations by measuring the change of the lattice parameter along the nematic director
axis. The approach has its own advantages in that the effective deformation quantity of the
microstructure purely induced by photo-irradiation effect without the involvement of the
thermal-driven phase transition. However, it should be noted that the actual photo-
deformation behavior of the PRP material in macroscale system highly depends on the
operation temperature. In order to comprehend the underlying continuum of interest,
therefore, it is strongly required to provide the order parameter profile in a wide range of
operation temperature as well as the other two design variables. In this section, we propose
continuous functions with respect to the shape parameter as well as the corresponding order
parameter of the modeled PRP nanocomposites system. Because the continuous functions
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can provide the information on the particle size and photo-isomerization dependence on

the equivalent continuum model, we can utilize the functions to the specific particle size

and the light irradiation conditions in which we are interested to design nanocomposites.
To describe all the base coefficients as dimensionless parameters, firstly we set

dimensionless coefficients TC and dp as below:

T . d
TC:_I_—°O and dp:d—p (4.6)

0 . . .
where TC is 462.52 K (the clearance temperature of the PRP matrix without

reinforcements) and da is 3.495 A (the first peak of the radial density profile of adsorbed
polymer layer around the nanoparticle), respectively. All the least square approximations
were carried out with these dimensionless quantities. As shown in the Table 4.2, the
exponent value (¢) for PRP nanocomposites is similar to that obtained from the neat PRP
only in the case of extremely small diameter of the gold particle and the value decreases
further as the size of particle increases. Accordingly, the functional form of the ¢ issimply
given as,

g(d;):gl exp(d;;)+g2 4.7)
where &; and &, are the regression coefficients. Meanwhile, the temperature-
independent factor (k) is influenced by both of the diameter of the particle and the
isomerization ratio. The value decays exponentially with the decreasing size of the inserted
nanoparticle or with the increasing ratio of the trans-to-cis isomerization reaction. Hence

the functional form of k is described as,



k(d;.ng)=(k,-d; +k2)exp{(k3-d; +k4)~ncis} (4.8)
where k1 - k4 are the regression coefficients. Lastly, the clearance temperature of the
PRP nanocomposites (Tc) during the photo-isomerization reaction is formulated by the
summation of decaying rate of the neat PRP and improvement effect of thermal stability of

the matrix phase due to the reinforcements as,

*

T, (N ) =(1= 8"y, ) +{T,-exp(T,-ny, )} (4.9)
where ,3* is 88.8 which estimated from the neat PRP model in MD simulations and T1
and T2 are the regression coefficients. All the obtained coefficients and their R square
values were listed in Table 4.3 and plotted in Figure 4.1. It was clearly found that the fitted
curves successfully describe all of the characteristic features of the MD data. Using the Eqg.
(4.5), we directly predicted the orientational order parameter of the PRP nanocompsites at
various particle diameters under wide range of temperatures through the modeled functions
themselves, as shown in Figure 4.2.

Meanwhile, in Chapter 3 (in Figure 3.10) we showed that the linear correlation
between the order parameter and the thermal shrinkage of the matrix phase was significant,
especially for the PRP nanocomposites models. According to Eq. (4.3), the opto-
mechanical coupling term (¢ ) can be directly computed from the slope of the linear
regression line and depicted the results in Figure 4.1 (d). It is clearly found that the PRP
nanocomposites have higher response rates than those with the neat PRP. Also, the value is
mainly depending on the photo-isomerization ratio both for the neat PRP and the PRP
nanocomposites; the coefficients are consistently reduced during the isomerization reaction,
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indicating that a potential capacity of the material to be deformed by light irradiation is
substantially reduced. Hence, as discussed in the previously reported literature [78,104,111],
the maximum quantity of the photo-deformation can be achieved near the N-I phase
transition temperature with sufficient amount of the UV-light intensity. Lastly, as
introduced in Eq. (4.4), the final solution for shape parameter of the PRP nanocomposites
was derived from the order parameter and the polynomial fitted <& and depicted in

Figure 4.3.



Table 4.1 Clearance temperature of the neat PRP and the PRP/gold nanocomposites

according to the ratio of isomerization reaction

N Neat PRP (K) PRP/gold (K)

Trans 462.5 519.6
Cis 25% 425.2 453.0
Cis 50% 3925 426.5
Cis 75% 373.7 404.5
Cis 100% 363.0 383.6

Table 4.2 Temperature-independent characteristic coefficients of the neat PRP and the

PRP/gold nanocomposites for Haller’s extrapolation model

PRP/10A PRP/13A PRP/16A PRP/20A
n. Neat PRP

CIS

gold gold gold gold

(%)

0 1.40 0.99 1.20 1.17 1.20

25 1.00 0.92 0.76 0.84 1.08

50 | 038 092 | 040 041 | 036 057 | 029 093 | 016 0.93

75 0.91 0.67 0.72 0.67 0.77

100 0.90 0.39 0.41 0.64 0.78
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Table 4.3 Dimensionless fitting coefficients obtained from the MD results

Coefficients Value R?
S -8.161e-4
0.9688
S, 0.3978
K, 0.0614
K, 0.8477
0.8306
K, 0.1678
K, -1.436
T 0.1212
0.9850
T, -4.618
1
84 0
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4.2. Characterization of the interfacial behavior during mechanical

loading
4.2.1. Local stress distributions at the interfacial layer

In this section, we address the multiscale mechanical analysis for the response of
the PRP nanocomposites structure to an external mechanical loading. In the above chapter,
we verified that the thermo-mechanical properties of the bulk material is remarkably
improved as the nano-sized reinforcements are dispersed in the matrix. Such beneficial
effect is mainly originated from the extremely high surface-to-volume ratio of gold
nanoparticles and thus the nanoparticle ‘size effect’ was observed because the effective
volume fraction and properties of the interfacial region generated by the adsorbed polymer
chains around the nanoparticle were dominated by the size of the reinforcements.

To explicitly characterize the independent properties and thicknesses of the
interfacial region with respect to the nanoparticle size and photo-isomerization ratio of the
material, we carried out uniaxial tensile loading simulations for each modeled unit cell. The
considered PRP and PRP/gold nanocomposites models introduced in Chapter 2 and
Chapter 3 were relaxed at extremely low temperatures (10 K) and at 1 atm for 5 ns within
the NPT ensemble. Energy minimization was performed to remove the effect of
temperature on the kinetic energy of the molecules in the unit cell. The elastic mechanical
response and the load transfer efficiency of the pure polymer and polymer nanocomposite
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models are estimated along the X, y, and z directions through uniaxial tensile loading
simulations. The tensile simulations for the cases considered were carried out using the
Large-Scale Atomic/Molecular Massively Parallel Simulator, an open source code
(LAMMPS, Sandia Lab). The lattice length of the unit cell is elongated during the NVT
ensemble run at 0.1 K with the true strain rate of 10%/ps. In this work, we only focus on the
linear elastic behavior of the models considered, so the total strain does not exceed 0.3%
in the simulation.

According to the tensile tests, stresses for each atom in both the axial and
transverse directions can be obtained. From an atomic viewpoint, the potential energy
increase can be explained with an atomic stress tensor O based on the virial theorem
defined in Eq. (4.10) [97],

N

62\%[_?Zmi(viv;r)+%2irij|:ijJ (4.10)

i =
where V is the atomic volume, N is the total number of atoms, V; and M, are the
thermal excitation velocity and the mass of atom I, respectively, rij is the relative
position between atoms I and j ,and Fij is the atomic force on atom 1 due to atom
J . Because the kinetic part in Eq. (4.10) can be excluded near OK, only the potential part
of O is involved in the deformation energy of the considered model, and it directly
indicates the equivalent continuum (Cauchy) stress [98]. Therefore, the atomic stress tensor
for a polymer and polymer nanocomposite structure can be computed from a summation

of the interatomic pair, bond, angle, and dihedral angle potentials between the atoms in the

89 2]



system, as shown in Eq. (4.11) [97]:

Bond

oy v

N |-

Eé(rlilzlj"'rm':n)"' - (rliFlj+r2iF2j)+ (4.11)
1Ang|e 1 Dihedral
5 (rliFlj +1,;F; +r3iF3j)+Z Z (rliFlj + i Fy i+ F; +r4iF4j)

n=1 n=1

v 1 { 1 Pair

where the subscript number indicates an arbitrary label of the atom included in the
interaction cutoff distance (9.5 A), and V s the designated atomic volume of a local
group of the model considered. The assignment of the effective V raises an important
issue regarding the molecular and atomic analysis of nano-sized structures such as
nanorod/nanowire arrays or nanofilms, because the effective atomic volume at the surface
domain might be significantly changed by surface relaxation and reconstruction. However,
for a nanocomposite with low volume fraction (~2 %), it is clear that the effective atomic
volume in any region in the lattice unit is nearly the same as the geometrical volume of the
initially designated region when a periodic boundary condition and tightly packed
morphology of the model are considered.

To derive the local stress transfer characteristics in the interphase region around
the nanoparticle, for each unit cell model we set artificial groups which have a hollow-
sphere shell shape and are concentric with the center of the gold nanoparticle, as shown in
Figure 4.4. The deformation energy density of the group (W ") according to the distance
from the nanoparticle surface d is calculated as:

W MP (d) _ Utotal _UAu _UBqu (d)

= (4/3)x {( R,, +d )3 B RAUS} (4.12)

where U Au and UBu|k are the changes of potential energy of the inner and outer regions
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of the designated group due to the strain and RAU is the radius of the gold nanoparticle.

WMD expresses the isolated load transfer capacity on the adsorbed polymer matrix within

the given radial distance from the particle surface; the resulting profiles are therefore used
for the energy matching procedure of the current multiscale method, which will be
explained in the next section.

The calculated strain energy density distributions of the PRP/gold
nanocomposites are shown in Figure 4.5 (mechanical loading in the x direction) and
Figure 4.6 (mechanical loading in the y and z directions), respectively. It is clearly seen
that the energy density distribution is not uniform but highly variable according to the
distance from the nanoparticle surface. During the axial loading, the energy density has
higher value near the nanoparticle surface than the farfield parts of the matrix, indicating
that the interfacial region has unstable structural responses. Such unstable behavior might
come from the inhibition of the crosslink formation of methyl side groups as well as the
misalignment of mesogen. When the chemically untreated nanoparticle occupies the
position of the matrix, the crosslink reaction is inhibited and it locally degrades the material
[112,113]. Also, the mesogen disordering around the nanoparticle is involved in the
formation of unstable interfacial region, though the effect is expected to be not significant
because of the small size of the nanoparticle (we discussed it earlier in Chapter 3.3).
However, simultaneously, the strong non-bond interaction between the gold nanoparticle
and the polymer constituents still affects the strengthening effect of interfacial region. So
the overall energy density is increased comparing with that of neat PRP model (not shown
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in the graph). Accordingly, the effect of the interfacial behavior at the nanofiller-matrix
interface on the local load transfer in the nanocomposites system is still ambiguous in the
present situation. This only can be achieved with the combination of the current data
obtained from MD simulations with numerical continuum, which will be fully discussed in
the next section.

An important aspect shown in Figure 4.5 and Figure 4.6 is that the cis-
isomerization ratio in the nanocomposites system is a critical variable in the design and
analysis of PRP nanocomposites. As shown in Figure 4.5, the deformation energy density
gradually decreased as the photo-isomerization reaction is progressed, i.e., the stiffness of
the material in the director axis would be degraded. On the other hand, the corresponding
value under transverse loading shown in Figure 4.6 does not reduce but rather slightly
enhances with cis-isomerization. The results demonstrate that the phase changes from
transversely isotropic to isotropic during the UV-light exposure. Note that the result is also
in line with findings observed from the elastic stiffness components of the material (the

reader is again referred to Figure 2.7 and Figure 3.8.)

4.2.2. Modeling an equivalent multiscale unit using energy method

and homogenization

Figure 4.7 shows a schematic of the multiscale method developed in this study.
For continuum analysis, although both a micromechanics-based analytical methodology
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and a numerical calculation using the three-dimensional FE model are applicable to the
characterization of the effective interphase, here we introduce the described numerical
calculation method to achieve general and intuitive analysis of the effective deformation
on the interphase. The model consists of three phases (the particle, the interphase layer, and
the matrix), which are represented as concentric spheres meshed with a 10-node tetrahedral
element. The mechanical properties of the gold nanoparticle (Young’s modulus: 79 GPa
and shear modulus: 27 GPa) was adopted in the particle phase of the FE model.

In order to describe the mechanical behavior of a heterogeneous material
including the interphase layer with periodic microstructure via mathematical formulation,
the two-scale asymptotic homogenization method is adopted in the model [114-116]. Two
scale coordinates, X and VY, are defined to conveniently describe both the macroscopic
and microscopic behaviors, respectively. X is the macroscopic coordinate defined at the
entire body level,and Y isthe microscopic coordinate defined at the local microstructure
level. The non-dimensional scale parameter & (<< 1) is defined as the ratio of the
microscopic length to the macroscopic length, which is given as [114,115]:

X=X(xy), x=Xand y=X/a. (4.13)

The displacement field in the macroscopic domain U is then asymptotically expanded
as:

u(xX)=u’(x,y)+au'(x,y)+au?(x,y)+-. (4.14)

Meanwhile, the principle of virtual displacement subjected to traction is given as follows

[114,115]:



j 8Uk OoV.

ijkl ax axl dv = I tVdA (4.15)

where U and V arethe real and virtual displacements, respectively, t is the traction,
and C isthe fourth-order elasticity tensor of the nanocomposites. By applying Eq. (4.14),

EQ. (4.15) could be arranged about the power of the scale parameter as follows:

- 6;(m ooV, oV,
oa™): [.Cpy L= o dey = [ Cim ﬁjdvy (4.16a)
o(e): [, Ch 5= a“k i KT (4.16b)
j

where the characteristic function y(x,y) describes the mechanical behavior of the
microstructure under the unit macroscopic strain. Finally, the homogenized elastic stiffness

tensor of the nanostructure can be computed as follows:

1 6}(m
Cia = ‘L(Cukl im AV, (4.17)

i ,
The characteristic function y(x,y) and the homogenized elasticity of the nanostructure

can be obtained numerically from FE equations. Eq. (4.16a) and Eq. (4.17) can be

discretized as follows:

[ [BT'[CIIBIEA AV, = [, [BI'[C] dv, (4.183)
c ﬁ [ (C1-[CIBIDY, (4.18b)

Note that because the homogenization method uses a unit cell of the periodic microstructure,

the periodic boundary condition is imposed in solving Eq. (4.18a). In order to obtain the
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isotropic properties from the fourth-order stiffness tensor, the Hill’s model is employed
[116].

Fundamental schemes for the nano-continuum bridging technigque were proposed
by Odegard et al. [117], Tsai and Tzeng [50], Figiel [118], and Cho et al. [56]. Among
these, Cho et al. [56] proposed a procedure to obtain the elastic properties of the effective
interphase using the homogenization-based multiscale approach. The unknown properties
of the interphase with assumed thickness could be solved exactly in continuum mechanics
by the inverse identification method (a homogenization technique) when the microscopic
behavior of the composites is fully understood via MD simulation. In addition to the
precedent multiscale model, in this study we subjoin the deformation energy density
comparison procedure in order to determine the geometric boundary at which the strain
energy density of the interphase in the continuum model has the same value as that of the
full atomic model. The homogenization solution for the unknown mechanical properties of
the interphase is derived under various interphase thickness conditions. In the FE model,
the elongation of the unit cell lattice in MD simulation is imposed as the enforcing
displacement fields, considering periodicity. The discretized equation for the strain energy

density of the effective interphase is as follows:

FE _ 1 T T
Wy = —{d}’ [, [BI'ICIB]aVY, {d} (4.19)

int

where {d! is the resultant displacement field of the interphase.

A brief summary of the methodology is provided as follows. Figure 4.8 denotes
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the entire process of the established multiscale model as a flowchart. In MD simulation,
the overall mechanical properties of the polymer nanocomposites were obtained according
to the nanoparticle radius by adapting uniaxial tensile tests. During the static loading along
the nematic axis, the atomic potential density increment curve of the adsorbed polymer
layer was obtained in terms of the distance from the nanoparticle surface. Meanwhile, the
elastic stiffness of the overall nanocomposite models was transferred as an input of the
multi-inclusion model in FE analysis. Through the homogenization, the Young’s and shear
moduli of the interphase were numerically obtained until the continuum model had the
same global stiffhess as that of the atomic unit cell. After the interphase modulus found
under the assumed interphase thickness condition, the strain energy density of the FE model
was derived and whether the strain energy density matches the potential energy increment
derived in the MD model under the same interphase thickness condition was determined.
This optimization algorithm was performed until both the global stiffness and the strain
energy density of the interphase converge to those extracted from the MD model.

As a consequence, the proposed equivalent continuum model meets two unknown
parameters for the interphase (layer thickness and elastic properties) with the atomic model
simultaneously. Thus, it guarantees the consistency of both the global elastic behavior and
the effective reinforcing range of the adsorbed polymer region. It is worth noting that this
work is the first attempt to characterize the mechanical behavior of the nanocomposite
interphases with the credibility of considering mechanical energy. As mentioned above, the
reinforcing size of the interphases and their individual mechanical behavior are crucial
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design factors for the polymer nanocomposites. Furthermore, the geometry-related
challenges in interphase design (such as a phase separation in a mechanical deformation or

a rheological percolation threshold of the nanoparticle) can also be overcome.

4.2.3. Estimation and validation of the obtained interphase models

The thickness and elastic properties of the effective interphase of the PRP/gold
nanocomposites characterized by the multiscale analysis are listed in Table 4.4. In all cases,
we revealed that the interphase has stronger mechanical properties than the neat PRP,
indicating the strengthening of the adsorbed polymer layers around the nanoparticles. It is
noteworthy to mention that the independent mechanical characteristics of the interphase
only can be obtained from the nano-continuum integrated multiscale method developed in
this study. As discussed in the above section, the mechanical response of the interphase
layer would be determined both by the filler-matrix interfacial energy and by the
conformation of the polymer matrix around the nanoparticle. In the present nanocomposites
models, the polymer networks properly formed densely packed morphology during the
relaxation (see the radial density distributions depicted in Figure 3.5) and were to generate
a strengthened phase — but simultaneously the imperfect bonding condition in gold
nanoparticle-reinforced polymer also appeared in the deformation energy density
distribution posted in Figure 4.5. Thus, the two characters are competed with each other
and the net behavior at the interfacial region only can be estimated by the quantitative
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multiscale method.

Since the bulk PRP matrix is transversely isotropic, the effective interphase also
shows an anisotropic mechanical properties; the C11 has ~2 times higher stiffness than the
sz . In common with the results obtained with neat PRP model shown in Figure 2.7, the

C11 of the effective interphase becomes decreased gradually as the photo-isomerization

reaction is progressed due to the phase transformation (from transversely isotropic to
isotropic) of the matrix.

Another important finding in the analyzed results is the change of thickness of the
effective interphase according to the nanoparticle size. The thickness of the effective
interphase is reduced as the embedded nanoparticle size increases. The main cause of the
change of interphase thickness with the nanoparticle diameter is the change of the number
of non-bond interaction pairs at the interfacial layer. Even though the variation of diameter
of the nanotubes modeled in this study was extremely small, the change of corresponding
curvature was significant due to the small size of the nanoparticle. In a geometric view, the
interaction region of a matrix constituent atom around the nanotube becomes enlarged as
the diameter of the nanotube increases, i.e., the maximal effective length from the polymer
constituents to the nanoparticle surface required for the generation of an interphase
becomes larger. To clarify this, we calculated the number of non-bond pairs between an
arbitrary polymer constituent in the interfacial region and a gold surface and depicted the
result in Figure 4.9. It supports that the effective distance from the nanoparticle surface to
the outer boundary of the adsorbed polymer layer should be increased as the inserted gold
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surface becomes flattened to achieve an equilibrium state.

Meanwhile, the interphase thickness also is influenced by the UV-light irradiation.
We depicted the estimated interphase thickness and the associated deformation energy
during the mechanical loading in nematic axis in Figure 4.10 and tabulated them in Table
4.5. When we focus on the thickness dependency on the photo-isomerization ratio, it can
be concluded that the effective thickness of the interfacial layer is consistently decreased
as the trans-to-cis isomerization reaction of the matrix is progressed. This sort of
dependency is non-trivial but straightforward in principle. As predicted from the
deformation energy curves of the nanocomposites (the results are depicted in Figure 4.5),
the gold nanoparticle formed a long-ranged interaction effect in the polymer matrix.
Accompanying with this, the deformation energy at the interphase calculated from the FE
model slowly converges with increasing of the interphase thickness (not shown in the
graph). Therefore, the intersection point between the two curves derived from the MD
simulation and the FE model homogenization is located quite far apart from the
nanoparticle surface — the measured volume fraction of the interphase in the
nanocomposites system is around 30 to 60%, depending on the model considered. Since
the deformation energy curves derived from the MD simulations are considerably decayed
during the photo-isomerization, the intersection points with the corresponding ones of FE
model is forwarded. In a structural view, such behavior is acceptable in that the local
polymer structure around the nanoparticle surface loses its directionality during the event
hence the isolated stress transfer capacity along the director axis should be reduced. In
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practice, the results shown in Figure 4.10 clearly demonstrate that the effective
deformation energy at the interphase is consistently decreased as the isomerization reaction
is progressed.

For the validation of the obtained interphase model, firstly we remodeled three
phase multi-inclusion FE models with the conditions suggested by the present multiscale
analysis and compared their deformation energy density of the interphase with the
corresponding one calculated by MD simulations. As shown in Figure 4.11 and Table 4.5,
in all the considered cases the value is successfully reproduced with the error of 5 percent.
Note that the elastic stiffness components of the overall nanocomposites predicted by the
remodeled units were very accurate (the error is in range of 10-°) since the homogenization
method was implicitly used.

Another validation study for the present model is estimation of the local stress in
the interphase. As shown in Figure 4.12, we considered rectangular-shaped artificial blocks
(4x10x10 A 3) in the PRP/gold (16 A ) nanocomposites model in MD and calculated its local
virial stress inside of the regions during the tensile loading simulations. The blocks were
located across the middle of the interphase layer to represent the interfacial behavior. The
obtained virial stresses were averaged over five different loading simulations to reduce the
uncertainty that might arise from the limited number of atoms participated. According to
the result, it can be noticed that the interfacial stress along the nematic director (x-axis) has
~2 times higher than the one in the transversal directions (y- and z-axes). However, as the
photo-isomerization is fully progressed and the material changes to a near-isotropic phase,
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the gap of the two stresses becomes narrower. The present equivalent continuum unit
predicted such findings with a reasonable accuracy. The main cause of the subtle error
between the two is that the local stress in the MD model should be derived from very small,
simple-box-shaped groups with a limited numbers of atoms, whereas that in a continuum
model can be simply obtained with a smooth nature without the volume average effect.
Finally, we derived the internal stress distribution of the effective interphase
region considering with the nanoparticle size as well as the photo-isomerization ratio of the
matrix and plot the results in Figure 4.13. The material anisotropy on the mechanical
response of interfacial region under mechanical loading is clearly found. When the UV-
light is irradiated and azobenzene molecules in the PRP matrix lose their directionality, the
mechanical stress along the nematic axis of the mesogen is drastically reduced. On the other
hand, the distribution of interfacial stress along transversal axes of the mesogen does not

show significant change under identical condition.
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Table 4.4 Effective thickness and properties of the interphase of PRP/gold hanocomposites

obtained from the equivalent multiscale model

n. Interphase stiffness (GPa)

CIS
System t. (A

(%) it (2) Cu Cr C2 Cos Cu

0 1050 1432 4.27 5.77 2.40 2.90

25 9.30 16.75 10.54 16.23 13.40 2.34
PRP/gold

50 8.97 10.84 3.63 12.28 8.65 2.69
(10 4) 75 9.00 22.50 6.13 5.72 2.17 2.63

100 8.62 6.40 1.29 477 2.89 0.97

0 16.48 8.69 3.39 4.80 2.75 1.09

25 14.36 10.14 4.63 7.17 5.07 113
PRP/gold

50 12.56 9.90 3.49 5.36 4.09 0.63
(13 A) 75 13.19 5.02 2.21 3.87 153 1.30

100 11.56 5.51 2.73 4.80 2.39 1.30

0.0 19.00 9.85 2.89 4.79 2.30 1.41

25 21.69 7.33 3.02 473 2.97 0.89
PRP/gold

50 13.42 8.79 3.04 6.56 3.82 1.59
(16 A) 75 19.14 6.14 2.67 4.23 2.68 0.77

100 16.77 7.00 3.03 4.23 2.65 0.78

0.0 27.23 6.71 2.20 3.80 2.28 0.79

25 24.63 6.36 2.90 459 2.87 0.86
PRP/gold

50 19.30 8.78 3.08 5.62 3.56 1.10
(20 A)

75 16.53 5.49 1.93 3.52 0.70 1.81

100 16.40 10.98 2.27 4.60 2.12 1.30
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Table 4.5 Deformation energy density of the effective interphase during the tensile loading
(in x-axis). The value predicted by the present multiscale method was reproduced by the

remeshed FE model for the model validation.

ncis Energy density Energy density
System L (A) Error (%)
(%) (Multiscale, kJ/m®) (Reproduce, kl/m?3)
0 10.50 40.34 40.18 0.40
PRP/gold 25 9.30 30.42 30.40 0.04
50 8.97 29.64 29.34 1.01
(10R)
75 9.00 26.75 25.29 5.48
100 8.62 25.34 25.26 0.34
0 16.48 36.44 36.41 0.07
25 14.36 34.12 34.19 0.22
PRP/gold
50 12.56 3091 30.77 0.46
(13 4)
75 13.19 2531 25.30 0.02
100 11.56 2341 23.39 0.11
0 19.00 39.06 38.80 0.65
25 21.69 32.00 32.01 0.03
PRP/gold
50 13.42 28.35 28.24 0.38
(16 A)
75 19.14 27.55 27.63 0.27
100 16.77 26.39 26.42 0.12
0 27.23 31.39 31.18 0.67
25 24.63 29.00 28.93 0.25
PRP/gold
50 19.30 30.40 30.30 0.33
(20R)
75 16.53 27.01 27.03 0.07
100 16.40 24.64 24.47 0.66
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25 A

The no. of atoms selected: 2,788

The no. of atoms selected: 7,416

The no. of atoms selected = 15,665

Figure 4.4 The polymer networks in the vicinity of the nanoparticle were selected by the

arbitrarily defined local shell group (highlighted in green) to calculate the deformation

energy distribution at the interfacial region.
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Figure 4.5 Deformation energy density distribution in normal (x-axis) direction.
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Figure 4.6 Deformation energy density distribution in transversal (y- and z-axes) direction.
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#1. PRP nanocomposites modeling
and their tensile tests

OK NVT, Strain Rate: 10%/s
Total Strain = 0.003

#3. Reproducing the local/global
response of nanocomposites

» Nanoparticle size effect
» Photo-isomerization ratio

#2. Characterization of the boundary
and properties of adsorbed polymer
(interphase) region

Deformation energy
matching
uoneziuabowoy

Figure 4.7 A schematic view of the present multiscale mechanical analysis for the effective

interphase formed in PRP/gold nanocomposites considering with the nanoparticle size

effect, as well as trans-to-cis photo-isomerization reaction.
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Figure 4.8 Flowchart for obtaining the effective thickness and properties of the interphase,

integrating the MD simulation with FE analysis.
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Figure 4.9 The number of non-bond pairs between the gold nanoparticle and the nearest

polymer chain with respect to the size of the nanoparticle. The corresponding value for

gold cluster is also drawn as dash line to specify the saturation point.
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Figure 4.10 (a) Estimated interphase thickness and (b) the corresponding value of the

energy density according to nanoparticle size and photo-isomerization ratio of the system.
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Multiscale solution

Figure 4.11 Comparison between the predicted multiscale solution and the MD simulation

model in terms of the nanoparticle radius and photo-isomerization ratio.
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Figure 4.12 Model validation with the comparison of the local virial stresses of the PRP

nanocomposites reinforced with 16A-gold nanoparticles obtained from the MD model with

the corresponding ones predicted by the equivalent multiscale model.
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4.3. Chapter summary and conclusions

In Chapter 4, we introduced the multiscale method for the PRP nanocomposites
which integrates the all-atom MD simulations with continuum mechanics. The aim of the
study is to perform a continuum characterization of the photo-thermal actuation of the PRP
system under stress-free condition and to determine the inherent role of interfaces between
the particle and the matrix under mechanical loading. In the MD simulations, we found that
the material changes from transversely isotopic to isotropic with reduced order of
orientation of the matrix and with decreased thermal stretching ratio as the trans-to-cis
isomerization reaction of the azobenzene progressed. On the other hand, the adsorption
feature of the side polymer chains in the vicinity of the nanoparticle was maintained and
hence the thermo-mechanical stability of the PRP would be enhanced, regardless of the
isomerization state. Hence, it should be noted that such a multiphysics system must be fully
included in the multiscale model.

Regarding the stress-free condition, we suggested continuous functional forms for
the opto-mechanical behavior of the material in a wide range of temperatures including the
N-1 phase transition of the liquid crystals. The orientational order profiles obtained from
MD simulations were fitted using the Haller’s extrapolation method and the related
characteristic coefficients were derived. Each coefficient depends on the conditions of the
individual nanoparticle diameter and photo-isomerization ratio and thus its value could be
successfully derived with simple exponential functions. By using this relationship, we
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obtained the continuous data set for the order parameter as well as the shape parameter of
the PRP nanocomposites.

Furthermore, to interpret the strong interfacial bonding characteristics on the
nanofiller surface and the associated re-conformation of polymer networks at the interfacial
region, we considered the 3-phase multi inclusion model using the FE method. We then
determined the effective stiffness and the spatial range of the interphase layer of the
material through the deformation energy matching process and homogenization of the
phases. The present multiscale model quantitatively revealed the influence of photo-
isomerization reaction on the effective mechanical behavior of the effective interphases in
the PRP nanocomposites as follows.

Firstly, the interfacial region has higher stiffness than the bulk matrix region where
the polymer does not interact with the nanoparticle. Secondly, the orientation feature of the
mesogen molecules makes the anisotropy in the interphase region as well as the bulk matrix;
hence, the interphase has exceptionally higher stiffness in the nematic direction than in the
other two directions. However, similar to the neat PRP material and bulk matrix region of
the PRP nanocomposites, such anisotropy is significantly reduced during the photo-
isomerization reaction of the material, even though the strengthened effect of the interphase
is still valid because of the remaining adsorption characteristics of the polymer chains
around the nanoparticle. Accordingly, the photo-isomerization reaction causes a decrease
in the effective deformation energy density as well as local stress in the interphase under
mechanical loading. Thirdly, the volume fraction (or thickness) of the interphase is
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influenced by both the nanoparticle size and the ratio of the photo-isomerization reaction.
This finding is particularly important for the mechanical design of the polymer
nanocomposites system because the quality of the estimated local stress field and the
effective deformation energy in the interphase strongly rely on the thickness of the
interphase. It is verified that the present multiscale model is able to obtain an equivalent
continuum model which predicts the local stress field and the deformation energy quantity
in the interphase with accuracy that can be obtained from the corresponding all-atom
computation results. In brief, the multiscale model developed in this study can efficiently
and accurately predict the photo-mechanical properties of the PRP nanocomposites system
according to the important design variables, as well as the identification of inherent
mechanical load transfer behavior.

We expect that the present multiscale method can be further progressed and
refined in the near future if efforts are concentrated on examining the photonic and thermo-
mechanical properties of the nanocomposites material. For example, regarding the photo-
bending analysis of the PRP nanocomposites, the light penetration depth beneath the
surface is an important factor because it affects the deformation quantity of the considered
body. The gold nanoparticles partly absorb the light energy and reduce the effective
intensity of the incident UV light; more specifically, the transmittance of the gold
nanoparticle is significantly changed by the size of the nanoparticle [119]. Therefore,
numerous experimental observations or precise ab initio calculation data would be required
for the quantitative evaluation of the light transmittance of the PRP nanocomposites.
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Regarding this topic, the population dynamics model which combines the non-linear Beer’s
law with the stimulated Raman adiabatic passage we formulated in previous work [120]
can be adapted to trace the intensity distribution across the depth of the actuator.

Another unexplored aspect of the multiscale analysis for the PRP hanocomposites
is the effective photostrain of the interphase during the isomerization reaction. In this
current study, we characterized the effective thickness and mechanical properties of the
interphase using numerical simulations, but an analytical micromechanics formulation for
the photo-thermal strain of the interphase has not yet been developed. To evaluate the
internal displacement and strain fields inside the nanocomposites during the photo-
isomerization, both of the photoelastic and thermoelastic properties of the PRP
nanocomposites must be fully characterized in a wide range of temperature conditions. This
can be achieved by using a large set of PRP/gold nanocomposites models with very
different temperature and isomerization ratio conditions in MD simulations or experiments.
The analytical photostrain of the interphase can then be obtained from the scale-bridging
micromechanics model first proposed by Yang and Cho [121], by expanding the
formulation to include phase transition and associated ‘negative’ thermal expansion at the
critical temperature.

Finally, although this dissertation focuses on multiscale design and analysis for
the PRP and the PRP nanocomposites material, it should be emphasized that the multiscale
model can be generalized for all heterogeneous systems to reveal the mechanical role of
the interfacial layer in the system. Regarding this, we intensively investigated the
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conventional polymer (crosslinked epoxy) reinforced with nanoparticles/nanotubes by
applying the current multiscale analysis. The results of this investigation are provided in

Appendix A and Appendix B.
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5. Conclusions and recommendations

In this study, we examined the methodology of multiscale mechanical design for
the multiphysics analysis of the PRP and its nanocomposites. Crosslinked macromolecular
polymer models incorporating photo-sensitive molecules as well as nano-reinforcements
were simulated in silico and in a series using all-atom MD simulations, and their micro-
macro correlations were studied. This work represents the first computational attempt to
predict the photo-reaction dynamics and their influence on the structural properties of the
glassy PRP system. The morphology of the micro/nanostructures and the associated order
parameter of the mesogen molecules during the photo-isomerization reaction were
guantitatively characterized. The bulk properties were also characterized, including the
thermal phase transition and the elastic stiffness. Therefore, the simulation result provided
a key to the exploration of the intrinsic physics of the functional liquid crystalline polymer.

In this final chapter, we discuss important but unresolved issues in the future of
multiscale mechanical design technology for multifunctional materials. The concept of the
integration method of the photoactive potential of azo dyes with a classical force field in
MD simulation is not only limited to the analysis of PRP structures, but also to all other
materials that the bulk properties are strongly influenced by the photo-induced reaction
kinetics of individual molecules. Considering this, the present MD simulation method will
be applied to other unexplored areas such as the nano-lithography process, self-healing
polymer (or gel), polymer curing and ageing, and protein-folding/unfolding for future
investigations. With the rapid development of polymer-based nanodevices and
nanotechnology applications, the importance of these all-atom level analyses is
increasingly being highlighted in many engineering fields.
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As a mechanical application of the PRP material, we also developed a light-driven
PRP strand, as a new mechanical threading device operated by UV light. The layered film
structure fabricated in this study showed that the main drawbacks of the pure PRP material
(high brittleness and low toughness) can be easily overcome by this simple structural design
while keeping the original advantages of the material. The potential applicability of the
structure is truly unlimited because the deformation pattern and path of the strand structure
can be freely designed by selecting the number of UV-light sources, the light irradiation
sequence, the location, and the time. Particularly, since the opto-mechanical behavior of
the PRP strand is derived from the conformational change of the microstructure at the
molecular-level, the work can be further progressed toward a microscale threading system.

Meanwhile, we also examined the opto-thermal actuation behavior of PRP
nanocomposites containing gold nanoparticles using MD simulations. In addition to the
reinforcing effect of the nanoparticle in the PRP material, we verified the nanoparticle size
effect on the opto-mechanical properties and the photostrain. The mesogen-mesogen
interactions and the adsorption of the polymer networks around the nanoparticle coexisted
in the modeled PRP nanocomposites system and it was verified that the photonic actuation
was improved, with enhanced thermo-mechanical properties. For future development,
other nanomaterials such as nanocarbon (fullerene, carbon nanotube, and graphene) can be
incorporated as the filler. In fact, a number of researchers have recently focused their
attention on the significant functionality of photo-responsive materials and obtained some
meaningful conclusions, e.g. a multi-stimuli (heat/UV/near-infrared) responsive liquid
crystalline polymer nanocomposites with multi-deformation modes [122], the design of a
reconfiguration of the film with patterned white light illumination [123, 124], hydrogen-

bonded carbon nanotube/polymer nanocomposites with higher mechanical strength and
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stability [38], etc. Therefore, the next step in multiscale design and analysis should be to
examine the quantitative effect of nanoparticles on the actuation of PRP and to reveal the
intrinsic mechanism with atomic detail. Especially, this problem should be more carefully
studied for the case of non-spherical nano-reinforcements, e.g. nanotubes, nanowires,
nanosheets, and nanoplatelets, because their relative orientation to the mesogen molecules
might also affect the opto-mechanical behavior as well as the interfacial characteristics of
the nanocomposites system [125, 126].

Lastly, we developed a nano-continuum bridged multiscale method for PRP
nanocomposites which characterizes the actuation performance of the bulk material as well
as the local mechanical response of the microstructure. To provide the efficient design
guidelines for the control of the photo-bending behavior of the PRP system under a free
boundary condition, we proposed an empirical model which could be used to represent the
shape parameter of the system under conditions of varying photo-isomerization reaction,
temperature, and nanoparticle diameter. Particularly, because the occupied volume fraction
of the interfacial layer between the nanoparticles and the polymeric matrix was significant
and played a major role in the overall opto-thermo-mechanical response of the entire
system, we explicitly characterized the effective thickness and the effective elastic stiffness
of the interphase in the nanocomposites system using the energy method and
homogenization theory.

The multiscale method developed in this study is not limited to the mechanical
design of the PRP actuator system; rather, it encompasses the interfacial behavior of all
heterogeneous groups including reinforcement for polymeric composites, phase
adhesion/separation in polymer blends, and the micro-/nano-encapsulated organic phase,

etc. Accordingly, for development in the near future, various suggestions have been made
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to examine the interfacial morphologies and the corresponding properties of the
nanocomposites by surface treatment of the filler particles [43,127], the agglomeration or
cluster behavior of the interphase [128,129], and the self-diffusion behavior of the polymer
in a viscoelastic media influenced by its crosslinking density [113,130]. Also, the proposed
multiscale concept will be extended further for other physical properties of the effective
interphase such as yield strength and hardening rate under large deformation, thermoelastic
properties in a wide range of temperatures including phase transition region and thermal

conductivity.
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Appendix A. Multiscale analysis for the effective thickness
and mechanical properties of interphase in polymer

nanocomposites
A.1l. Overview

So far, it was not clear how to identify the mechanical behavior of the interphase
layer in nanocomposites structure quantitatively, because the properties highly depend on
the assumptions for the interphase geometry condition. In the Appendix A, a multiscale
model which integrates molecular dynamics (MD) simulation and finite element (FE)
analysis has been developed to design nanofiller-reinforced epoxy nanocomposites and
their effective interphase. Both the global stiffness of the polymer nanocomposite model
and the internal stress distribution on the nanofiller surface during mechanical loadings
were quantitatively characterized. Through MD simulations, crosslinked epoxy resin
(crosslinking ratio: 0.45) and nano-sized filler (spherical SiC and zig-zag single walled
carbon nanotube) embedded epoxy nanocomposite models were prepared with full
atomistic detail. For each model, uniaxial tensile tests were carried out to obtain the elastic
behavior of the nanocomposites and the strain energy distribution in the vicinity of a
nanofiller surface. Meanwhile, a three-dimensional FE model of a three-phase was
prepared, consisting of a nanofiller, polymer networks adsorbed on the nanofiller surface
(interphase), and polymer networks non-adsorbed on the nanofiller surface (bulk matrix).
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The unknown mechanical response and thickness of the interphase were numerically
characterized through homogenization and deformation energy matching to that of the full
atomic molecular model, respectively. The present multiscale method, therefore, yields an
effective region of the interphase as well as its mechanical properties. The suggested
multiscale model accurately predicts virial local stresses at both the interphase and bulk
matrix regions of the full-atomic model and explains the reinforcing mechanism at the
interphase region.

The current model has its own advantage in that the local load transfer
characteristics between the inhomogeneities can be designed in accordance with the atomic
view. Various kinds of other design parameters which are closely related with the interphase
such as a resin crosslinking density, a polymer-particle grafting ratio, and an aggregation
phenomenon of nanoparticles can also be characterized by the present methodology with

the understanding of their intrinsic nanophysics.

A.2. Revealing strengthened interphase formed in crosslinked

epoxy/SiC nanocomposites
A.2.1. Modeling of crosslinked nanocomposites system in MD
Figure A.1 shows the molecular models of an epoxy resin (EPON 862°)

compound and a hardener (TETA®) compound for curing the resin considered as a host
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polymer in this study. The idealized uncrosslinked polymer unit cell that contains the resin
and hardener molecules is initially constructed in an amorphous state with periodic
boundary conditions. The ratio of resin to hardener in the modeled unit cell is 3:1 in order
to provide a satisfactory number of chemical reactive sites for the two molecules available
for crosslinking (four nitrogen atoms in the single hardener molecule can be reacted with
up to six carbon atoms of the epoxide rings). Modeling the complex atomic structures and
energy relaxation processes of the present atomic models is carried out using the
commercial MD simulation package, Materials Studio 5.5 (Accelrys® Inc.). Both the
bonding and non-bonding interactions between the adjacent atoms are represented by the
polymer-consistent force field (PCFF) potential [67].

The uncrosslinked state model minimizes its total potential energy by using a
conjugated gradient method with an energy deviation convergence cutoff of 0.1 kcal/mol -A |
followed by an NVT (isothermal) ensemble simulation at 300K for 500 ps and NPT
(isothermal-isobaric) ensemble simulation at 300K and 1 atm for 2 ns. For the efficient
calculation of the electrostatic potential energy, the distance-dependent dielectric method
with a constant of 1.6 is applied in order ensure that the values of the mechanical response
of the current model are similar to those in the literature [44]. For simulation of the
crosslinking reaction, all the interatomic distances between the reactive sites of the resin
and the hardener molecules in a given unit cell are calculated. If the distance between the
reactive sites is within the designated cutoff, a new covalent bond is artificially created
between the sites, as shown in Figure A.2. The reaction cutoff distance starts at the value
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of 1 A, and gradually increases with the step size increment of 0.5 A until the final
crosslinking ratio reaches 45%. The maximum distance cutoff for a crosslinking ratio of
45% does not exceed 6.5 A for the considered model, which has a similar value to the
chemical reaction distance [44,50,101]. The atomic structure is repeatedly minimized using
a conjugated gradient method with refreshed potential energy components, while the
reaction cutoff distance is iteratively updated. After the crosslinking procedure is
completed, final equilibration runs are executed in an NVT ensemble simulation at 300K
for 2 ns, followed by an NPT ensemble at 300K and 1 atm for 3 ns.

The modeling procedure of the polymer nanocomposites (crosslinked epoxy/SiC)
is the same as that of a pure crosslinked epoxy system, except that an untreated spherical
SiC nanoparticle is inserted in the unit cell with the uncrosslinked resin and hardener. In
this study, a total of five different nanocomposite unit cells which have SiC nanoparticles
of differing sizes are inserted, while the volume fraction of the particles is fixed at 5.95%,
irrespective of the size of the particles, in order to revisit the nanoparticle reinforcing effect
on the stress distribution in the polymer networks. An example of the fully equilibrated
model of a crosslinked epoxy/SiC unit cell is depicted in Figure A.3.

Table A.1 lists the six simulation systems and their detailed compositions
examined in this work. The volume fraction of the nanoparticles of each atomic model
underwent slight alteration during the NPT ensemble, while the target condition remained
constant. These changes mainly involve an interfacial non-bonding space between the
nanoparticle surface and the internal wall of the polymer chains. The percentage of the
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interfacial space should be increased as the model size decreases because in all the
considered models, the thickness of the vacuum-layer is retained, regardless of the particle
radius. Thus, the difference of the nanoparticle volume fraction (around 0.5 percent) was
neglected in the current multiscale model, assuming that the composition changes are
indwelling in the nanostructured material.

It is worth noting that many other methods can be used for the modeling of the
crosslink distribution in epoxy resin in the MD simulation, such as representative network
element generation [44,101] and real-time observation of the chemical reaction in a
dynamic ensemble [68]. None of these models are perfect, each having its own merits and
demerits and being limited only to the targeted properties under specific conditions.
Nevertheless, it is generally known that these methods are all well correlated to the

experimental methods on the thermal and mechanical behavior of the crosslinked epoxy.

A.2.2. Global elastic response of the nanocomposites

The equilibrated models were then relaxed at extremely low temperatures (10K)
and at 1 atm for 2 ns within the NPT ensemble. Energy minimization was performed to
remove the effect of temperature on the kinetic energy of the molecules in the unit cell. The
elastic mechanical response and the load transfer efficiency of the pure polymer and
polymer nanocomposite models are estimated along the x, y, and z directions through
uniaxial tensile loading simulations. The tensile simulations for the cases considered were
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carried out using the open source code, LAMMPS. The lattice length of the unit cell is
elongated during the NVT ensemble run at 0.1K with the true strain rate of 10%/ps. In this
work, we only focus on the linear elastic behavior of the models considered, so the total
strain does not exceed 0.3% in the simulation.

According to the tensile tests, stresses for each atom in both the axial and
transverse directions can be obtained. From an atomic viewpoint, the potential energy
increase can be explained with an atomic stress tensor 0 based on the virial theorem

defined in Eq. (A.1) [97],

1 N T 1NN
O = i;:[i——:§::r11i (\/i\/i ) + EE::E: :E::I}jFﬁj:j (/\'IJ

i g
where V is the atomic volume, N is the total number of atoms, V; and M, are the
thermal excitation velocity and the mass of atom I, respectively, rij is the relative
position between atoms I and |, and Fij is the atomic force on atom | due to atom
| . Because the kinetic part in Eq. (A.1) can be excluded near OK, only the potential part of
0 is involved in the deformation energy of the considered model, and it directly indicates
the equivalent continuum (Cauchy) stress [98]. Therefore, the atomic stress tensor for a
polymer and polymer nanocomposite structure can be computed from a summation of the
interatomic pair, bond, angle, and dihedral angle potentials between the atoms in the system,

as shown in Eq. (A.2) [97]:
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where the subscript number indicates an arbitrary label of the atom included in the
interaction cutoff distance (9.5 A), and V s the designated atomic volume of a local
group of the model considered. The assignment of the effective V raises an important
issue regarding the molecular and atomic analysis of nano-sized structures such as
nanorod/nanowire arrays or nanofilms, because the effective atomic volume at the surface
domain might be significantly changed by surface relaxation and reconstruction. However,
for a nanocomposite with low volume fraction (<10%), it is clear that the effective atomic
volume in any region in the lattice unit is nearly the same as the geometrical volume of the
initially designated region when a periodic boundary condition and tightly packed
morphology of the model are considered.

To derive the Young’s and shear moduli of the models, the virial stress for all
constituent atoms in the unit cell is calculated. During tensile simulation, a total of nine
averaged stress components can be obtained, each of which are averaged in the axial and
transversal directions to remove the morphological uncertainties in atomic models, as

shown in Eq. (A.3):

o-xx ny o-xz Ul 62 62

global ~ Jay S A

log: = |o, o, O, = |o, o0, O, (A.3)
o, O, O 6, 6, O
X zy 7z global 2 2 1 global

where

A

o, =§(o-xx +to, +0'ZZ), G, =6(0'Xy to,+o,+0,+0, +Uzy) .(A4)

Under linear elastic deformation, the material obeys Hooke’s law:
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6.=Ce,  (i,j=123) (A5)

| 7]

where ¢, is the simple three-dimensional stiffness tensor and . is the normal strain.

The Young’s modulus E and shear modulus G can then be derived as [131]:

E_ (Cu—Ci)(Cu+2Cy,) G- Cu—=Cyp . (A.6)

C,+C, 2

The results of the tensile loading of the nanocomposite model are depicted in Figure
A.4. The model exhibits fully linear elastic behavior along all three axes of the 0.3% strain.
Table A.2 shows the global elastic properties of the models. The reinforcing effect of the
nanoparticle in the polymer nanocomposites is clearly observed throughout all the
considered cases. Both the Young’s and shear moduli of the nanocomposite systems are
significantly higher than those of a pure epoxy system, while keeping their Poisson’s ratios
of about 0.37, which is within the common range of the Poisson’s ratio of 0.3-0.4 of
conventional polymers. In particular, a nanoparticle size dependency on the elastic
properties of the nanocomposites has also been well verified; the Young’s and shear moduli
are significantly increased as the radius of the reinforcement is decreased. The current
nano-size effect on the mechanical properties is supported by previous studies [44,45].

We assume that the proposed method has material structure parameters of the polymer
nanocomposites, such as crosslinking ratio, nanoparticle radius, and uniform dispersion of
the nanoparticle. Thus, a direct comparison or validation of the results with those of
experiments is not possible; rather, the current results can be a quantitative guideline for

the design or manufacture of polymer nanocomposites.
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A.2.3. Local stress distribution under tensile loading

The effective strain energy density for local regions in the unit cell can be
computed when the atomic stress of individual atoms in the unit cell are partly grouped and
summed. By dividing the total strain energy in the unit cell into multiple phases with their
effective volumes, the local deformation energy density of the unit cell is obtained during
the tensile simulation. To obtain the local load transfer characteristics at the
nanoparticle/matrix interface, arbitrary local groups which have a spherical shell shape with
1-A thickness and are concentric with the inserted nanoparticle are considered, as described
in Figure A.5. In terms of the group, one can consider a total of three different types of
local energy, as follows.

(a)The total sphere group includes all atoms in a designated cutoff radial distance. The
effective volume of the group is the same as the volume of the sphere. Atomic stresses from
the exterior of the spherical group are subtracted. The energy density of the total sphere
group (WT ) can be computed as:

U par+1+2+3 U 3

_ (A7)
(4/3)z(R +d)’

T

where U s the change of potential energy due to the strain, R is the radial distance
from the nanoparticle surface, d is the shell thickness constant (1-A), and subscripts
‘par’, ‘1, °2’, and ‘3’ are the separated local regions denoted in Figure A.5.

(b) The particle-excluded hollow-sphere group excludes the energetic contribution of
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the nanoparticle and the non-bonding interaction between the nanoparticle surface and the

vicinity of the polymer chain from the total sphere group. The energy density of the group

(WH ) can be calculated as:

U, -U,

U par+1+2+3 ~ ~ par

W, = . (A.8)
4137 {(R+d) —Ry,*}

WH expresses the isolated load transfer capacity on the adsorbed matrix within the given

radial distance from the particle surface; the resulting profiles are therefore used for the
energy matching procedure of the current multiscale method, which is explained in the next
section.

(c) The spherical shell with 1-A thickness group is a shell-shaped subdivision of group
(b) that has a constant thickness (1-A ) and is concentric with the nanoparticle. According
to the local energy density distribution of this group with respect to the radial distance from
the particle surface, the energetic adsorption characteristics of the crosslinked epoxy to the

SiC nanoparticle can be observed in the profile. The energy density of the local shell group

(WS ) can be calculated from Eq. (A.9):

W. = u par+1+2+3 -U par _Ul _U3 . (A9)

" @3r{(R+d) R

The local stress distribution in the nanocomposite and pure epoxy system at the
atomic level is depicted in Figure A.6. While the local stress distribution in the pure epoxy
is almost uniform regardless of the local energy group that in the nanocomposites shows
clear variations along the radial direction from the particle core. According to the local

stress-strain profile of the modeled nanocomposites, the strain energy density profile of the
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‘local shell group’ can be calculated, and the results are shown in Figure A.7. It has a clear
peak around the nanoparticle surface and quickly converges to a specific value. The ‘total
sphere group’ and the ‘particle-excluded hollow-sphere group’ can be derived in a similar
manner, and the results are also depicted in Figure A.7.

An interesting feature of the result is that the energy density of the ‘particle-
excluded hollow-sphere group’ retains its profile regardless of the nanoparticle size, as
shown in Figure A.8 (a). The consistency of the energy density profile in the matrix around
the spherical dispersed phase signifies that the internal stress field distribution of the
polymer matrix in the nanocomposites is not affected by the size of the nanoparticle.
Accordingly, the effect of nanoparticle size on mechanical properties is not only caused by
the conformation difference of the adsorbed region of the polymer, but by the change of
the non-bonding interaction energy feature between the nanoparticle and the adsorbed
polymer. Figure A.8 (b) describes the strain energy density profiles of the effective
interphase under various thickness conditions. Unlike the atomic results, the effective strain
energy density of the interphase layer in a three-phase continuum model shows a clear
particle size dependency among the models, because the interphase layer in the FE model
is perfectly bonded to the adjacent nanoparticle layer, and the non-bonding interaction

energy between them is implicitly considered.

A.2.4. Derivation of the equivalent interphase using multiscale
model
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For continuum analysis, although both a micromechanics-based analytical
methodology and a numerical calculation using the three-dimensional FE model are
applicable to the characterization of the effective interphase [43], we introduce the
described numerical calculation method to achieve general and intuitive analysis of the
effective deformation on the interphase. The model consists of three phases (the particle,
the interphase layer, and the matrix), which are represented as concentric spheres meshed
with a 10-node tetrahedral element.

The multiscale model used in this study is same with the one introduced in
Chapter 4, so in the appendix we only provide the whole multiscale flowchart in Figure
A.9. In MD simulation, the overall mechanical properties of the polymer nanocomposites
were obtained according to the nanoparticle radius by adapting uniaxial tensile tests.
During the static loading, the atomic potential density increment curve (VVH ) of the
adsorbed polymer layer was obtained in terms of the distance from the nanoparticle surface.
Meanwhile, the elastic stiffness of the overall nanocomposite models was transferred as an
input of the multi-inclusion model in FE analysis. The mechanical properties of the SiC
nanoparticle (Young’s modulus: 451.6 GPa and shear modulus: 182.5 GPa) and bulk epoxy
(Young’s modulus: 3.65 GPa and shear modulus: 1.33 GPa — obtained by current MD
simulation) were used in the particle and matrix phases of the FE model, respectively.

As shown in Figure A.10, the effective thickness of the interphase which predicts
both the global elastic behavior and the local load transfer efficiency on the adsorbed
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polymer layer of the nanocomposites can be derived by comparing the energy density
curves of the interphase with those of the ‘particle-excluded hollow-sphere group’ in the
MD simulation. The mechanical properties, interphase thickness, and volume fraction of
the equivalent FE models demonstrated in the condition of the energy density balance and
homogenization are shown in Table A.3, which indicates that the effective elastic stiffness
of the interphase is higher than that of the pure epoxy due to the morphological change and
densification of the polymer microstructure.

A noticeable aspect of Table A.3 is the relation between the predicted thickness
of the interphase and the inserted particle radius. The increase of the thickness occurs
gradually until 9 A, but it does not increase any further with particle size larger than 10 A .
Figure A.11 shows a geometric view of the number of non-bond pairs between single
polymer constituent atoms laid on a particle surface. The particle constituent atoms within
the employed cutoff radius are indicated. The non-bond pair number is inversely
proportional to the particle curvature, which means that the effective distance from the
particle surface to the outer boundary of the adsorbed polymer layer should be decreased
as the particle curvature is increased to achieve an equilibrium state in the system.

A number of studies [2-4,9,12-22] have reported methods of characterizing the
effective thickness of the interphase layer for the mechanical analysis of polymer
nanocomposites, as listed in Table A.4. As is shown in Table A.4, the range of thicknesses
of the interphase layer obtained from the current work is 4.5-9.1 A, which is close to the
value of the interphase thickness suggested by the references via MD simulations.
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Another key aspect is that even though the volume fraction of the interphase is
identified using the energy method, a particle size dependency on the interphase modulus
remains. The obtained interphase moduli have a deviation according to the particle size due
to the small number of the polymer constituent atoms around the particle and their
conformational uncertainty. However, the modulus not only fluctuates around a constant
value, but also decreases as the particle size is increased. The relationship between the
particle size and the interphase modulus could due to the structuring influence on the
polymer according to the nanoparticle curvature. For small nanoparticles, the surface
curvature is extremely high and each atom at the particle surface has a broad non-bond
interaction region with polymer constituent molecules. As the particle size is increased,
however, the surface of the particle becomes flatter and the adsorbed polymer chains have
less space to interact with the particle surface. Therefore, the adsorbed polymer layer
around the small nanoparticles achieves higher structural stability than that around the
larger nanoparticles, resulting in an improvement of the mechanical properties of the
interphase. This particle curvature effect on the structural stability of the polymer matrix
had been discussed earlier in [43,100].

However, the curvature effect appears only with an extremely small particle radius
and is rapidly diminished after the particle radius becomes larger than 10 nm, although the
system still has nano-reinforcement features. From this result, it is expected that the
effective volume fraction of the interphase region with a saturated layer thickness would
be a dominant design factor for polymer nanocomposites in a real environment. In other
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words, one can apply the saturated interphase thickness and its mechanical properties under
a given volume fraction according to the particle radius for the design of polymer
nanocomposites in manufacturing.

Even though the difference of thickness does not seem to be an important factor,
it crucially affects the local energy density of the composite material, especially for the
adsorbed polymer phase. We constrainedly applied the interphase thickness to the FE
model as the methods suggested by [44,50], to compare the effective strain energy density
at the interphase with that obtained from the current model. The deformation energy density
of a hollow-sphere group which has the same thickness as that of the interphase layer
determined by the current method was calculated and arranged in Table A.5. The current
multiscale model clearly follows the local energy density of full-atomic models. On the
other hand, the local energy density provided by the other two methods cannot agree with
that of the full atomic model, but overestimates the deformation energy at the adsorbed
polymer phase. A geometrically determined interphase region such as that given in the
radial density distribution or inter-atomic distance between filler and matrix does not
correctly represent the reinforcing effect between the adsorbed and non-adsorbed polymer
matrices; rather, it stores most of the deformation energy of the overall composites structure
unrealistically. Therefore, the stress transfer characteristics of the nanocomposite unit cell
can be reflected in the FE model only if the volume fraction of the interphase region is
determined by the current multiscale method.

For the validation of the current multiscale model, we directly compare the local stress
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distribution of the equivalent continuum model with that of the atomic model, both at the
adsorbed polymer region (the interphase layer) and the non-adsorbed polymer region (the
host matrix phase), as shown in Figure A.12. The local stress in the adsorbed polymer
region in the MD model is higher than two times that of the non-adsorbed polymer region,

and the equivalent continuum model clearly follows these atomic results.
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Table A.1. Chemical composition of crosslinked epoxy and crosslinked epoxy/SiC nanocomposites in MD simulation. The effective particle

volume fractions and the unit cell densities after equilibration with isothermal-isobaric (NPT) ensemble are also described.

SiC No. of No. of TETA® Equilibrated
No. of crosslinking ~ Cubic cell ~ Target volume Equilibrated
System nanoparticle EPON862° hardener volume fraction
(ratio) length (A) fraction (%) density (g/cmd)
radius (A) resin molecule molecule (%)

Epoxy - 90 30 81 (0.45) 36.21 - - 1.14
Epoxy+5.18A SiC 5.18 18 6 17 (0.47) 21.79 5.63 1.20
Epoxy+7.80A SiC 7.80 60 20 56 (0.47) 32.57 5.75 1.23
Epoxy+9.00A SiC 9.00 90 30 81 (0.45) 37.07 5.95 5.99 1.26
Epoxy+10.0A SiC 10.00 126 42 113 (0.45) 41.39 5.91 1.26
Epoxy+11.5A SiC 11.50 189 63 170 (0.45) 47.27 6.03 1.27
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Table A.2. The elastic mechanical properties of the molecular models

System E (GPa) G (GPa) Poisson’s ratio

Epoxy 3.65 1.33 0.37
Epoxy+5.18A SiC 5.61 2.06 0.36
Epoxy+7.80A SiC 5.38 1.99 0.35
Epoxy+9.00A SiC 5.24 1.90 0.38
Epoxy+10.0A SiC 5.07 1.83 0.38
Epoxy+11.54 SiC 5.09 1.84 0.38

Table A.3. The effective Young’s moduli and volume fractions for the equivalent interphase

System E.. (GPa) G, (GPa) Vof,, (%) L (A) EFA (GPa) G™* (GPa)
Epoxy+5.18A SiC 8.68 3.22 30.85 4.48 5.61 2.06
Epoxy+7.80A SiC 9.85 3.64 25.46 5.90 5.38 1.99
Epoxy+9.00A SiC 7.29 2.64 29.80 7.33 5.24 1.90
Epoxy+10.0A SiC 5.81 2.10 35.12 9.08 5.07 1.83
Epoxy+11.5A SiC 7.11 2.59 26.99 8.77 5.09 1.84
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Table A.4. Comparison the interphase thickness result with related references

. ] . Chemical ) Interphase
Approach Researchers Composition Filler loading (%) Methodology & Technique .
Treatment thickness (&)
Multiscale Choi et al. Epoxy/SiC 5.95 vol% X Current study 45-9.1
Matrix adsorption layer with the
MD Yu et al. [44] Epoxy/Al203 5.5 vol% X . 6.8
constant outer thickness
MD Yang and Cho [45] SiO2/PI 3.0 vol% X Same above 6.9-7.1
) . Inter-atomic distance between the
MD Tsai and Tzeng [50] SiO2/PI 3.4-6.1 vol% X . . 32-41
filler and matrix
. . Matrix density distribution (MD)
MD with Exp. Hadden et al. [101] Epoxy/graphite 5.8 vol% X ~10
and TEM (Exp.)
Exp. Jang et al. [49] SiO2/Epoxy 0.6 vol% X FEM inverse problem 187.5-525.2
Exp. Bhuiyan et al. [53,54] CNT/PP 0.1wt% X AFM phase image 200 - 300
Exp. Mortezaei et al. [51] SiO2/PS 0.5-5.0 vol% X Thermodynamic work of adhesion 55
Exp. Mortezaei et al. [51] SiO2PS 0.5-5.0 vol% o} Same above 44
Exp. Fragiadakis et al. [52] PDMS/SiO2 9.7-23.5 wt% O Differential scanning calorimetry 21-24
Exp. Avrrighi et al. [132] SBR/SiO2 20-50 wt% X Dynamic mechanical analysis 16-21
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Table A.5. Comparison of the strain energy density at the interphase layer with that of full atomic model

Inter-atomic distance between
Energy density  Energy density Radial density distribution [44]
filler and matrix [50]

System L. (A) ofmultiscale  of full atomic
Energy density Energy density
model (kJ/m?)  model (kJ/m?) L B) L B)

(ki/m®) (kI/m®)
Epoxy +5.18 A sic ~ 4.48 42.37 42.79 3.03 268.89 7.67 109.38
Epoxy + 7.80A SiC  5.90 38.71 38.12 3.03 373.05 8.25 78.12
Epoxy +9.00A Sic 7.3 40.83 40.10 2.82 3703.29 7.85 47.61
Epoxy + 10.0A SiC 9.08 41.92 43.20 2.72 3252.59 7.85 47.27
Epoxy + 11.5A SiC 8.77 40.11 39.94 2.56 4673.78 7.45 4753

140 M 2} @l



¢
EPON862® TETA®

Figure A.1. Molecular structure images of (a) an epoxy resin (EPON 862°) and (b) a

crosslinker (TETA®)

(@) uncured state (b) cured state

W o

Crosslinker

o3e

c3h

Epoxy unit monomer

Figure A.2. Snapshots of the (a) uncured and (b) cured state of epoxy resin. Force field
types change during the crosslinking reaction is also stated. When the epoxide triangular
ring-opening occurs, a new covalent bonding is formed with a nitrogen atom in the hardener

molecule within the cutoff distance.
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Figure A.3. (a) Crosslinked epoxy/SiC nanocomposites unit cell model and (b) highlighted

view of nanoparticle and crosslinked points
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Figure A.4. Linear elastic behaviors of the nanocomposites (r, = 10.00 A) along the three
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v’ Total sphere (7,) : ‘Particle +1+2’
v Particle excluded hollow sphere (#,)) : ‘1+2’

v Spherical shell with 1A thickness (17,) : ‘2’

Figure A.5. Arbitrarily defined local group for the observation of effective deformation
energy on interphase layer. The distance between the particle surface and the inner

boundary of the spherical surface is varied while maintaining the thickness of the local

group.
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Figure A.6. Elastic behavior of the locally isolated polymer matrix domain for (a)
nanocomposites (r, = 10.00 A) and (b) pure epoxy systems with respect to the same

spherical shell energy group. The legend describes the inner and outer distances of the

energy group from the center of the unit cell.
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Figure A.9. A flowchart for the derivation of interfacial mechanical properties and

geometry of the interphase by using the multiscale approach.
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Figure A.12. Model validation with the comparison of the local stress-strain curves
predicted by the equivalent continuum model with the averaged virial stress calculated from
the molecular model: (a) validation sites description, (b) comparison result of the site A
(adsorbed matrix region), and (c) comparison result of the site B (non-adsorbed matrix

region)
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A.3. Revealing weakened interphase formed in polymer

nanocomposites reinforced with carbon nanotubes
A.3.1. Brief review on polymer/carbon nanotube nanocomposites

The mechanical design of nanocarbon fiber-reinforced polymer composites is an
important subject in polymer science and technology. Numerous investigations have
indicated that single or multi-walled carbon nanotubes (CNTs) [133,134] are the most
promising fiber material as reinforcement filler of composite materials on account of their
extraordinary properties, in particular, high stiffness [135] and excellent thermal
conductivity [136]. Such multi-functionality of CNT clearly presents itself even with a low
weight fraction (<1.0 wt.%) in the polymer matrix [137,138] because the nanocarbon fibers
possess a huge aspect ratio in nanoscale and the interfacial area between the filler surface
and the polymer matrix is extremely large.

However, the applicability of CNT as reinforcement in polymer composites is
very limited due to its poor interfacial bonding strength between the nanofiber and the
matrix polymer. Both experimental and computational studies have found that the
mechanical stiffness and strength of the CNT-reinforced polymer composites is very weak,
contrary to usual expectations [55,139-141]. To overcome the weak-interface problem of
CNT/polymer nanocomposites, chemical oxidation of CNTs [142,143] or in-situ grafting
of the polymer chain onto the surface of the CNT [144,145] are commonly adopted. These
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surface treatment methods are the next best way because all of the prominent features of
CNT mainly originate from the hexagonal lattice of sp2 carbon atoms. The surface
treatment or chemical reforming process would distort and locally collapse the pristine
atomic structure of the nanofiber and severely sacrifice its effective mechanical properties.
Hence, the development of quantitative estimation methods for the effect of interfacial
adhesion on bulk mechanical properties of CNT/polymer nanocomposites is one of the
crucial issues for the manufacturing technology of multifunctional polymer composites.
Understanding the mechanical behavior of interfaces at the molecular level, with
evaluation of their independent structures and properties, must precede the modeling of
multi-functional polymer nanocomposites. A comprehension of the internal stress and
stress gradients at the CNT/polymer interface in composite structures is only possible if the
interfacial characteristics are fully quantified on the sub-micrometer scale. In order to
visualize and characterize the interfacial region and mechanical behavior of CNT-polymer
nanocomposites, some experimental surveys measured the interphase layer using high-
sensitivity differential scanning calorimetry (DSC) [42,146] or transmission electron
microscopy (TEM) [53,54]. These experimental measurements serve to define the extents
of the interfacial region. Not only experiments, but also theoretical and computational
studies have been performed to analyze the mechanical properties of the interphase and to
derive nanoscale design variables for the nanocomposite structures. To define the
interphase region, all-atom or coarse-grained molecular dynamics (MD) simulations of
nanoparticle-filled polymer composites were carried out, and the density distribution of the
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polymer network in the vicinity of the nanoparticle was derived [40,44,55,147,148]. The
mechanical properties of the effective interphase were then solely derived by matching the
behavior of bulk nanocomposite materials obtained in MD simulations with the counterpart
from a homogenized continuum mechanics model such as a finite element (FE) or multi-
inclusion micromechanics model [48,58,149-152].

The models of the effective interphase obtained from the above-mentioned
methods are certainly well founded. It is no doubt that they successfully reproduce the bulk
elastic/plastic mechanical response of the nanocomposite material. However, these
effective interphase models are still only partially acceptable because they only explain the
bulk response of the nanomaterial and are not complete enough to properly represent the
local stress transfer at the non-bonded interface area. Because such models determine the
effective thickness of the interfacial region from a thermodynamically equilibrated
snapshot of the nanocomposite model, the deformation energy at the interphase and its
corresponding stress cannot be estimated with mechanical rigorousness. This limitation is
particularly stringent for the analysis of the interphase of CNT/thermoset polymer
nanocomposites because the conformation and effective properties of filler-adsorbed
polymer segments might be significantly changed due to the interaction energy with the
nanocarbon fibers [153,154] as well as the crosslink kinetics [44,101,113,155] of the
thermoset resin. Therefore, to systematically identify the origin of the poor mechanical

behavior of the interfaces between nanocarbon reinforcements and thermoset polymers, the

150 ]



effect of the crosslink distribution of polymer networks on the mechanical stability of the

nanocomposites and their associated interphases should be also comprehended.

A.3.2. MD simulations and results

To derive the bulk and interfacial properties of pristine single walled carbon
nanotube (SWNT)-reinforced epoxy composites, we constructed SWNT/epoxy
nanocomposite unit cells using MD simulations. The molecular configurations of the
SWNT and the epoxy resin (EPON 862°) and its hardener (TETA®) compounds are shown
in Figure A.13. The resin and hardener molecule models were disposed in the unit cell in
an amorphous state with the ratio of 3:1, which satisfies the number of chemical crosslink
sites between the two molecules. The pristine zigzag SWNT aligned along z-axis was
located in the center of the unit cell. Because the simulation cell was periodically bounded
and both ends of the nanotube model were interconnected to each other, the length of the
embedded nanotube was regarded as infinite. The initial density of the overall unit cell was
set as 1.0 g/cc ahead of the crosslinking reaction among the polymer matrix constituents.
The interatomic potential energy of the modeled unit cells was minimized using the
conjugated gradient method with an energy deviation convergence cutoff of 0.1 kcal/mol -A |
followed by an isothermal (NVT) ensemble at 300K for 500 ps and an isothermal-isobaric
(NPT) ensemble at 300K and 1 atm for 900 ps. The dynamics timestep used was 1 fs.

In order to obtain the cured thermoset network model, an in-situ crosslinking
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method introduced in above Section A.2 was applied. The crosslink distance cutoff was
gradually tuned from 3.0 A to 5.5 A with the fixed step size of 0.5 A. We targeted a total
of 45% of all resin molecules to be cured with hardener molecules in the unit cell. It is
noted that the targeted density of crosslinks is quite lower than that of an ordinary epoxy
network (up to 70% under 5.5 A cutoff interatomic length) because the centered SWNT
nanofiller put some distance between the reactive sites of the polymer molecules and
geometrically inhibits the crosslink reaction between them [112]. To directly compare the
mechanical properties of the considered nanocomposite model with those of the bulk
polymer matrix, we also prepared a control unit cell for a neat epoxy model that had the
same crosslink density as the resin without nanotube reinforcements. After the crosslink
density reached 45%, the cells were equilibrated again with an NVT ensemble run at 300K
for 3 ns, followed by an NPT ensemble run at 300K and 1 atm for 5 ns.

With this way of MD modeling, we prepared four different SWNT/epoxy
nanocomposite unit cells that contain zigzag SWNT models of different diameters under
the same volume fraction and the same crosslinking ratio of the resin, to systematically
examine the nanotube curvature effect on the interfacial characteristics of the
nanocomposite material. The detailed composition and equilibrated sizes and densities of
the structures are introduced in Table A.6. All the configurations of the equilibrated
SWNT/epoxy nanocomposite unit cells are depicted in Figure A.14.

In all MD simulations, polymer-consistent force field (PCFF) potential [67] was
used to describe both covalent and non-covalent interactions between the constituent atoms.
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Constructing the three-dimensional nanostructures including the crosslinking process of
the polymer networks were performed using commercial MD simulation software,
Materials Studio (Accelrys Inc.).

Figure A.15 shows the radial density distribution profiles of the nanotube and
matrix phase in the nanocomposites. Starting from the concentric position of the nanotube,
the local density at each point in the unit cell was measured on the cylindrical shell with
0.01 A thickness. According to the structural feature of the SWNT, the highest density
peak appears on the surface of nanotube, followed by a vacuum layer existing between the
nanotube and the surrounding matrix. One notable thing is the density profile of the matrix
phase is not uniform but localized in interfacial regions, indicating that a densely packed
morphology was formed in all the nanocomposites models during the relaxation. Hence it
is appropriate to regard the interfacial region exhibits totally different mechanical behavior
compared to the neat epoxy resin. Such morphological change of the polymeric matrix in
nanocomposites has been quite well known and demonstrated with both experimental
[42,53,54,146] and computational [101,147,148,156] approaches.

The elastic stiffness matrices of neat epoxy and SWNT/epoxy nanocomposites
were derived from the fluctuation method suggested by Parrinello and Rahman [157,158]
combined with the isothermal-isostress (NoT) ensemble. For each equilibrated model, an
additional NoT ensemble run was executed at 300K and 1 atm for 600 ps and a sufficiently
large number of trajectories of the lattice (10,000) were obtained from the last 100 ps of
simulation. During the flexible unit cell simulations, the distortion and volumetric change
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of the lattice box (A¢) was allowed and the elastic properties of the considered model can
be calculated as follows [158]:

KT -
Cizﬁj = —<AgijAgk,> ' (A.10)

V)

where K is the Boltzmann constant, T is the temperature, V is the volume of the
unit cell box, and the brackets <°> denote the ensemble average. To reduce the numerical
uncertainty of the calculation that originates from the resort to an assumed initial velocity
distribution of the atoms, the NoT ensemble runs and fluctuation analyses were performed
over five times for each considered cell, and the obtained elastic constants were averaged.
We also carried out uniaxial tensile tests for each equilibrated model along three axes to
estimate the local stress distribution between the SWNT and crosslinked epoxy in the
nanocomposite. During an NVT ensemble run at a very low temperature (0.1K) with the
true strain rate of 10%/sec, the lattice box was uniaxially elongated by 0.3% while keeping
the lengths of the other two sides, as introduced in Chapter 4 and Section A.2, respectively.

The obtained elastic stiffness components of the modeled neat epoxy and
SWNT/epoxy nanocomposites from MD simulations are arranged in Table A.7. Unlike the
neat epoxy, the SWNT/epoxy nanocomposite shows strong anisotropy in alignment with
the nanotube. The axial stiffness of the SWNT/epoxy nanocomposite in the nanotube
alignment is estimated to be more than 10 times that of the transverse axial stiffness because
the uniform displacements were imposed on the unit cell structure in all directions while

keeping periodic boundaries. Without considering the debonding of interfaces between the
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ends of the nanotube tips and the polymer chains, most of the strain energy of the unit cell
would be accumulated in the nanotube constituent atoms (sp2 carbon). Hence the atoms
generated a huge amount of mechanical stress during the displacement in the z direction.
Note that the stiffness anisotropy of the unit cell of SWNT-reinforced polymer is in line
with previously reported MD results [53,55,140,148,156].

Secondly, regarding the role of nanotube size on the mechanical reinforcement of
polymers, it can be noticed that the elastic constants of SWNT/epoxy nanocomposite are
significantly degraded as the diameter of SWNT is increased. While the radius of curvature
of the nanotube is changed from 7 A to 14 A, the Cs; component of the modeled
SWNT/epoxy nanocomposite is almost halved and the C1; (and Cz2) component is reduced
by 5.5%. Not only the tensile stiffness of the nanocomposite, but also the values of bending
and torsional stiffness along the nanotube direction (Ci3, Cz3 and Ces) depend on the
nanotube curvature. The main cause of such degradation of the nanocomposite is due to the
size-dependency of the cylinder rigidity of the nanotube. Since there is no internal support
layer inside of the carbon wall, the roundness of the SWNT is decreased during the
interaction with the surrounding epoxy chains when the diameter of the nanotube is
increased and its surface is flattened. These geometric changes weaken the structural
stability of the nanotube because the covalently bonded carbon wall cannot sustain external
force along the off-axis direction of the carbon atomic sheet. Thus, the reinforcing value of

the nanofiber is also decreased with increasing diameter.
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The most important fact in Table A.7 is that the enhancement of the mechanical
properties of SWNT/epoxy nanocomposites is much less than expected. Except along the
nanofiber orientation, the effective mechanical properties of composites were not improved
but rather worsened comparing to the neat epoxy model. Besides, due to the effect of
nanoparticle curvature described above, the elastic constants of the nanocomposites
decreased further as larger nanotubes were embedded in the matrix. Recent experimental
reports have shown that the nanotube bundles cannot remain straight but form tangled webs
in the polymer matrix and have random orientation and arbitrary shape. Due to the high
aspect ratio of nanotubes, the transversely normal and shear components play a dominant
role due to the local load transfer of the interfacial layer between SWNT and epoxy
networks when the external load is applied to the composites [55]. As it can be seen in
Table A.7, however, both the transverse (C11 and Cz) and shear (Cas and Css) stiffness
components of SWNT/epoxy nanocomposites are lower than those of pure epoxy without
reinforcement. Therefore, the present results indicate that the SWNT should be regarded
rather as a defect in the transverse direction of the polymer even if the nanotube bundles

are fully dispersed in the matrix and physically interlocked.

A.3.3. Quantification of deformation energy at the epoxy/carbon

nanotube interface
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To seek the origin of the weak interfacial load transfer in SWNT/epoxy
nanocomposites, in this section we further examine the characteristics of the interfacial
layer in the nanocomposites unit cell by deriving the deformation energy and local stress
distributions under transverse loading. By adapting the MD-FE linked multiscale analysis
developed in this study, we elucidate the role of filler-matrix interaction on the morphology
of the polymer segments in the vicinity of the nanotube. The surface effect of nanotubes
exhibited by the sp2 carbon atomic sheet on the mechanical stress distribution at interfacial
layer is also in consideration, at an atomic level of detail.

To observe the load transfer capacity at the interphase (adsorbed polymer
networks in the vicinity of the nanotube), we considered an artificial region in the unit cell
that has a hollow cylindrical shape concentric to the nanotube but with the occupied volume

of the reinforcement excluded. The deformation energy density of the group w™P is

computed as a function of its radial thickness as:

Utotal - {U SWNT +U Bulk (I’)}
zrr(r® +rd)

WM (r)= (A11)

where U and U are the potential energy increments of the inner and outer

SWNT Bulk

regions of the interphase group during the tensile loading, [ is the radial distance from
the nanotube surface, Z is the cell length along z-direction, and d is the diameter of
the SWNT. Since the energy contributions that come from the outside of the region are
subtracted, Eqg. (A.11) describes the effective strain energy density of the interphase

according to the distance from the nanotube surface. We calculated the deformation energy
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density of the interphase group at 1 A intervals. All the uniaxial tensile tests and
calculations of the effective deformation energy in the vicinity of the nanotube were carried
out using the open source MD code, LAMMPS (Sandia Lab.).

During the transverse loading of the nanocomposite unit cell with uniform
displacement boundary conditions, all the atomic structures inside of the unit cell were
relaxed freely and the elastic energy of the nanocomposite under deformation was
distributed to satisfy the thermodynamic equilibrium condition. The local strain energy
density of the nanofiller-interacted polymer components at varying radial distance from the
nanotube surface was calculated using Eq. (A.11) and the results are depicted in Figure
A.16. One important aspect of the results is that there is a thin but still distinct region of
high deformation energy close to the surface of the nanotube for all of the considered
models. Because the strain energy was computed under a constant displacement condition,
high deformation energy points out that the corresponding region is mechanically ductile
and inhibits an efficient stress transfer between heterogeneous phases. Such a soft region
however disappears quickly as the radial distance is increased since well-densified epoxy
networks that are tightly adsorbed on the surface of SWNT appear next to the soft interface
layer. As the computed region is sufficiently extended, the value of the deformation energy
density converges to a certain value. In other words, the polymer matrix reinforced with
SWNT has three distinct regions: i) a soft and ductile interfacial layer around the nanotube
surface, ii) an adsorbed polymer layer interacted with the nanotube and iii) the bulk matrix
which does not participate in the generation of the interphase. It is important to note that
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the first region (soft interfacial layer laid on the SWNT surface) is the main cause of the
weakened interfacial properties and it has unique and characteristics distinct from those of
other polymer nanocomposites reinforced with ceramic or metallic nanoparticles that
exhibit strong interaction with polymer constituents and in which only tightly packed
adsorption layers can be formed on the nanoparticle surface [44,113].

Meanwhile, the FE model used is a multi-layered unit cell which consists of three
perfectly bonded homogeneous phases: solid fiber (SWNT), interphase (polymer networks
interacted with SWNT), and matrix (non-adsorbed polymer networks). All the phases are
concentric meshed with a 10-node tetrahedral element. The material properties of SWNT
were assumed to be orthotropic and the corresponding mechanical properties are listed in
Table A.8. Tsai et al. [156] systematically estimated the mechanical properties of zigzag-
SWNT using a molecular mechanics calculation according to the diameter of nanotube. It
was claimed that all the stiffness constants are linearly decayed in semi-log space as the
diameter of the nanotube increases. Thus we interpolated the data reported in the literature
[156] with a semi-log function and determined the mechanical properties of zigzag-SWNT
with given diameters. Similarly, the interphase layers were assumed to be orthotropic, to
correctly describe a considerable load transfer of the nanotube along its axial direction. The
mechanical properties in the other two directions were regarded to be the same owing to
the centrosymmetry of the structure. The stiffness matrices of the nanotube reinforcement

and interphase are therefore given as,
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The homogenized elastic constants of the nanocomposite of FE model were then

compared with the corresponding ones of the MD simulation results as,

”(Csa , Cll)MD - (C33 , Cn )FE
|(Cerc)™

<102, (A.13)

More detailed formulation procedures for the homogenization method and the fundamental
concept for the scale-bridging between the continuum analysis and the MD simulations are
introduced in Chapter 4.2.

The bold lines shown in Figure A.16 denote the effective strain energy density at
the interphase of the FE model according to the assumed interphase thickness conditions.
For all of the cases, the strain energy density at the interphase of FE model is decreased as
the interphase layer thickness is increased. This inversely proportional relationship is
opposite to that observed for nanocomposites reinforced with ceramic nanoparticles
presented in Section A.2 because the effective stiffness at the interphase is weaker than the
one at the bulk matrix region due to the influence of the aforementioned soft interfacial
layer. Because the mechanical properties of the interphase were derived by the
homogenization method, all the FE based nanocomposites models on each bold line have
an equivalent elastic stiffness to that obtained from MD model. However, when the strain

energy density curves of the FE model are compared with those of the MD model, we can
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clarify that there is a unique solution for the effective thickness of the interphase that
satisfies the global elastic properties of the nanocomposites as well as the local deformation
energy at the interphase layer. The MD-FE linked multiscale model developed in this study
yields the effective thickness of the interphase at the intersection of the two curves in
Figure A.16, and thus quantitatively determines the equivalent mechanical properties of

the interphase simultaneously.

A.3.4. Multiscale mechanical analysis of the nanocomposites and

their effective interphase model

A simplified flowchart of the current multiscale bridging model is illustrated in
Figure A.17. The radial thickness of the interphase (l') in FE model was changed and the
model meshing and homogenization were repeated until the difference of the deformation
energy density with the corresponding one in MD was below 10, The obtained mechanical
properties and layer thicknesses of the interphase models that exactly reproduce the
corresponding elastic stiffness of the SWNT/epoxy nanocomposites derived by MD
simulations are arranged in Table A.9.

Due to the significant anisotropy of the nanotube and the large difference of
mechanical properties between filler and matrix, the elastic constants of the interphase
obtained by the homogenization process also show a strong anisotropy. The axial stiffness
of the interphase along the nanotube alignment direction is 8 to 12 times higher than the
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corresponding transverse axial stiffness. Unfortunately, the obtained Css values of the
interphase do not represent real macroscale environments of polymer nanocomposites
because they were derived from uniform displacement of the SWNT/epoxy unit cell
without considering the slippage of crosslinked polymer networks at the ends of the
nanotube. The main concern of this work, however, is focused on the transverse axial and
shear components (C1; and Ci2) since they are essential for the multiscale design and
analysis of the nanocomposite structure to determine the effective regions of filler-matrix
interaction and to extract the intrinsic mechanical properties of the intermediate region. The
Ci1and Cyo results in Table A.9 illustrate that the transverse axial and shear stiffness of the
SWNT/epoxy interphase are weaker than those of bulk matrix because of the poor
interfacial bonding feature that was revealed by the MD simulations.

Another remarkable aspect is that the effective thickness of the interphase layer
shows a clear dependency on the diameter of the incorporated nanotubes. The smallest
SWNT contained in the nanocomposite forms an adsorbed layer of 1 nm thickness but the
layer grows to a thickness of 2 nm as the radius of curvature of the nanotube is increased
from 7 A to 14 A. The proportional relationship of interphase thickness with nanotube
diameter is predominantly caused by the effective number of atomic interaction pairs
between the carbon atoms at the nanotube rim and the polymer surface atoms. As the
diameter of the nanotube is increased and the surface becomes flattened, the effective

interaction range of the matrix can extend further along the radial direction of the nanotube.
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To explain this in a geometric way, we simply prepared various zigzag SWNTs
with sizes ranging from 7.05 to 78.29 A in diameter as shown in Figure A.18. With the 9.5
A non-bond cutoff distance, we set an arbitrary single atom which was 4.5 A from the
surface of the modeled nanotubes and then counted the number of non-bond interaction
pairs at the interfacial layer with respect to the diameter of the nanotube. The results shows
that even though the variation of diameter of the nanotubes modeled in this study is
extremely small, the change of corresponding curvature is significant and it directly affects
to the interaction region of a matrix constituent atom. As the diameter of the nanotube
increases, the interaction region around the nanotube becomes enlarged and hence the
maximal effective length from the polymer constituents to the nanoparticle surface required
for the generation of an interphase becomes larger. In other word, the effective distance
from the nanotube surface to the outer boundary of the adsorbed polymer layer should be
increased as the inserted nanotube becomes thickened. The orders of magnitude of the
predicted interphase thicknesses are in line with the experiment results for the case of
nanocarbon-reinforced thermoset polymer in reference [101]. Also note that such nanotube
size dependency on the effective interphase thickness of the nanocomposites is consistent
with that shown by our previous work on the PRP nanocomposites as well as ceramic-

reinforced polymer nanocomposites.

A.3.5. Strain energy and local stress at the interphase
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For the validation of the present multiscale analysis, the local stress and strain
energy of the interphase that is predicted from the equivalent model is directly compared
with the same quantities for the adsorbed polymer network region from the MD simulations.
We placed artificial blocks (6x6x63.51 A 3) as validation sites for the MD unit cell model
in which the center of the block was laid across the middle of the interphase layer obtained
from the multiscale analysis, as shown in Figure A.19. Uniaxial static tensile tests were
conducted for both the full atomic and the equivalent multiscale models and the local
stresses at the assigned site were estimated. Regarding the stress calculation in the MD
simulation, the volume averages of the local virial stress calculated from the MD
simulations is properly converged when a sufficient number of atoms exists in the blocked
group. Therefore, to overcome the small volume of the block, four blocks were positioned
centro-symmetrically and all of the derived virial stresses in the blocks during the tensile
loadings were averaged.

The prediction results for the effective deformation energy density of the
interphase and the local stress at the site are presented in Table A.10 and Table A.11,
respectively. The values are compared with those obtained from MD simulations and we
see that the present effective interphase model exactly reproduces the local mechanical
behavior of the matrix at the adsorbed interface layer observed in the corresponding
molecular unit cell. Exceptionally, the deformation energy of the effective interphase in the
(9,0) SWNT reinforced model was slightly overestimated because the predicted layer
thickness of the interphase exceeded the bound of the FE unit cell model.

164 ]



To assess the legitimacy of the present scale-bridging method, we also obtained
the deformation energy density of interphase region for the same MD model under different
thickness conditions determined by the previous research [48,148,156] and compared the
results in Table A.10. Qiao and Brinson [48] suggested the nanotube size-dependent
interphase thickness: the interphase was modeled as 1.5 times thicker than the inserted
nanotube diameter for the dilute loading condition. Tsai et al. [156] and Herasati et al. [148]
calculated the free space between the filler and the matrix from the equilibrated MD
simulation models to define the interfacial region of the nanocomposite. We applied the
above-mentioned two approaches to the current MD models and derived the effective
mechanical properties of the interphase using a homogenization method in the FE model.
The results in Table A.10 indicate that even if the overall elastic stiffness of the FE model
is equivalent with that of the corresponding MD simulation (not shown in the table), the
local deformation energy at the adsorbed polymer layer around the nanofiller cannot be
properly reproduced but is overestimated in all of the cases. In other words, the mechanical
energy transfer and dissipation in polymer nanocomposites can only be quantitatively
legitimate through the prediction of the present multiscale model.

Meanwhile, as shown in Table A.11, the averaged local stress on designated sites
in the MD model is also reproduced with fair accuracy (the difference of the stress value
between the MD and multiscale models is from 4 to 7 MPa). But in greater detail, the stress
values predicted by the multiscale analysis are consistently lower. There are two main
causes accounting for this shift. First, the stress in atomic scale is described as an averaged
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value for the finite volume of the sites and it does not provide the internal stress distribution
at each point in the volume. Due to the conformational uncertainty of polymer networks
around the nanoscale filler material, neither experimental nor atomic computational
approaches could derive the deterministic point stress in the infinitesimal matrix region of
the nanocomposite. To the contrary, the equivalent FE model numerically yields the stress
tensor from nodal displacement of the element and depicts the internal stress distribution
of the unit cell. Such differences of local stresses between the MD unit cell and the
equivalent continuum model were also shown for ceramic nanoparticle/polymer
nanocomposites in previous studies introduced in Section A.2. However, it should be
remembered that the margin of error of the reproduced local stress in Section A.2 is less
than 10%, so this effect partially explains the differences of the local stresses estimated in
the present study. The second cause of the difference is related to the fact that the soft and
slippery interfacial layer on the surface of the nanotube generates imperfect bonding
between the constituents [58,141,159]. Whereas the ceramic nanoparticle in Section A.2
has strong nonbond interactions with the surrounding polymer at the interfacial region and
forms the desired anchoring effect, the SWNT is at ease to translate or rotate inside of the
soft matrix without the need of additional work due to not only its weak interaction energy
[141,160] but also the high aspect ratio of the nanotube. For the convenience of the reader,
we illustrate a schematic of mechanical loading system of a nanocomposite unit in Figure
A.20. In the real environment, the nanotube surface behaves as very soft spring with a small
elastic constant and the adsorbed polymer molecules have functionally graded properties
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according to the distance from the nanotube surface. Compared to that, the present
multiscale model presumes the adsorbed matrix to be a single independent material and the
boundaries of the phase plane are perfectly bonded with the nanotube and bulk matrix.
Therefore, as the external force is applied to both systems in Figure A.20 the latter one has
lower local stress value in the middle of the interphase domain under the same displacement
of the unit cell.

One noteworthy feature in Table A.11 is the dependence of the stress in the
middle of the interphase domain on the nanotube diameter. As the size of the nanotube
increases, the measured local stress in the interphase region increases gradually until the
nanotube diameter reaches 1.2 nm and then it drops down again. This result indicates that
both the imperfect bonding condition at the interface and the reinforcing capabilities of
adsorbed polymer layer in the vicinity of the nanotube surface are affected by the curvature
of nanotube. As discussed by Ndoro et al. [43,100] and in our previous study for polymer
nanocomposites doped with ceramic-based nanoparticles, the effective interaction area
becomes enlarged as the nanoparticle size decreases and it generates a thin but stiff polymer
layer around the nanoparticle. And such a tendency can also be clearly shown for
SWNT/polymer nanocomposites, as in Table A.9. Meanwhile, the extremely large
curvature of the nanotube increases its structural rigidity (concentricity) at the same time
and the imperfect bonding feature at the interface appears more significantly. Therefore,
along the direction transverse to the nanotube, the mechanical stress transfer from the
external medium to the interface in composites becomes decreased. Such soft and slippery
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contact characteristics of the nanotube are mainly due to the short-range nonbond
interaction [141,160] so the effect only occurs in a few angstroms. In summary, results in
Table A.11 imply that with the smaller diameters of the nanotube, the internal stress in the
effective interphase region increases as the nanotube size increases— but the value might
be decreased again when the diameter of the embedded nanotube is over 1.2 nm because
the softening effect due to the imperfectly bonded interface is reduced and the internal
stress depends dominantly on an adsorbed polymer layer.

The present multiscale model accurately predicts the deformation energy at the
interfacial area where the matrix interacts with the nanotube, and quantifies its effective
thickness and the corresponding mechanical properties. Besides, the local stress inside the
interphase shows reasonable agreement with the volume-averaged virial stress obtained
from the MD simulations. The small difference of the local stress can be fully explained by
the conformation uncertainty of polymer networks in nanoscale volumes and the weakened
stiffness of the effective interphase induced by imperfect bonding of the polymer with the
nanotube. This work is the first quantitative mechanical modeling considering the unique
intrinsic properties of imperfect bonding of the nanocarbon surface with thermoset polymer.
As shown in Figure A.21, the equivalent continuum model provides the size and properties
of the interfacial layer with mechanical rigorousness and reasonably predicts the internal

stress of the phase according to the embedded nanotube size.
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Table A.6. Composition of bulk epoxy and SWNT/epoxy nanocomposite unit cell systems.

SWNT diameter (A)  Crosslinking density Cell length (A) Density
System Filler volume fraction (%)
(Chirality) of the resin xandy z (g/cmd)
Neat epoxy -(9) - 36.21 36.21 1.14
Epoxy + (9,0) SWNT 7.05 (9,0) 27.30 1.26
Epoxy + (12,0) SWNT 9.39 (12,0) 0.45 36.44 1.27
5.95 63.51
Epoxy + (15,0) SWNT 11.74 (15,0) 46.13 1.20
Epoxy + (18,0) SWNT 14.09 (18,0) 55.22 1.20
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Table A.7. Elastic constants of neat epoxy and SWNT/epoxy nanocomposite models derived using MD simulations (units: GPa).

System Cu and Ca Cas3 Cuw Cizand Cx Cus and Css Ces
Neat epoxy 6.53 6.53 3.87 3.87 1.33 1.33
SWNT (9,0) 6.29 116.80 4.46 6.89 0.68 0.91
SWNT (12,0) 6.25 87.63 4.67 6.03 0.84 0.79
SWNT (15,0) 6.03 71.90 4.42 5.97 0.74 0.80
SWNT (18,0) 5.95 58.78 4.55 5.30 0.76 0.70
Table A.8. Elastic properties of zigzag-SWNT according to the tube diameter used for the FE models in this study (units: GPa).
Type (Chirality) Cu and Cyx Ci2 Cis Cx Css Casand Css Ces
SWNT (9,0) 755.43 181.49 255.77 255.77 1641.90 1222.68 286.19
SWNT (12,0) 625.71 151.16 210.97 210.97 1275.04 930.89 236.32
SWNT (15,0) 531.92 129.36 179.06 179.06 1010.79 722.83 200.11
SWNT (18,0) 474.70 116.25 160.26 160.26 850.95 599.92 177.82
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Table A.9. The effective layer thickness and mechanical properties of the equivalent interphase predicted by MD-FE linked multiscale model.

Interphase stiffness (units: GPa)

System Fe (A)
Cu Cr Cas Caa
Epoxy + (9,0) SWNT 11.4* 5.80 3.44 70.89 1.19
Epoxy + (12,0) SWNT 15.4 5.55 3.29 52.95 1.13
Epoxy + (15,0) SWNT 17.4 5.27 3.13 46.11 1.08
Epoxy + (18,0) SWNT 19.2 4.85 2.88 30.33 0.99

*Qbtained interphase thickness excesses the box lattice length of the unit cell in MD simulation
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Table A.10. Prediction of deformation energy density and their comparison results with the ones derived from the other previous methods.

Deformation energy ensity (kJ/m?®)

Non-bonded distance at the

System L. (&) Interphase layers is set to be 1.5 times the
MD  Multiscale interface (phase thickness. A)
SWNT diameter** (phase thickness. A) [48]
[148,156]
Epoxy + (9,0) SWNT 11.4* 2872  31.71* 36.36 (10.58) 367.4 (2.18)
Epoxy + (12,0) SWNT 154  30.04 29.70 35.05 (14.09) 462.2 (2.40)
Epoxy + (15,0) SWNT 174  28.64 29.34 34.36 (17.61) 595.9 (2.45)
Epoxy + (18,0) SWNT 19.2  29.60 28.40 31.75 (21.14) 831.2 (2.19)

*QObtained interphase thickness excesses the box lattice length of the unit cell in MD simulation

**The energy density is measured assuming the same thickness condition as for the current multiscale model.
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Table A.11. Local stress prediction results for the validation sites (the ‘site A’ depicted in Figure A.19).

Stress prediction in the middle of interphase tube, site A (O, MPa)

System SWNT diameter (A) t. (&)
MD Multiscale
Epoxy + (9,0) SWNT 7.05 11.4* 18.46 18.68*
Epoxy + (12,0) SWNT 9.39 15.4 24.97 20.18
Epoxy + (15,0) SWNT 11.74 17.4 30.38 23.02
Epoxy + (18,0) SWNT 14.09 19.2 22.05 18.10

*Qbtained interphase thickness excesses the box lattice length of the unit cell in MD simulation
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Figure A.13. Molecular structure images of (a) an epoxy resin (EPON 862°), (b) a hardener

(TETA?®) and (c) a nano-reinforcement (zigzag single-walled carbon nanotube).
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(18,0) CNT

Figure A.14. The SWNT/epoxy nanocomposite unit cells modeled in MD simulations. A
total of four different sizes of unit cells with the same volume fraction of reinforcement
(5.95 vol.%) were prepared. According to the unit cell size, the dispersed zigzag-SWNT

model changed its chirality as follows: (a) (9,0) (b) (12,0) (c) (15,0) and (d) (18,0).
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Figure A.15. Radial density distributions of epoxy matrix in the nanocomposites unit cells.
Each curve was derived at the room temperature condition after equilibrated by the NPT
ensemble. The inset in each subfigure describes the overall density distribution profile of

the unit cell including the nanofiber.
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Figure A.16. Strain energy density curves at the interfacial layer according to the distance
from the nanotube surface (solid lines with symbols) derived using MD simulations and
the strain energy density of the FE based interphase models under various layer thickness

conditions (bold lines without symbols).
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Figure A.17. (a) A scheme of the MD-FE bridged multiscale method which characterizes
the thickness and strain energy density of the effective interphases of the SWNT/epoxy

nanocomposite and (b) its flowchart.
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Figure A.18. The number of non-bond pairs between the nanotube and the adjacent
polymer constituents according to the diameter of the nanotube. The corresponding value
for single-layered graphite (graphene) is also depicted as dash-dot line to show that the

number of non-bond pairs gradually saturates to the value as nanotube diameter increases.
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Figure A.19. Model validation with the comparison of the local stress-strain curves
predicted by the equivalent continuum model with the averaged virial stress calculated from
the molecular model at the validation site (marked as ‘A’): (a) MD simulation model, (b)

FE model obtained by the present analysis.
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Figure A.20. A schematic comparison of internal force distribution in the nanocomposite
structure during the external loading: (a) a real environment where both of the soft interface
and the functionally graded polymer region exist and (b) a single interphase model that the

adsorbed polymer region interacting with the nanotube is treated as an independent material
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and perfectly bonded to the two opposing surfaces.
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Figure A.21. Local stress distribution of the effective interphase during the tensile loading
along x direction predicted by the proposed multiscale models: (a) Epoxy + (9,0) SWNT,
(b) Epoxy + (12,0) SWNT, (c) Epoxy + (15,0) SWNT, and (d) Epoxy + (18,0) SWNT

nanocomposite (colormap units: GPa)
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A.4. Summary of Appendix A

Using the developed multiscale model, we explicitly obtained the individual
mechanical properties and the layer thickness of the effective interphase for crosslinked
epoxy nanocomposites in Appendix A. For the crosslinked epoxy reinforced with SiC
nanoparticles, we examined the influence of the nanoparticle size on the overall mechanical
behavior of composites and the associated interphase region through the model. Three
major conclusions were drawn:

- The methodology yields an effective volume fraction and mechanical properties
of the interphase in a hanocomposite system based on the mechanics of elasticity. The
effective interphase thickness of the equivalent continuum model increases with the
particle radius scale, because the extremely high curvature of the nanoparticle inhibits
the formation of the saturated number of non-bond pairs between the reinforcement and
matrix constituent atoms. On the other hand, the increase of the nanoparticle curvature
also leads to a larger non-bond interaction space and generates a stiffer interphase layer.
Hence, the mechanical properties of the interphase are improved as the particle size is
decreased, while the layer thickness is reduced. However, the curvature effect is rapidly
diminished and can be neglected as the radius of the particle increases to over 10 nm.

- Through the tensile loading simulation for full atomistic models, the nanoparticle
size effect on the global elastic stiffness is clearly observed. We found that the
morphological change of the polymer chains generated in the vicinity of the particle
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surface is not affected by the embedded particle size. Hence, the nano-reinforcement
effect only originates from the non-bonding interaction energies between the particle
constituent atom and the vicinity of the polymer chains.

- Together with the global elastic stiffness, the internal local stress distribution of
the atomic model can be clearly followed by the equivalent continuum model, both at
the adsorbed polymer layer and the non-adsorbed polymer regions. In particular, the
equivalent continuum model realistically represents the reinforcing effect between the
adsorbed and non-adsorbed polymer matrices, whereas the other precedent equivalent
model [44,50] overestimates the deformation energy at the interphase.

Meanwhile, mechanical properties of the interfacial regions of epoxy
nanocomposites reinforced with SWNT were also examined through the present multiscale
model. Similar with the epoxy/SiC nanocomposites, the results showed a clear size effect:
as the diameter of the SWNT is decreased, the elastic constants of the nanocomposite
system are significantly increased— especially along the nanofiber orientation due to the
enhancement of the structural stability of the nanotube. However, the improvement of
effective mechanical properties of all the nanocomposite models considered is far less than
would have been expected from the results of many other experimental and theoretical
studies.

To further examine the origin of the weak interfacial load transfer of the SWNT
reinforced polymer, the deformation energy density around the nanotube surface during
tensile loading was obtained, with respect to the distance from the nanotube surface, using
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MD models. Here we discovered the presence of a very thin and soft interfacial layer on
the nanotube surface that cannot be observed in the ceramic- or the metallic-nanoparticle-
reinforced polymers. Furthermore, it is verified that the sp2 carbon structures of SWNT
have slippery interfacial characteristics with their associated polymer matrices and severely
degrade the overall mechanical behavior of the composites structure as well. Hence, the
current multiscale mechanical work is mainly focused on the comprehension of the
structural and energetic properties of the nanotube and the surrounding polymer networks.
The proposed method has the advantage of predicting the stress distribution inside the
polymer/SWNT composites and of reproducing the interfacial behavior in a continuum in

accordance with the inherent nanoscale properties of the materials.
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Appendix B. Multiscale analysis for the thermoelastic
behavior of polymer nanocomposites in a wide range of

tempe ratures
B.1. Overview

In the Appendix B, the glass transition and thermoelastic properties of cross-
linked epoxy-based nanocomposites and their filler-size dependency are introduced. In
order to verify the size effect of nanoparticles, five different unit cells with different-sized
silicon carbide (SiC) nanoparticles are considered under the same volume fraction. By
considering a wide range of temperatures in isobaric ensemble simulations, the glass
transition temperature is obtained from the specific volume-temperature relationship from
the cooling-down simulation. In addition, the coefficient of thermal expansion (CTE) and
the elastic stiffness of the nanocomposites at each temperature are predicted and compared
with one another. As a result, the glass transition and thermoelastic properties of pure epoxy
are found to be improved by embedding the SiC nanoparticles. Especially regarding the
CTE and elastic moduli of nanocomposites, the particle size-dependency is clearly
observed below and above the glass transition temperature.

Based on the MD results, we propose a sequential multiscale modeling approach
to describe the thermoelastic behavior of the considered nanocomposites through a
continuum micromechanics constitutive model. In the equivalent continuum model, an

184 ]



interphase is defined between the particle and the matrix to account for the contribution of
the polymer densification in the vicinity of the nanoparticle to the size-dependent CTE and
elastic modulus at each temperature. Based on the thermal strain field defined in the
micromechanics constitutive model, a physically meaningful description of the thermal
expansion behavior of the interphase is obtained to reproduce the MD simulation results
from fully continuum-based approaches for nanocomposites in rubbery state as well as in
glassy state. Finally, the accuracy of the proposed multiscale approach is confirmed from

finite element analysis.
B.2. MD simulations and results

B.2.1. Modeling of representative unit cell system

To investigate the reinforcing effect of nanoparticles, two kinds of unit cells were
prepared: one was a pure epoxy unit cell and the other was an epoxy-based hanocomposite
unit cell. The epoxy chain used in the unit cells was made up of nine chains of EPON862°
and three chains of TETA®, and the curing ratio between EPON862° and TETA® was set
at 61%, as depicted in Figure B.1. To characterize the size effect, five SiC particles of
differing sizes were embedded in the nanocomposite unit cells, while the volume fraction
of the particles was fixed at 5.8%, irrespective of the size of the fillers. For isotropic unit
cells, the epoxy matrix was constructed as an amorphous structure, and the spherical SiC
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was centered on the nanocomposite unit cell. The cross-linking methodology and the
representative cross-linked molecule modeling process followed the approach employed in
previous work [44]. Periodic boundary conditions were applied to the systems to reflect the
bulk effect to obtain the macroscopic properties. The configurations of the modeled unit
cells are shown in Figure B.2.

The COMPASS (Condensed-phase Optimized Molecular potentials for Atomistic
Simulation Studies) forcefield [161] was adopted for the interactions between atoms. The
COMPASS forcefield is based on an ab initio potential that enables us to calculate not only
the atomic valence interactions but also non-bonded interactions such as the Coulomb and
van der Waals interactions; thus, it enables a highly accurate prediction of the molecular
behaviors and properties of various materials such as polymers or polymer-based
composites. In this study, the van der Waals and Coulomb potential energies were
calculated through atom-based summations, and the cutoff radius of non-bonded
interactions was fixed at 9A . In the computation of the Coulomb potential, the distance-
dependent dielectric method with a dielectric constant of 1.6 was applied to let the
thermoelastic properties of the atomistic model show similar values as the literature
[44,162,163]. The details of the systems are presented in Table B.1.

To minimize the total potential energy of the initial system, the conjugate gradient
method was applied until the energy difference between the steps was equal to or less than
10kcal/mol. Then, to equilibrate the structures, an NVT (isothermal) ensemble simulation
at 300K for 500ps was followed by an NPT (isothermal-isobaric) ensemble simulation at
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300K and 1 atm for 900ps. During the equilibrating process, the volume fraction of particles
may vary a little from the initial unit cell. However, it has been found that the change in the

volume fraction is negligible, as shown in Table B.1.

B.2.2. Glass transition temperature

One of the main objectives of the present study was to verify the size effect of SiC
nanoparticles on the glass transition temperature (T,) of epoxy-based composites. The
value of Ty was obtained from the specific volume-temperature relationship and the
variation of the mean squared displacement (MSD) curve with the temperature during the
cooling-down simulation from 550K under the isobaric condition. After the equilibration
process at 300K, the temperature of the unit cells was increased to 550K, and the cells were
equilibrated again at that temperature at 1 atm for 900ps. Then, a gradual cooling-down
simulation was implemented at a constant cooling rate of 10K/500ps until the temperature
of the unit cells reached 280K. For relatively smaller systems that include particles whose
radii are smaller than 9.0A, a relatively large fluctuation in the energy and cell density
evolution may be encountered in constant ensemble simulations for cooling-down or
heating-up simulations. Thus, an NPT simulation was additionally applied to smaller
systems for 200ps at each temperature after the cooling-down simulation finished. The
specific volume at each temperature was averaged over the last 100ps to generate the
specific volume-temperature relationship from 280K to 550K.

187 ]



During the cooling-down process, the MSD curves of the epoxy and
nanocomposite unit cells with respect to various temperatures were generated using the
initial 30ps of the NPT simulation at each temperature. The MSD of N atoms at time {

is given as follows:
1 N-1 . . 2
vsD = =3 (R - RO ) &
3N 3

where Ri (t) denotes the current position of the i-th atom at time 1. Through the

variation of the MSD curve with the temperature, the relative diffusivity of a molecular
system that undergoes a temperature change can be estimated. When polymers experience
a glassy-to-rubbery phase transition, the torsional and rotational motions of molecules
combined with the local motion can enable the disentanglement of chains; thus, the
polymers experience a sudden increase in the diffusivity. The sudden increase in the
diffusivity appears as a sudden jump in the MSD curves plotted with respect to the elapsed
time. Thus, by investigating the gap between each MSD curve, an approximate candidate
range for the glass transition temperature can be estimated to within 10K. Based on a rough
estimation of the glass transition region from the MSD curves, the glass transition
temperature was obtained from the intersection point of the two least-square fits of the
specific volume-temperature relationship below and above the candidate glass transition
region.

The specific volume-temperature relationship and the variation of the MSD curves

of pure epoxy and nanocomposites in the set E54 obtained from the cooling-down
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simulations are depicted in Figures B.3 and B.4, respectively. The glass transition
temperatures of the pure epoxy and epoxy nanocomposites obtained from the breakpoint
of the specific volume-temperature relationship and the variation of the MSD curves with
respect to the temperature are presented in Table B.2. The glass transition temperature of
the present epoxy unit cell with a 61% conversion ratio was found to be about 390K, which
was quite close to the value from our preceding simulation for the same material and
conversion ratio [163]. Through the addition of spherical nanoparticles, it can be confirmed
that SiC nanoparticles can increase the glass transition temperature of pure epoxy by
10K~28K. Intuitively, it seems that Tg depends on the size of nanoparticles. However, one
should bear in mind that the breakpoint of the specific volume-temperature relationship
determined from linear regression is too sensitive to the slopes of the two linear regressions
in Figure B.4. Thus, it is natural that there may be some deviations in obtaining the glass
transition temperature according to the number of data used in linear regression.
Nevertheless, the glass transition temperatures obtained from the specific volume-
temperature relationship in each case lie in the candidate area for the glass transition that
is predicted from the MSD curve. Again, from the glass transition area estimated from the
MSD curves, it can be concluded that there is no clear particle size-dependency in the glass
transition temperature. In practice, the unclear tendency of the size dependency on glass
transition temperature has been also observed in experimentally measured glass transition
temperature of nanosilica reinforced cyanate ester composites [41]. In the reference, the
increment of glass transition temperature is no less than 1% regardless of the particle size
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or volume fraction.

B.2.3. Coefficient of thermal expansion

The coefficient of thermal expansion (CTE) was derived through a similar method
as the simulation process for Tg. Using the volume of the unit cells obtained from the
cooling-down process, the CTE can be approximated simply as follows:

1oV 1AV A
V,oT VAT 0T

Sazy= (B.2)

where & and ) are the linear and volumetric thermal expansion coefficients,
respectively, Vo and Py respectively are the initial volume and density of a unit cell at
the reference temperature, and V is the specific volume of a unit cell. Thus, Av/AT
denotes the slope of the linear regression of the specific volume-temperature relationship.
From the two slopes of the specific volume-temperature relationships, the CTEs in the
glassy and rubbery states were estimated from Eq. (B.2).

In predicting the CTE from discrete molecular dynamics simulation results within
a certain temperature range, the slope of the linear regression in the specific volume-
temperature relationship is quite sensitive to the number of points used in the regression
because of the inevitable fluctuation of the thermodynamics properties at a finite
temperature. In addition, the concave nature of the specific volume-temperature

relationship of typical polymers that undergo a glass transition makes the slope of the linear
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regression in glassy and rubbery states show considerable variation according to the
number of data points considered. Thus, in this study, the CTE of each state was calculated
from two different temperature ranges: one was wider and considered all the data points in
each state, while the other was narrow and accounted for an initially small number of data
points in each state. The former was obtained from the overall temperature range: from
280K to Ty (in the glassy state) and from T4 to 550K (in the rubbery state). Meanwhile, the
latter was calculated from an initially short temperature range of 40K: from 280K to 320K
(the glassy state) and from 430K to 470K (the rubbery state). As the number of data points
used in the linear regression of the latter was smaller than that in the former case, the latter
was more likely to encounter the problem of large deviations. Therefore, the CTEs were
averaged over three different simulation results in the latter case to minimize the error that
might stem from the number of data points.

The CTEs of epoxy and nanocomposites above and below the glass transition
temperature are depicted in Figure B.5 and displayed in Table B.3. When SiC
nanoparticles are inserted into the epoxy matrix, the CTE of the pure epoxy matrix
decreases by more than 20% in the glassy state. Furthermore, it is found that the CTE of
nanocomposites decreases as the radius of the nanoparticles decreases, indicating that
smaller nanoparticles are superior to larger ones for decreasing the CTE of the pure epoxy
matrix. The trend observed from the present MD simulations can be elucidated from the
formation of the interface where matrix molecules are immobilized and adsorbed. As
smaller nanoparticles can have a greater surface area than larger ones, more atoms of the
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surrounding matrix are anchored; thus, this structural change macroscopically appears as a
decrease in the CTE. One major finding obtained from the present MD simulation results
is that the size effect of nanoparticles still appears even after the nanocomposite unit cells
undergo the glassy-to-rubbery phase transition. Thus, it can be concluded that the existence
of the interface still is an important structure-property relationship to enable particle size-
dependent thermoelastic properties in the rubbery state.

Regarding the results shown in the seventh column of Table B.3 from our previous work
[163] in glassy states that dealt with the same epoxy nanocomposites, all the CTEs obtained
from the present MD simulations are larger than those from our previous work. The
difference originates from the range of the temperature considered in estimating the CTE
of the nanocomposites. In Ref. [163], the CTE of the nanocomposites was obtained from
the temperature-volume relationship from 280K to 340K while the present study calculated
it from 280K to Ty in the glassy state. Considering that the typical temperature-volume
(specific volume) relationship of polymeric material is convex, the CTE of polymeric
material can vary according to the range of the temperature considered in establishing the
volume-temperature relationship. As mentioned in the previous section, the CTEs of the
nanocomposites obtained from the initial range of 40K are independently compared in
Table B.3 and Figure B.5 with the CTEs obtained from all the temperature values in the
glassy and rubbery states in order to account for the effect of the range of the linear
regression. As the range of the temperature to calculate the CTEs of the nanocomposites
decreases, the CTEs of the nanocomposites increase. One notable aspect is that no matter
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how the range of the temperature is chosen to calculate the CTE, the size effect of the
nanoparticles is clearly observed in all the cases compared in Table B.3. The embedded
particle size effect on the CTE of polymer-based nanocomposites in glassy state has also
been demonstrated in experimental results in Ref.[41]. In the reference, it has been reported
that the CTE of cyanate ester at glassy state could be lowered up to 27% by embedding
40nm fumed nanosilica while more remarkable decrease of the CTE was observed from
12nm fumed nanosilica reinforced case. In the present MD simulation results, the
difference of the CTE between nanocomposites and pure epoxy varies from 21 to 45%
according to the size of the embedded nanoparticle.

Considering the size and volume fraction of the nanocomposites considered in
the present MD simulation results which are different from those of the Ref. [41], direct
quantitative comparison with the experimental result is not allowed. While, the results
observed from the present MD simulations qualitatively agree well with the results in Ref.
[41]. Meanwhile, the CTE in rubbery state of nanocomposites cannot be compared with the
experimental result due to the lack of data. To the author’s best knowledge, the size effect
observed not only at glassy but also rubbery state in our manuscript is truly believed to be
a new finding that can complement thermal design of nanocomposites that experience
critical temperature cycles. Thus, current MD simulation results can serve as a useful

guideline for thermal design of the nanocomposites.

B.2.4. Elastic modulus
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Within the range of the temperature considered in this study, the elastic moduli of
pure epoxy and epoxy nanocomposites were calculated every 50K, from 250K to 550K.
After the cooling-down simulations, the trajectories saved at each temperature were used
as the initial equilibrium structure to calculate the elastic stiffness. The elastic stiffness was
calculated from the Parrinello-Rahman fluctuation method [157] combined with the NoT
ensemble simulations. In Parrinello-Rahman’s flexible unit cell simulation, volumetric
change as well as the distortion of unit cells is allowed. The elastic stiffness of a unit cell

is calculated from the following fluctuation formula:

kT -1
Ciu = _<A5ijA5k| > (B.3)

V)

where K is the Boltzmann constant, T is the target temperature, V is the volume
of the unit cell, and the brackets <°> denote the ensemble average. As a test run for
applying the fluctuation method, an NoT ensemble simulation for a total of 600 ps under
an equivalent external pressure of latm was executed at each temperature. From the last
100ps of the NoT ensemble, 10,000 strain fluctuation values were saved to calculate the
elastic stiffness from Eq. (B.3). In order to guarantee computational accuracy, all the elastic
constants were averaged over six different simulation results.

The elastic moduli of epoxy and nanocomposite unit cells (except the largest
system of E54) obtained from the Parrinello-Rahman fluctuation methods are shown in

Table B.4. Similar to the trend in CTEs reported in the previous section, the elastic stiffness
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of nanocomposites also shows a particle-size effect even in the rubbery state. In the passage
through the glass transition region from the rubbery state to the glassy state, the elastic
moduli of the nanocomposites dramatically increase, as shown in Figure B.6. The size
effect of the nanoparticles, however, is likely to decrease in the rubbery state because the
epoxy molecules are less confined in the interface, and the molecules in other regions are
easily disentangled as a result of the increased kinetic energy of individual atoms at high
temperature.

Meanwhile, the elastic modulus of pure epoxy in this study is higher than that
from our previous work. The gap between the two moduli is caused by the different
simulation conditions such as the number of molecules in a unit cell (the present epoxy unit
cell is larger than the previous one in Refs. [44,163]) and the thermal history, i.e., the
present epoxy unit cell undergoes a prolonged cooling-down process before the elastic
modulus is calculated at 300K. During a gradual cooling-down simulation, all the atoms in
epoxy molecules can have enough time to find an optimal position that minimizes the total
energy of the overall system for a well-equilibrated unit cell structure. Thus, the present
epoxy unit cell has been more or less finely equilibrated than the unit cell considered in
Refs. [44,163]. The effect of the thermal history also can be confirmed from the elastic
moduli of the nanocomposites that are slightly higher than those from Ref. [163]; the elastic

moduli are displayed and compared in Table B.5.
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Table B.1. Composition of epoxy and epoxy/SiC nanocomposite unit cell systems.

Particle radius Target volume Initial volume  Stabilized volume  No. of crosslinked

System Unit cell length (A)
(A) fraction (%) fraction (%) fraction (%) epoxies
Epoxy - - - - 6 36.28
E06 5.18 5.80 5.73 2 21.66
E18 7.54 5.80 5.95 6 31.14
E30 9.00 5.80 5.87 6.08 10 36.89
E42 10.00 5.76 5.96 14 41.26
E54 10.90 5.80 6.02 18 44.84

196 M 2} @l



Table B.2. Results of the analysis of the glass transition temperatures of pure epoxy and nanocomposites

System Radius (A) T, by regression (K) Ty by MSD (K)

Epoxy - 390.12 380~390
EO6 5.18 418.02 410~420
E18 7.54 404.79 400~410
E30 9.00 400.66 400~410
E42 10.00 413.37 400~410
E54 10.90 400.03 400~410
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Table B.3. Thermal expansion coefficient (CTE) of the modeled system (units: 10%/K)

CTE below Ty CTE below Ty CTE above Ty CTE above Ty Ref. [163] (below
System Radius (A)
(overall range) (initial 40K) (overall range) (initial 40K) Ty, initial 60K)
Epoxy - 109.72 89.74 187.62 171.12 103.6
EO06 5.18 85.31 49.43 155.63 137.31 77.3
E18 7.54 96.94 51.35 165.80 152.18 86.7
E30 9.00 92.07 64.80 171.00 156.69 91.0
E42 10.00 103.47 70.27 168.01 162.47 84.2
E54 10.90 104.53 70.28 169.87 158.74 91.8
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Table B.4. The elastic modulus of the modeled system at various temperature conditions (units: GPa)

Temp. (K) E06 (5.18 A) E18 (7.54 A) E30 (9.00 A) E42 (10.00 A) Epoxy
250 6.87 6.44 6.11 5.70 4.22

300 5.54 4.96 5.01 481 4.08

350 4.72 4.16 4.19 4.23 3.12

400 3.21 2.53 2.93 2.39 2.08

450 1.83 1.72 1.56 1.58 1.09

500 1.61 1.21 1.48 0.95 0.80

550 1.26 0.84 1.11 0.65 0.47

Ref. [4] (at 300K) 5.72 4.59 4.65 3.69 3.16

Table B.5. Deviation of the elastic modulus of pure epoxy in relation to the simulation time and comparison with the literature (units: GPa)

Current research Total 2.5 ns NPT Total 1 ns NPT Yang et al. [163] Yu et al. [44] Fan et al. [162]

4.08 3.37 2.79 3.16 3.36 3.75
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Figure B.1. (a) The cross-linked epoxy unit is formed by reaction between the carbon of
EPON862°® and the nitrogen of TETA®. (b) The unit chain of the polymer network, which

converges to a ratio to 61%; this has been considered in the present study.
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Figure B.2. (a) Epoxy/SiC nanocomposites and (b) pure crosslinked epoxy models. A total

of five different sizes of unit cells with the same volume fraction regarding nanocomposites

were prepared.

s e

Ly



(@) (b)

MSD (Angstromz)
MSD (Angstromz)

0 5 10 15 20 25 30 0 5 10 15 20 25 30

Time (ps) Time (ps)

Figure B.3. The MSD corves of: (a) pure epoxy and (b) the E54 system.
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Figure B.4. The specific volume-temperature relations of: (a) pure epoxy and (b) the E54

system
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Figure B.5. The CTEs increase as the measured temperature range broadens within the
same phase region because the specific volume-temperature plot is convex. It is worth
noting that the size effect on the CTE could be observed regardless of the phase of the

nanocomposites.
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Figure B.6. Comparison of the elastic moduli of the smallest-filler-reinforced, the largest-
filler-reinforced, and pure epoxy cells under various temperature conditions. The size effect

could be observed clearly both below and above the glass transition.
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B.3. Multi inclusion micromechanics model for thermoelasticity

As shown in the previous sections, the Young’s and shear moduli and the linear
CTE of nanocomposites show a clear particle-size dependency both in glassy and rubbery
states. A well known structure-property relationship of the size dependency indicates the
dominance of the molecular adsorption in the vicinity of the embedded fillers that becomes
a highly dense area, which has been neglected in conventional composites. Therefore, the
equivalent micromechanics modeling of nanocomposites should define a characteristic
phase that describes the variation of the particle-size dependency of the overall
thermoelastic properties. In this study, a representative volume element (RVE) of
nanocomposites in equivalent continuum modeling is defined as a three-phase structure
consisting of the particle, interphase (adsorption layer), and matrix. In order to consider the
three-phase RVE, a multi inclusion model [164] is considered as an equivalent
micromechanics model to describe the thermoelastic behavior of nanocomposites. Note
that the main formulation for the thermoelasticity of nanocomposites was done by Yang
and Cho [165] and only essential equation would be provided in this section. The details of
the calculation can be found in reference [165].

In the multi inclusion model, it is assumed that a multiple-layered inclusion is
embedded into an infinite medium of yet unknown properties. According to the volume
fraction of the filler and the degree of filler concentration effect, the property of the infinite
medium is properly chosen. As the volume fractions of present nanocomposites are about
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6%, which is sufficiently small for ignoring the non-dilute concentration effect, the stiffness
of the infinite medium was set to the stiffness of the matrix. The closed form solution of

the overall elastic stiffness of composites is given as,

C:Cin{n(S—l)(Zf,A,mns{ZfrA,ﬂ1, (r=p/i,m) (B.4)

where Cinf is the stiffness of the infinite medium, fr is the volume fraction of the r-th
phase (p, i, m respectively indicate particle, interphase, and matrix), S and | are the

Eshelby tensor [166] and identity tensor, respectively. The fourth-order tensor Ar is the

eigenstrain concentration tensor of the r-th phase given as,
-1 -1
Ar :[(Cinf _Cr) Cinf _S:| (B.5)

where Cr is the stiffness of the r-th phase. Since the elastic field is not coupled with the
temperature change, all the stiffness tensors in Egs. (B.4) and (B.5) are defined at each of
the temperature considered in this study.

Contrary to the micromechanics modeling of the elastic field, that of the thermal
expansion (thermal residual field) requires detailed description of the thermal strain change
of each constituent, especially on the interphase, to calculate the volume fraction changes
of the phases at each temperature. Thus, some important formulations of the internal
thermal strain field of composites are reviewed for the multi-inclusion modeling of the
thermal expansion [167].

For a thermal expansion problem, not only the eigenstrain induced by the

mismatch of elastic stiffnesses but also the particle’s own eigenstrain due to the mismatch
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of CTEs are defined in Eshelby’s equivalent inclusion method given as,
C, (80 +g’ g ) =C, (80 +g’ g —a:*) =C, (80 +g’ —8:) (B.6)
where the strain fields £° and Srp are the far field strain and the perturbed strain of the

r-th phase respectively, and SI is the thermal eigenstrain caused by the mismatch of CTEs
given as,

g =-C'A0=00 (B.7)
where /L is the thermal stress tensor of the r-th phase and & is the temperature
change from a reference temperature. 8? is the eigenstrain caused by the mismatch of
elastic stiffness and 8? is the effective eigenstrain that includes both eigenstrain fields.
By applying Eshelby’s solution, the perturbed strain of the r-th phase is defined as,

g = S(sf +a:*) (B.8)
Using Eq.(B.8), the eigenstrain field ST can be expressed in terms of the far field strain
and the thermal eigenstrain as,

g =A& +A, (S-1)g (B.9)
Then, using Eq.(B.9), the average strain of the r-th phase caused by a temperature change
is given as,

g =g’ +ef =¢° +S(sf +£T)

. B.10
=(1+SA, )" +S(A, (S=1)+1)& (10

. T .
In Eq.(B.10), the thermal eigenstrain &, can be calculated from Eq.(B.7), and the farfield
strain €° can be determined from the boundary conditions of the nanocomposites.

Because the thermal expansion of each phase is the main concern, a free boundary
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condition should be used to derive the farfield strain as a function of the given variables
and thermal eigenstrain.

Under the free boundary condition, the average thermal stresses of composites
due to a temperature change should be zero, thus,

Y inf -

comp =C '(80 +gl —gf —s:*):O (B.11)

Substituting Egs.(B.7)-(B.9) into Eq.(B.11), one can derive the farfield strain as a function

of the thermal eigenstrain as follow,
£ =—[(145A)-AT Y £, (S-1)[A,(S-1)+1]e] (r=p,im) (B.12)
where the fourth order tensor A is given as,
A=) fA, (r=p, i, m). (B.13)

Then, the thermal strain tensor of the r-th phase can be calculated using Eq.(B.7), Eq.(B.10),

and Eq.(B.12) for a certain temperature change of & . The overall thermal stresses and

CTEs of composites are given as,

A=C:(1+A:S) 1Y f[A:(S-1)+1]:Cin, (B.14)

.
a=-D:A (B.15)

where D is the overall compliance tensors of composites.
In order to utilize Eqgs.(B.4)-(B.5) and Egs.(B.14)-(B.15) to predict the elastic
stiffnesses and CTEs of nanocomposites at various temperature, the volume fraction,

stiffness, and the CTE of each phase should be provided. At the reference temperature of
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250K, stiffness and CTEs of the matrix and particle, and the volume fraction of the particle
are obtained from MD simulation. Thus, the volume fraction, stiffness and CTE of the
interphase remain as unknown variables at the reference temperature. Even though these
values are provided at the reference temperature, the way to determine the volume fraction
of the interphase at a certain elevated temperature should be established. In the next section,
the way to determine the interphase properties at the reference state and at a specific

temperature is detailed.

B.4. Scale-bridging model for thermoelasticity of the interphase

B.4.1. Determination of the volume fraction and thermoelastic

properties

To determine the volume fraction, Young’s and shear moduli, and the CTE of the
interphase, the following assumptions are applied throughout the micromechanics
modeling at the present temperature range.

(a) The elastic modulus and the CTE of silicon carbide are constant regardless of
temperature.
(b) Dimensional change of the SiC nanoparticle due to temperature change (thermal
loading) is negligible; thus, the thermal strain of SiC is set to zero.
Because the thermal expansion coefficient of SiC is one-thirtieth and the Young’s modulus
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is 120 times that of pure epoxy, these two assumptions are reasonable. Moreover, the
melting point of SiC is about 3000 K; thus, a sudden diffusion of carbon and silicon atoms
that results in the change of the CTE is not expected in the temperature range considered
in this study.

In addition to these assumptions, we used two different sets of definition for the
temperature range that applies to thermal expansion and elastic stiffness. Because typical
shape of the temperature-specific volume relation of polymeric materials near the glass
transition temperature is concave, it is not easy to define the CTEs of epoxy and
nanocomposites for the glass transition region. Therefore, we simply divided the
temperature domain into two regions-‘glassy’ and ‘rubbery’. The glass transition
temperatures of nanocomposites shown in Table B.2 indicate no clear tendency between
the glass transition temperature and the radius of the nanoparticles but the derived glass
transition temperatures have deviations in the range between 400K and 420K. As has been
briefly mentioned in the previous section on the estimation of the glass transition
temperature from MD simulations, the resultant glass transition temperature obtained from
the break point of the temperature-specific volume relation can vary to a certain degree
according to the number of data used to fit the linear relation between the temperature and
the specific volume for glassy and rubbery states. However, the glass transition
temperatures in Table B.2 are within the range obtained from the MSD curves, which can
roughly estimate the candidate glass transition region. Thus, the glass transition
temperatures of the nanocomposites were representatively set as 410K, regardless of the
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particle radius in our bridging model.

While the temperature domain to describe thermal expansion has two regions, the
domain for elastic moduli is divided into three ranges. As can be seen from MD simulation
results, a rapid degradation of elastic moduli and shear moduli is observed around the glass
transition temperature. In order to confirm this, least square fits of the Young’s moduli in
glassy (250K~350K), transitional (350K~450K), and rubbery (450K~550K) states are
independently compared with the MD simulation results. As can be seen in Figure B.7, the
Young’s moduli in each range of the temperature domain show very good linearity
regardless of the embedded particle size.

The volume fraction of the interphase can be calculated by defining the thickness
of the interphase with the assumption that both the nanoparticle and interphase are coaxial.
According to the structural evidence [168] that supports the existence of the interphase, the
radial density distribution function (RDF) of the matrix polymer can be used to identify the
highly dense area to distinguish the interphase from the pure matrix phase. Thus, at the
reference temperature of 250K, which is the lowest temperature considered in this study,
the RDF of the epoxy matrix in each unit cell was obtained from the position and mass of
the atoms in the unit cell. As depicted in Figure B.8, there exist distinguishable peak points
in the vicinity around the surface of nanoparticles in RDFs, indicating the formation of a
densely packed interphase. Because the elastic stiffness and mobility of a polymeric
material are closely related with the density, it is reasonable that the peaks in the RDFs
confirm the interphase.
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In this research, the thickness of the interphase at 250K is determined by the
embedded particle radius I’p , the peak distance l’peak , and the outer thickness of the
interphase Lageorprion as follows,

bl om0k = Foeak  aasorption — T (B.16)
Here, the outer thickness tadsorption was assumed as 4.8 regardless of the radius of
nanoparticle at 250K because there was no evident variation in the width of the first peak
in the RDFs. Even if the outer thickness of the present equivalent continuum model is
chosen as a specific value of 4.8 A in our study, other values larger or smaller than this
value can also be used. The thickness values of the interphase are arranged in Table B.6.
Because there is no evident variation with respect to the radius of the nanoparticle, the
initial interphase thickness at 250 K was set as 7.67 A by averaging the values in Table
B.6. Meanwhile, from the cell size of the nanocomposites at 250K, the volume fraction of
the nanoparticle in each unit cell was calculated and obtained as 5.98% with negligible
deviation according to the size of embedded nanoparticle.

After the volume fraction of the interphase was determined, the stiffness and CTE
of the interphase was obtained by manipulating the closed form solution Egs.(B.4)-(B.5)

and Eqgs.(B.14)-(B.15) with respect to the stiffness of the interphase [163] as,
inf

C =C,, [I ~(fB*(CiiCs-S+ |)+s)_l} (B.17)

B=1+(S-1)(fA,+f,A)-C 'C(1+S(f A, +f A )) (B.18)

inf
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1 e
aiZ—f[Ai(S")“] {CH(1+A8)a (B.19)

—f[ A (S-1)+1]C, — f.[A, (S-1)+1]CA, |

Before calculating the stiffness and CTE of the interphase, the Young’s moduli, shear
moduli, and the CTEs of the nanocomposites were semi-log fitted in terms of the particle
radius at each temperature to prevent undesirable results due to the fluctuation of the results
in MD simulations. For example, because the CTE and stiffness of the interphase are
coupled variables as shown in Eq.(B.7), the resultant CTE of the interphase can be obtained
as a negative value or extreme value according to the fluctuation of the stiffness of the
nanocomposites.

As the MD simulation results at each temperature clearly show the particle-size
effect of nanocomposites, and as the size effect gradually diminishes with increasing the
size of nanoparticles, it is reasonably assumed that the thermoelastic properties of the
nanocomposites approach certain values where the contribution of the interphase is
negligible. To reflect this physics into the current bridging model, the fitted curve was
targeted to converge to the conventional Mori-Tanaka two phase micromechanics solutions.
Thus, the semi-log fitted elastic moduli and CTEs were represented here as Y , which is
defined as an exponential function of the particle radius given as,

y:y(rp):y|M—T +C2><exp(C3><rp) (B.20)
where the rp is the radius of the nanoparticle, '|M,T means the converged point

obtained from Mori-Tanaka method (for the prediction of micromechanical solution which
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does not consider the size effect of nanoparticles) [169], and the coefficients C2 and C3

are the fitting coefficients. After calculating the coefficients, all the thermoelastic properties
of the nanocomposites at the same composition were reproduced from the fitted function
and used as input values to Egs.(B.4)-(B.5) and Egs.(B.14)-(B.15) to predict interphase
properties.

The interphase properties at an elevated temperature can be obtained from the
same process that was used to obtain the interphase properties at the reference temperature.
However, the thickness (volume fraction) of the interphase at an elevated temperature must
be determined carefully as the CTE of the interphase is dependent on the embedded particle
size. Therefore, the thermal strain of the interphase induced by thermal loading differs
according to the size of the embedded nanoparticle. Consequently, the thickness of the
interphase at an elevated temperature is not a constant value but differs with the size of the
particle.

Once the CTE of the interphase at the reference temperature is determined, the
thermal eigenstrain of the interphase at an elevated temperature can be obtained from
Eq.(B.7). Then, both the farfield strain £° and the thermal strain of the interphase at the
elevated temperature can be obtained from Eq.(B.12) and Eq.(B.10) respectively. Then, the
linear CTE of the interphase inside the unit cell of a nanocomposite can be obtained from

the thermal strain of the interphase as,

€.
o™ =1L B.21
7 (B.21)
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where the superscript ‘comp’ indicates the overall composite domain. Here, it is noticed
that (licomp is obtained from the real amount of thermal expansion that the interphase
experiences inside the nanocomposite. Then, volumetric change of the interphase after &
K of thermal loading can be obtained as,

Visorap =Vasox (1+0™0) . (B.22)
From the volume change, the volume fraction of the interphase at the elevated temperature
can be calculated from the cell length of the nanocomposite at the elevated temperature.
Consequently, the Young’s modulus, shear modulus, and the CTE at the elevated
temperature can be obtained again from Egs.(B.4)-(B.5) and Egs.(B.14)-(B.15). The
volume of the nanocomposite at the elevated temperature that is required to calculate the
volume fraction of the interphase can be either obtained from the raw MD simulation results
or reproduced from the CTE of the nanocomposite given in Table B.3 and the volume of
nanocomposite at the reference state using the same relation shown in Eq.(B.19). In this
study, the latter approach is chosen to update the volumes of the nanocomposites in
micromechanics modeling.

The CTE of the interphase obtained from the thermal strain at this stage is different
from the CTE that is calculated from Eq.(B.19) because the real amount of thermal
expansion of the interphase inside of the nanocomposite is different from that of the
condition in which the interphase material is thermally expanded without any interaction
with other neighboring phase materials. On the other hand, the CTE of the interphase
obtained from Eq.(B.19) is the pure CTE of the interphase as a constituent of the

213 ]



nanocomposite. Likewise, volumetric changes of the embedded particle and matrix in the
nanocomposites are not the same as when the particle and the matrix in nanocomposites
are solely experience thermal expansion as an individual material.

The flow chart of the proposed micromechanics bridging process to characterize
the interphase properties are shown in Figure B.9. According to the temperature change
from 250K to 550K, all the thermoelastic properties of the interphase are updated every
50K. Because the volume change of the interphase at each temperature can be obtained
from Eq.(B.22), the thickness change can also be estimated and is shown in Figure B.10.
Below the glass transition temperature of 410K, the thickness of the interphase slightly
increases as the external temperature increases. Passing through the glass transition
temperature, the thickness of the interphase shows more rapid change at the rubbery state
than at the glassy state, like the volumetric changes of the nanocomposites and the epoxy
matrix. Thus, the thermal behavior of the interphase is similar to the glass transition
behavior of the matrix polymer.

Together with the thickness (volumetric) change of the interphase, we can
characterize the variation of the thermomechanical properties of the interphase and
compare them with those of the pure epoxy matrix phase to elucidate the contribution of
the thermomechanical properties of interphase to the overall thermoelastic properties of
nanocomposites. The average CTEs of the interphases of the five nanocomposites unit cells
calculated from Eq.(B.19) in glassy and rubbery states are compared with those of the pure
epoxy matrix in Figure B.11. In a glassy state, the CTEs of the interphases were 43% lower
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than that of the epoxy matrix, indicating that the interphase act as an intermediate anchor
block that prevents the outward diffusion of the individual molecules in the pure matrix
region, which is thermally tightly anchored by the nanoparticle as well. Even though the
CTE of the interphase is obtained from the micromechanics constitutive relation by
combining the MD simulations with the continuum model, the difference between the
CTEs of the interphase and matrix suggests an important structure-property relationship
that can explain the superiority of the nanoparticles to the conventional fillers, and the filler-
size dependency of the CTE of a nanocomposite. Due to the densely packed and subsequent
immobilized structure of the interphase, the atoms at the interphase are less diffusive even
when their Kinetic energy is equally increased to that of the pure matrix region at an
elevated temperature. In a rubbery state, the CTE of the interphase is still distinguishably
lower than that of the epoxy matrix, although the difference is less than that of the glassy
state — only 24% difference between the CTEs of interphase and epoxy matrix in a rubbery

state.

B.4.2. Description of the properties as a function of the particle size

and temperature

Once the volume fraction and thermoelastic properties of the interphase at each
temperature considered in MD simulations are decided, they were represented as
continuous functions in terms of temperature as well as the particle radius to describe their
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particle-size dependency and their global thermal behavior. Here, the size-dependent elastic
stiffness of the nanocomposites is affected by not only the stiffness but also the volume
fraction of the interphase. Therefore, the concept of ‘effective moduli of interphase’ ¢ ,
which are weighted by the their corresponding volume fraction, is defined as,

¢E =Exf and ¢G =G x f (B.23)
where the Ei and Gi are the elastic and shear moduli of the interphase, respectively,

which can be calculated from the stiffness of the interphase. In addition, the effective

. E G . .
moduli ¢ and ¢ are defined as functions of external temperature to cover ‘glassy’,

‘transitional’, and ‘rubbery’ states in order to describe the size effect at various
temperatures. Thus, ¢E and ¢G are firstly fitted into exponential functions of the
particle radius at each temperature. Here, only two end-point temperatures for each
temperature domain, for an example, moduli at 250K and 350K in the glassy state are used
in least square fit; thus, the moduli at 300K naturally become the validation point to
examine the performance of the present bridging process. Then, the coefficients obtained
from the previous least square fit are defined as a linear function of the external temperature
again and the coefficients are obtained from the same least square approximations.
Therefore, functional forms of the ¢E and ¢G finally obtained from this process are
given as,

¢F =g (r,, T)=exp(e, +&, xT)xr " (B.24)

¢°=¢°(r,, T)=exp(g, +9, xT) xr, %" (B.25)
where e;~es and g1~gas are the regression coefficients. Similar to the elastic moduli, the
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volume fraction of the interphase should also be defined as a function of the particle radius
and external temperature given as,

fi=f(r, T)=exp(f, + f,xT)xr 57 (B.26)
where f1~f4 are the regression coefficients.

The variations of the Young’s moduli of the interphases of the nanocomposites
according to temperature change are compared with each other in Figure B.12. Similar to
the CTEs, the elastic moduli of the interphases derived from Eq. (B.17) and the MD
simulation results are higher than that of the pure epoxy. Passing through the glass
transition region from rubbery state to glassy state, the slopes of the moduli-temperature
relation of the interphases are similar with that of the pure epoxy; thus, a clear filler-size
effect appears at the glassy state than at the rubbery state.

As the radii of the embedded nanoparticles decrease, the moduli of the
corresponding interphases decrease, unlike the moduli of the nanocomposites. However,
this tendency cannot solely explain the particle size effect — smaller nanoparticles are
superior to larger ones — because the volume fraction of the interphase which describes
the relative contribution of the interphase in the constitutive equations varies according to
the radius of the embedded particle, i.e. the volume fraction of the interphase increases as
the radius of the nanoparticle decreases. The weighted moduli of the interphases by volume
fractions are compared in Figure B.13. Contrary to the moduli-temperature relation, the
weighted moduli increase as the radii of the nanoparticles decrease, and the moduli of the
smaller nanoparticles increase faster than those of the larger ones as the temperature
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decreases below the glass transition temperature.

From the assumption that the elastic stiffness and CTE of a nanoparticle are
independent of temperature, these properties do not need to be defined as a function of the
particle radius. However, because the Young’s modulus and shear modulus of epoxy matrix
depend on temperature, they should be defined as a function of temperature as,

E =emxT+em, and G,=0gm xT +gm, (B.27)
where em;~em; and gm;~gm; are the regression coefficients. Similar to the decomposition
of the temperature domain into three regions, the Young’s modulus and shear modulus of
the matrix are defined as a linear function of the temperature in glassy, transitional and
rubbery states independently. Hence, a total of six coefficients are obtained from Eq.(B.27).
All the coefficients to describe particle-size dependent thermoelastic behavior are arranged

in Table B.7.

B.4.3. Estimation of the thermoelastic properties of nanocomposites

with validation

Once the particle-size dependent thermoelastic properties of the interphase and
the thermoelastic properties of the matrix are regressed as functions of particle radius and
temperature, the thermoelastic properties of the nanocomposites at various particle radii
under wide range of temperatures can be directly obtained from the micromechanics model
itself. The elastic moduli of nanocomposites obtained from the present bridging model are
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compared with the MD simulation results in Figure B.14. In all cases, the particle-size
dependent elastic moduli are accurately reproduced from the proposed multiscale bridging
model. Especially, the elastic moduli obtained from the proposed bridging model at 300K,
400K, and 500K, which were not used in the fitting process, match very well with the MD
simulation results.

To demonstrate the accuracy of the interphase properties and to confirm the
current micromechanics based bridging model, a FE analysis is performed to calculate the
overall elastic moduli of the nanocomposites at each temperature. In FE analysis, the elastic
moduli of the matrix and particle obtained from MD simulation are used while those of the
interphase obtained from the micromechanics bridging model are used as input values. At
the same time, the thickness of the interphase at each temperature is also extracted from
the micromechanics bridging model. In finite element analysis, multi-inclusion unit cell are
modeled by MSC Nastran® software (See Figure B.15) and simple uniaxial tension tests
under multi point constraints are performed to calculate the elastic moduli of the
nanocomposites.

The elastic moduli calculated from the FE analysis at every temperature
considered in this study are depicted in Figure B.16 and compared with the results from
MD simulations and the proposed micromechanics bridging model, and the results match
quite well each other. Thus, it can be confirmed that the thermoelastic properties of the
interphase are physically accurate and meaningful and that the proposed model can be
efficiently used to estimate the overall thermoelastic properties of nanocomposites at any
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particle radius and volume fraction, and even at any temperature condition with
consideration of the particle size effect and the glass transition behavior of polymer based
nanocomposites.

It is worth noting that the particle size dependency in thermoelastic properties of
nanocomposites observed from the current multiscale simulation scheme is qualitatively
matched with the other closely related references. Together with the precedent reports
presented by our research group, many studies have been performed the analyses
[44,45,56,163,165] and the experiments [41,49,170,171] to derive the thermoelasticity of
polymeric nanocomposites. Especially, Jang et al. [49] successfully derived the size effect
and the effective interphase properties of epoxy/silica nanocomposites through the
experiment and the finite element analysis which is very similar to multiscale bridging
method developed by our research group. However, most of the studies concerning size
effect of nanocomposites have discussed the thermoelastic properties and the interphase
effect only at glassy state. However, current MD simulation and the present multiscale
bridging model prediction consider particle size effect not only at the glassy but at the
transitional and rubbery states. Hence, this study makes a meaningful contribution to the
extension of the nano-continuum bridging methodology for predicting the thermoelastic
behavior of polymeric nanocomposites in wide range of temperature to which the
nanocomposites can be exposed in real environment. This model can play a leading role
and serve as useful reference in the relevant research field for design and analysis of
nanocomposites.
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Table B.6. Determining the initial interphase thickness by radial density distribution.

System Radius (A) Peak distance (A) Interpha%%hlckness
EO6 5.18 8.05 7.67
E18 7.54 10.15 7.41
E30 9.00 11.95 1.75
E42 10.00 13.25 8.05
E54 10.90 13.55 7.45

Table B.7. Coefficients of fitted variables

E 6 * # fi

m m

eml -0.0117 gml -0.0040 el 6.4825 gl 55324 f1 2.5532
em2 7.2050 gm2 25400 e2 -0.0098 g2 -0.0102 f2 0.0001
e3 -2.0932 g¢g3 -2.0553 f3 -1.6593

(a) Glass temp. region
e4d 0.0028 g4 0.0028 f4 -0.0001

E 6 * # fi

m m

eml -0.0202 gml -0.0076 el 51209 gl 49643 f1 2.5529
em2 10.1800 gm2 3.8000 e2 -0.0059 g2 -0.0086 f2 0.0001
e3 -0.6647 g¢g3 -1.1573 f3 -1.6592

(a) Transition temp. region
e4 -0.0013 g4 0.0002 f4 -0.0001

E 6 * ¢G fi

m m

eml -0.0055 gml -0.0019 el -5.8505 gl -8.1640 f1 2.5914
em2 35650 gm2 12350 e2 0.0185 g2 0.0206 f2 0.0000
e3 3.9913 g3 4.7890 f3 -1.6519

(c) Rubber temp. region
e4 -0.0117 g4 -0.0130 f4 -0.0001
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Figure B.7. MD results on the thermoelasticity of nanocomposites were linearly regressed

for the glass (250K~350K), transition (350K~450K), and rubber (450K~550K) regions.

All the cases of nanocomposites showed good linearity in the given temperature ranges of

phases.
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boundary.

223



MD Simulation » RDF at 250K
Y Y
E® ly.r, > G ly.,, forcomp,p,andm fp l7 > &y [—

QX glassy rubbery > Tg for comp and m

! !

3 phase multi-inclusion micromechanics model

'

Determine E,|; and G,|; , &|gouy pisoery [

Temperature rising
(250K~550K)

Figure B.9. Flowchart for deriving interfacial thermoelastic properties, transferring the

MD simulation results into micromechanics model.

7.95

L)

S 250K

e 300K

790 — 300K

()]

= 400K
—  410K(Tg)

S - P K

2 R B — oK
— 550K

$ 780

A= —

|-

|_ ________________

o 7.75 1

(2]

o T

2 | m——————————————

4&3 7.70 A

=

7.65 : , : :
6 8 10 12

Particle Radius (Angstrom)

Figure B.10. Updated interphase thicknesses by temperature condition

224



Effective CTE (ppm/K)

250

]
8

150 1

8

v
o

Figure B.11. Comparing the CTE between the pure matrix cell and interphase domain in

nanocomposite unit cells at room temperature and rubbery state condition.

Interphase moduli (GPa)

10
Pure matrix cell
S ——— r,=0518 (nm)
8 S

3, = 0.754 (nm)
2 e [FCe r, = 0.900 (nm)

N o
& | . “so R [ r, = 1.000 (nm)

250

300

350

400

Temperature (K)

Figure B.12. Interphase moduli of nanocomposites derived from three phase multi

inclusion micromechanics model.
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Figure B.15. Finite element model to support the feasibility of the thermoelastic property
of interphase in nanocomposites derived from the current bridging methodology.
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B.5. Summary of Appendix B

Through this study, the thermoelastic behavior and the particle size effect of
epoxy/SiC nanocomposites were verified quantitatively by MD simulations for a wide
range of temperatures. From the MD simulations, the unit cells of the modeled
nanocomposites showed a glass transition behavior around 410K and drastic changes of
the elastic property and CTE through the glassy-to-rubbery transition region. Also, the
modeled nanocomposites showed a clear particle size effect not only at the glassy state but
also at the rubbery state. The thermomechanical properties and the glass transition behavior
obtained from the MD simulations were then parameterized by the multi-inclusion
micromechanics model to describe the reinforcing effect of the nanoparticles based on a
conventional continuum theory. In the continuum micromechanics model, because the
polymer densification around the embedded nanoparticle in a polymeric nanocomposite is
the key issue in characterizing the particle size effect on thermomechanical properties of a
polymeric nanocomposite, the densified region was defined as an additional phase in
constitutive relation of the multi-inclusion model. The thermoelastic properties of the
interphase that described the particle size effect were inversely obtained from the closed
form solution of the overall thermoelastic properties of nanocomposites with a rigorous
consideration of the thermal expansion of the interphase under the free boundary condition.
Then, the interphase properties were defined as a function of temperature and embedded
particle radius for the micromechanics model to reproduce the glass transition behavior and
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the particle size dependent thermoelastic properties that were observed in the MD
simulations, and to extrapolate the overall thermoelastic properties at other compositions
and temperatures. The proposed bridging methodology efficiently predicted the
thermomechanical properties of nanocomposites for a wide range of temperatures with
accuracy. Also, the FE analysis of the nanocomposite unit cell model was performed to
confirm the accuracy of the thermomechanical properties of the interphase obtained from
the proposed bridging methodology. As a result, the derived results from FE showed good
agreement with results of the current micromechanics bridging model and the MD

simulation.
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