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Abstract

Here, we observed radially stretched dislocations making a 6-fold symmetric shape
in a hexagonal nanotube of GaN/ZnO heterostructure. We investigated the effect of
growth geometry of nanotubes on the formation of dislocations in one-dimensional
heterostructure.

Formation of dislocation is mainly affected by strain field, ie. strain from the
mismatch of lattice parameters, and mismatch of thermal expansion coefficients, or
thermal gradient. Despite a small lattice mismatch with ZnO and small thermal
gradient, GaN still had high dislocation density: ZnO was used as a core shell
template for heterostructure whose lattice mismatch with GaN is less than ~2%. Also,
thermal gradients was less than 1 “C. Dislocation densities were locally different; the
dislocation density was highest in the middle of the hexagonal facet, but no
dislocation was observed at the corner (fig. 1). I analyzed the relation of geometry
and dislocation’s distribution from the aspect of strain field. First, the type of the
dislocations and their Burgers vectors were identified by the large angle convergent
beam electron diffraction (LACBED). LACBED method has an advantage of
obtaining both an image of the specimen and the higher order Laue zone (HOLZ)

lines simultaneously. The samples were tilted from the zone axis [1011]‘ Burgers

vectors were determined by ‘g ~ b =n’ equation. The resulting Burgers vectors were

mainly [1 150], and dislocations had mostly edge character.

i 3



Second, local strain was analyzed by the convergent beam electron diffraction
(CBED). Positions of HOLZ lines are very sensitive to local strains. Sample was
tilted to an off-zone axis to avoid strong dynamic effects. The CBED images were
taken from four different samples. At each comer and center of the hexagonal facet
edge, several points were selected to examine the strain. Lattice parameters were
determined by pattern matching with quantitative electron diffraction simulation and
CBED images.

Finally, our experimental data was compared by a thermo-elastic finite element
simulation considering the elastic anisotropy. The effect of thickness and geometry of

nanotubes on strain gradient and dislocation generation was discussed.

Key word: Geometry induced dislocation, Covergent beam electron diffraction
(CBED), Galium Nitride, heterostructure, Finite element method (FEM)
Student number: 2012-23190

Aram Yoon
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Figure 1 (a) SEM image of nanotube array. TEM samples were
prepared normal to the axis of nanotube. Bright field TEM image of
nanotube (b) having full LED structure, (c) with high dislocation
density, and (d) with low dislocation density. Dislocations were
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formation of a misfit dislocation row, and (b) formation of a misfit
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between the dislocations in a wall, respectively. *~...............oooveee. 11
Figure 5 Schematic process(a-e) thorugh which geometrically-necessary

edge dislocation accumulate.® 13

Figure 6 (a) Cross-section along the [1010] zone axis of ELO film at
the end of the first step. Dashed white lines join the dislocation

bending points. (b) Schematic representation of film and dislocations.
Dotted lines represent the shape of the ELO material at different
stages of the first part of the ELO process. Dashed black lines join
the successive edges of the top C facet. Continuous black lines
represent dislocations. Schematic bending of the three basic edge
dislocations with Burgers vector b when they met the lateral facet’” 1 7

Figure 7 Cherns and Preston’s rule. This rule enable us to determine
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burgers vector of dislocation. 20

Figure 8 (a) Schematic image (left) indicates where the CBED patterns
were taken and compared. Each position is called corner, and center.
Whole CBED image was shown at the right hand side. The region
marked with red box was cropped and presented below because
HOLZ lines in that region were most sensitively moving. (b) CBED
simulation patterns were obtained by JEMS simulation. Yellow dots
and white arrows clarified the difference of each pattern. Differences
were very clear in spite of small change in lattice constant. (c)
Experimental CBED images were taken at bulk sample, corner, and
center of the sample with a low density of dislocations................. 23

Figure 9 parameters used for JEMS simulations using the Bloch wave

approach 24

Figure 10 Sapphire substrate, GaN buffer layer, SiO, film, and GaN/ZnO
heterostructure compose the entire stacked system. Due to this
vertical inhomogeneity, spatial changes in the system are
inhomogeneous. (a) Deformation gradient profile at a specific region
of interest (marked in the Figure) is generated from the upper-scale
level simulation. In this step, detailed geometry of nanotubes is not
considered because the principal direction of inhomogeneity is
stacking direction. (b) Under assumption of the local periodicity, a
representative volume element (RVE) can be specified. (c) The
lower-scale level simulation considers detailed geometry of
nanotube with rigorous periodic boundary condition..................... 26
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LACBED image on the dislocations. Dislocation pass thorough
HOLZ lines spilt to several nodes. (c) Burgers vectors could be
determined by counting spilt of HOLZ lines and setting up linear

equations. 31

Figure 13 CBED patterns were taken on the marked positions of 1(cormer)
and 2(center) in Figure 1(c). (a) and (b) are raw data which were
obtained corner and center respectively. For it is difficult to see the
difference, lines were drawn as shown in Figure (b) and (¢). Figure
(c) and (f) are the images Hough-transformed from the Figure (2)
and (d) to detect HOLZ line easily and to remove any prejudice.
Arrows in (c) and (f) indicated movement of HOLZ lines, showing
differently imposed strain field. 395

Figure 14 Relative position where two HOLZ line meet (measured), and
averaged lattice constant (fitted) ...........cooveevveererrrerrerreererresienies 36
Figure 15 Calculated strain distribution of the representative GaN
nanotube. (a) Tensile deformation is predicted at the bottom region
(100 nm in height) of the nanotube. Compressive dominant
deformation is evolved at the rest. (b) Cross-sectional image of 2000
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could act as a source of the geometrically necessary dislocation



Figure 16 Calculated hoop strain distributions in the cross-sectional
image of 100nm position in height for the cases under the
consideration of (a) only the interface between the ZnO core and
GaN shell and (b) only the interface between SiO, substrates and
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Introduction

Dislocations in nano-scale materials are critical to the properties and functionalities,
especially when each of these materials is incorporated into nano devices. Here,
we investigate the generation mechanism of crystal geometry-induced dislocations
in GaN/ZnO hetero nanostructures. Dislocation types and local strain fields were
determined by convergent beam electron diffraction method. We showed that the
edge dislocation with burgers vector 1/3 [1150] released local residual strain fields
created by lattice mismatches at two interfaces, between the substrate and hetero
nanostructures as well as between ZnO core and GaN shell. Furthermore, we
elucidate the relation between the nanostructure morphology and the highly
localized dislocations based on the simulation by a finite element method. This
work shows that the spatial distribution of geometry-dependent dislocations in
nanostructures may be predicted, therefore, can be eluded by modifying the
morphology of the structure.

Crystallographic defects, inevitably encountered in materials science, have long
been studied because of their critical roles in mechanical, electrical, and optical
properties. Moreover, defects and impurities have been intentionally incorporated to
engineer physical properties in a range of device applications, and the role of defects
in advanced technology is still evolving'"'%. Dislocations in nanostructures, in

particular, are of increasing interest because their contribution to the properties



becomes more significant as the size decreases, despite the fact that the dislocation
density in a nanostructure is known to be very low because of the larger elastic strain
accommodation and easy strain relaxation to the free side surfaces™ '*. Recently,
hetero nanostructures which may have substantial misfit strain have attracted much
attention because of the favorable architecture for monolithic nano devices,
therefore, systematic study on strain induced dislocations in nanostructures is
necessary.

Creation of misfit dislocations in a strained system is explained by the competition
between elastic energies and dislocation formation energies. Indeed, finite element
methods (FEM) have been applied for calculating strain fields in nano-
heterostructures, including axial or core-shell heterostructures, in an attempt to find
critical thickness or heights of dislocation-free nanostructures>>. In nanostructured
materials, information on not only the dislocation density but also spatial location of
dislocations is essential for device operation, in particular for optical devices
wherein optically active area should be defined. Here, we investigated the effect of
crystal geometry in a nanoscale on the formation of dislocations in GaN, one of the
leading materials for optoelectronics, grown as a GaN/ZnO coreshell tube structure
on a SiO,/sapphire substrate (See Figure 2) for schematics). Interestingly, in this
nanostructure, misfit dislocations are localized in specific area with specific
directions, as shown in transmission electron microscopy (TEM) images. (Figure 1)

Locally confined dislocations made approximately a six fold symmetric shape in the



hexagonal GaN/ZnO nanotubes, and all dislocation lines have the equivalent
crystallographic direction. In general, dislocations in GaN thin films, which often act

as recombination centers in optical devices®™®

, are known to be caused by relatively
large lattice mismatch with available substrates; however, the localized dislocations
in Figure 1 cannot be explained simply by lattice mismatch only. Here, we
measured strain fields by electron diffraction and used FEM for simulating spatial
distribution of strain fields in nanostructures with different morphologies. This

approach successfully elucidated the origin of the geometry-dependent dislocations

mn hetero nanostructures.
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nanotube. Bright field TEM image of nanotube (b) having full LED structure, (¢) with
high dislocation density, and (d) with low dislocation density. - Dislocations were found

mostly inthe middle of the hexagonal facet

4 S B8 i)



[ [ile)
n-doped GaN

-

e \Y
!
\

SiO; layer

GaN buffer layer

ALO;

GaN buffer
sapphire

J

Si02(50nm) ZnO(2.7um) GaN(3pm)

Figure?2 Schematic structure of the nanotubes



Literature survey

2.1. Dislocation theory and strain source
2.1.1. Thermal stress and thermal dislocation

Thermal stress can be generated due to restrained thermal expansion/ contraction of
temperature gradient that lead to differential dimensional change in different part of
the solid body. It can be result in plastic deformation or fracture. In a rod with
restrain, axial deformation is 0 = Ea;AT where E is the elastic modulus, «; is
the linear coefficient of thermal expansion and AT is the temperature change.
Rapid heating can result in strong temperature gradient: confinement of expansion
by colder parts of the sample. The same for cooling - tensile stresses are introduced
in a surface region of rapidly cooled piece of material.
Thermal stresses can cause plastic deformation (in ductile materials) or fracture (in
brittle materials). The ability of material to withstand thermal stresses due to the
rapid cooling/heating is called thermal shock resistance. Shock resistance parameter
for brittle materials (ceramics) is expressed as follows: TSR « %’Z where oy is
fracture strength of the material®.
By the residual thermal stress atoms can flow, and stress induced migration
generates voids or other kinds of defects (disconnection, deformation, etc.).

According to the stress-induced migration model, the formation process of voids



and disconnection due to stess-induced migration is considered to be as follows:
vacancies generated thermodynamically in the metal interconnections migrate along
the stress gradient, accumulate the vacancy sinks, and lead to the formation of voids
and disconnection. Residual thermal stress can be relaxed by atomic migration

forming dislocation or voids™.

2.1.2. Misfit stress and misfit dislocation
Misfit stresses occur in crystalline films due to the geometric mismatch at interphase
boundaries between crystalline lattice of films and substrates. In most cases, a partial
relaxation of misfit stresses is realized via a generation of misfit dislocations (MDs)
that form dislocation rows in interphase boundary planes. One dimensional misfit

_a,

characterized by the misfit parameter f= 22—

" where a; and a, are the
1

crystal lattice parameter of the substrate and the film, respectively.

Dong et al®' explain mechanism of the misfit dislocation’s nucleation with a
molecular dynamic simulation result. In case that mismatch of substrate and film is
2.5 % (compressive), the film develops a non-flat surface morphology prior to
achieving the critical thickness (Figure 3). Because of compressive strain in the film,
a highly compressive region develops at the bottom of the largest surface depression.
In order to relax the high stress concentration at the bottom of the most prominent
depression, the atoms adjust their positions and the plane of atoms at the bottom of

the depression effectively buckles, ejecting an atom into the plane above it.



Removing this highly compressed atom in this way leaves the bottom of the surface
depression in tension. Associated with this buckling event is the formation of an
edge dislocation with a Burgers vector parallel to the substrate (oriented so as to
relieve the misfit). To further relax the misfit strain, the dislocation climbs
downward, toward the substrate, further reliving the strain.

In case of tensile stress (-5%) is different. misfit dislocations are formed by
coordinated sliding events that produce two dislocations with Burgers vectors which
are not parallel to the substrate, but which react to form a single dislocation with a

Burgers vector oriented parallel to the substrate.



Figure 3 Time sequence illustrating misfit dislocation nucleation for a film with a positive

(compressive) misfit of £=+2.5 % '
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Further, micromechanism for formation of misfit dislocation wall which is sequence
of misfit dislocation above the interface rather a single dislocation has been
investigated™(Figure 4 (a)). The standard physical micromechanism for relaxation
of misfit stresses is the formation of arrow of misfit dislocations in the interphase
boundary plane that induce compressive stress fields partly compensating for the
tensile misfit stresses (or, in other words, partly accommodating misfit /). However,
they think that an effective alternative to the standard micromechanism is the
formation of walls of misfit dislocations in the films that induce compressive stress
fields (Figure 4 (b)). Whether it is the standard or the altemative micromechanism
for relaxation of misfit stresses that is realized depends on kinetic factors (related to
the technology of the deposition of the film on the substrate) and the degree of misfit
stress relaxation caused by such micromechanisms. This suggests that formation of
misfit dislocation walls is kinetically favorable depending on the growth condition at
experiment regardless of the values of the ‘equilibrium’ parameters (critical

thickness of a film, elastic energy density, etc) which characterize the walls.

10 -]
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Fgure4 physical micromechanisms for relaxation of misfit stresses: (a) formation of a
misfit dislocation row, and (b) formation of a misfit dislocation walls. A and p are the

sapcing between the walls and between the dislocations in a wall, respectively. *>
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2.2. Geometrically necessary dislocation

Generally, material properties show size dependence at the sub-micron to micron
level. Geometrically necessary dislocation first proposed by Nye™ and furthered by
Ashby** to explain material hardening increases as material’s size decreases which
classical theory had not accounted for: micro-indentation, bending experiment. All
of these phenomena that stress size effect of material have associated with large
strain gradient. This theory encloses strain gradient dependent material property.
Geometrically necessary dislocations appeared in strain gradient field due to
geometrical constrains of the crystal lattice (Figure 5)

Gradient in the plastic strain within crystalline materials give rise to dislocations in
order to maintain continuity in the crystal. Furthermore, with knowledge of the
crystalline orientation in relation needed to maintain lattice continuity is also

specified. This theory is quite well adapted sub-micrometer sized material.

12 21 2 1



a)

b)

d)

e)

Fgure 5 Schematic process(a-e) thorugh which geometrically-necessary edge dislocation

35
accumulate.
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2.3. GaN and dislocation

Due to lattice mismatch and thermal expansion coefficient difference with the
substrates, GaN films grown typically contain a large number of defects (mainly
threading dislocation). The density of defects varies from 1<10° to 1x<10%
compared to 10* cm™ found in arsenide and phosphide films. Extended defects such
as dislocations and stacking faults are known to have a reduced effect on device
operation in GaN, but at sufficiently high densities, threading dislocations adversely

affect device properties.®

2.3.1. Dislocation system in GaN thin film
In case of GaN thin film grown on sapphire substrate, it is well known that there are
primarily three types of threading dislocations in GaN films, each having one of the
three Burgers vectors: 1/3 <1 1§0>, <0001>, <1123>. Most of the threading
dislocations have their line vector of n=[0001] when they start growing at the
interface and dislocations dominantly have burgers vectors equivalent to 1/3 [2HO],
which is edge character. GaN thin film exhibits a slip system of {1010} <2110>".

On the other hand, a research reports that threading defects lysing on {10]0} plane

and bounded by opposite partial screw dislocations with Burgers vector of
1/2<0001> in single crystal c-oriented GaN nanorod grown on (0001) sapphire by
molecular beam epitaxy. The faults nucleate, as dislocation half loops, from points

close to the GaN/(0001) sapphire interface. It is proposed that the spiral growth of

14 2]



the partial atomic step joining the emerging dislocations controls nanorod growth

and accounts for the growth surface morphology™.

2.3.2. Reduction of dislocation’s densities.'

To reduce the density of dislocations, researchers use several method: hetero-epitaxy,
epitaxial lateral overgrowth (ELO), and morphology control.

Since GaN bulk is not commercially available, heteroepitaxy with well matching
substrate is essential. Whatever the heteroepitaxy, it usually requires several steps
including nitridation of the substrate and/or deposition of a low temperature buffer
layer and heat treatment of this nucleation layer. Since currently available substrate
(sapphire or 6H-SiC) and GaN are highly mismatched, direct growth of GaN is
impossible. Therefore, the growth of GaN on any substrate first requires the
deposition of a buffer layer, which, to some extent, accommodates the mismatch.
Using appropriate nucleation layers allows a reduction of the dislocation density to
thelow 10° cm™®  range.

In ELO technology, parts of the highly dislocated starting GaN are masked with a
dielectric mask, after which growth is restarted. At the beginning of the second
growth step, deposition only occurs within the openings, with no deposition
observed on the mask. This is referred to as selective area epitaxy. The threading

disllsocations are prevented from propagating into the overlayer by the dielectric

! Contents in this chapter were extracted from the review paper reference 39.
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mask, whereas GaN grown above the opening (coherent growth) keeps the same
threading dislocation’s density as the template, at least during the early stages of
growth®.

Of many structure, pyramidal GaN have reported few dislocation showing the
dislocation filtering effect owing to presence of free surface. It has been argued that
a dislocation grown through a small pore will be subjected to image forces from the
free surfaces imposed by the pore wall, thus enabling the possibility of dislocation

rejection (Figure 6).
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Figure6 (a) Cross-sectionalongthe [1010] zoneaxisof ELO filmattheend ofthe first step. Dashed
white lines join the dislocation bending points. (b) Schematic representation of film and dislocations.
Dotted lines represent the shape of the ELO material at difterent stages of the first part of the ELO
proocess. Dashed black lines join the successive edges of the top C facet. Continuous black lines
represent dislocations. Schematic bending of the thrree basic edge dislocations with Burgers vectorb

when they met the lateral facet”

H

0

1T

L7 s A2t



Methods: Experiment and simulation

3.1. Fabrication of GaN/ZnO nanotubes
The GaN/ZnO heterostructure nanotubes were grown by metal-organic chemical
vapor deposition on sapphire substrates with a patterned silicon dioxide (SiO,) mask
for the selective area growth. A GaN buffer layer was deposited on the sapphire
substrate followed by a silicon oxide masking layer. Subsequently, the masking
layer was patterned by lithography with diameters about 500 nm. ZnO nanotubes,
whose thicknesses were estimated to several nanometers by SEM images, were
selectively grown on the hole of the masking layer. N-doped GaN was layered on
the ZnO template®. N-doped GaN thicknesses of the nanotube were between 100
nm and 200 nm and height of the nanotubes was all about 3 ym. Schematics are in

Figure 2.

3.2. Transmission electron microscopy
The cross-section specimens for TEM were prepared by focused ion beam, at the
bottom and the top from each nanotube. Dislocation was analyzed by the TEM,
Technai F20 operating at 200 KeV. For CEBD measurements, sample was tilted to
an off-zone axis to avoid strong dynamic effects. Lattice parameters were

determined by comparing quantitative electron diffraction simulation with CBED

18 :_,"



images. Hough transformation was used to detect HOLZ lines from the
experimental patterns*. The high tension of the microscope was determined first,

then used for the refinement of the lattice constant, @ and c.

3.2.1. Determination of burgers vector by LACBED
Large angle convergent beam electron diffraction has advantages of obtaining both
high order Laue zone lines and dislocation images at the same time. When
dislocation lines cross the HOLZ line, HOLZ line splits to several lines. According
to Cherns and Preston’s rule, the Burgers vectors can be determined by counting
HOLZ line splitting. LACEBD disks were taken off and on the dislocations. HOLZ
line that across the dislocation splits. By Cherns & Preston’s rule” (See Figure 7).,
Burges vector is determined to be b=1/3[11-20]. This is known to be most stable® in

hexagonal slip system
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g= (h, k, I) Bragg line
b= (b, b?_, bs) burger’s vector
n = #of piece of splits

Figure 7 Cherns and Preston’s rule. This rule enable us to determine burgers vector of

dislocation.
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3.2.2. Determination of lattice parameter and strain

CBED was used to measure the lattice constant and strain fields. CBED images
were obtained with a probe size of 10 nm and aperture of 10 micrometer size using
Technai F-20. The high voltage of the microscope was calibrated using lattice
constant of fully relaxed GaN films, in the range of micrometer thick. Several
samples of GaN/ZnO nanotubes were examined with diversity of dislocation
densities and nanostructure dimension. Mainly, two samples were compared:
GaN/ZnO nanotube with a low density of dislocations, and GaN/ZnO nanotube
with a high density of dislocations. Also, in a sample with a low density of
dislocations, two parts of the hexagon were selected and compared: comer, and
center. (See Figure 8)

HOLZ line simulations were performed using commercial program JEMS.
Parameters used in JEMS simulation were indicated in Figure 9. Lattice constant a
(and b)s were changed in between 3.190 A and 3.196 A. High tension voltage
determined using bulk GaN was 199.3 KeV, by simulating known lattice parameter
a0f 3.190 A. As lattice constant increased, the points indicated by white arrow were
going up, the lower triangle got larger, Ratio of the lengths got smaller. At the corner,
averages of lattice constants in GaN thin film, nanotubes with a few dislocations,
and with a lot of dislocations were approximately close to 3.193 A, slightly larger

than that at bulk, it indicates that tensile strain field was residual in Both dislocation

21 2]



densities. More importantly, increases from the corner to the center of the hexagonal
facet in a sample with a few dislocations. Lattice constant was around 3.190 A at
corner while it was more closer to 3.196 A at center. Measured values (ratio of

length: upper length indicated to total length) were indicated in the Figure 14.

22 ._:l-!_.\,'_";_.l.lé



(a)

(b) JEMS simulation CBED images

N %
I H Xy
i
i

(c) Experimental CBED images

Bulk Corner Center

3.190 A 3.193A

Figure 8 (a) Schematic image (left) indicates where the CBED patterns were taken and compared

Each position is called comer, and center: Whole CBED image was shown at the right hand side. The
region marked with red box was cropped and presented below because HOLZ lines in that region
were most sensitively moving, (b) CBED simulation patterns were obtained by JEMS simulation.
Yellow dots and white amows clarified the difference of each pattemn. Differences were very clear in
spite of small change in lattice constant.  (¢) Experimental CBED images were taken at bulk sample,

carmer, and center of the sample with a low density of dislocations.
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GaN crystal

GaG, 2, 0), GaGs, 5, 2), N3, 5, 0.3772), NG, 5,0.8772)

Space group P6;mc

a 0.3180-0.3200 nm
v 0.5185nm

o, B 90°

Y 120°

Zone axis [299, 85,782]
Laue zone number 2

Acceptance angle 100 mrad
Camera length 9700 mm
Half-convergence angle 18.28 mrad
Voltage 200 kV
HOLZ threshold 435.0 mV
Specimen thickness 150 nm
Number of beams 330

Atomic form factors (PRDW) and D-W factors used were the default
values given in JEMS

Figure 9 parameters used for JEMS simulations using the Bloch wave approach.
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3.3. Simulations

A dual-scaled finite element modeling™* was used for simulations. In a simulative
view point, periodic systems like the GaN/ZnO heterostructure nanotubes have
caused technical issues which are mainly associated with their infinite periodic
nature. Since a single-scaled analysis over the entire system, of which calculating
cost is quite high, is impractical, typical technique to deal with this type of structure
is reduction of the entire system into a representative volume element (RVE). Given
that the character of entire system is homogeneous during the process, this technique
would be successful. However, the presented GaN/ZnO heterostructure should
undergo inhomogeneous spatial change along vertical due to sequential stacking of
films, leading the RVE concept inappropriate. Proposed dual-scaled scheme
(Figure 10) is suitable technique for a tenuous periodic media, which originates

from the inhomogeneity in periodic system.



(b)

GaN/ZnO nanotubes

Sapphire

Figure 10 Sapphire substrate, GaN buffer layer, SiO, film, and GaN/ZnO heterostructure
compose the entire stacked system. Due to this vertical inhomogeneity, spatial changes
in the system are inhomogeneous. (a) Deformation gradient profile at a specific region of
interest (marked in the Figure) is generated from the upper-scale level simulation. In this
step, detailed geometry of nanotubes is not considered because the principal direction of
inhomogeneity is stacking direction. (b) Under assumption of the local periodicity, a
representative volume element (RVE) can be specified. (c) The lower-scale level
simulation considers detailed geometry of nanotube with rigorous periodic boundary

condition
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3.3.1. Dual-scale finite element modeling
Basic concept of the dual-scale analysis is a localized strong periodicity in a weakly
periodic media. Each local region that includes hundreds or thousands of unit
structure has relatively strong periodicity. This assumption leads a proper
homogeneity for a specific local region. Therefore, progress of simulation is divided
into two steps: (1) a preliminary simulation, so called upper-scalelevel analysis, to
provide a deformation history of the local region of interest, and (2) lower-scale
level analysis for a representative volume element (RVE) of that region.
The upper-scale level analysis is performed using homogenized elements which
approximate complex periodic structure into a homogenized media. Thermo-elastic
constitutive relation is considered with thermo-elastic anisotropy (Figure. 11).
Strong inhomogeneity exists along stacking direction (Figure. 10 (c)), therefore the
conventional technique using a single-scale RVE concept is inappropriate.
Deformation history of the region of interest (marked in Figure. 10 (b)) is
transferred to an ensuing simulation, lower-scale level analysis.
In the lower-scale level analysis, the boundary condition of periodic RVE subjected
to the known deformation gradient, F, is”

ug—u, = (F-1DXz—X,) (SD

Where, u, X, and I represent displacement, position, and identity tensor, respectively.

Subscript A and B represent arbitrary two points located periodically on the
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boundary of RVE. The deformation gradient, F, is set based on the results of the

preliminary simulation described above.
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Coefficient of Lattice

Elastic Constants(GPa) Thermal Expansion(C 1) Parameter(A)
Materials
Cl1 Cl2 Cl13 (C33 C44 CTE(a-axis) CTE(c-axis) a c

ZnObUb2b4] 184 93 77 206 56 5.50x106 3.20x106 324 52

GaN/b3lb4] 396 144 100 392 91 4.10x10¢ 3.00x106 3.19 5.18

Al2033] 496 164 115 498 148 1.05%10° 9.77%10° 4.76 13.00

Material Elastic Modulus(GPa)  Possion’s ratio CTE(C1)  Expected atom distance(A)
SiO2[bel(b7][b8] 75 0.17 5.00x 1077 5

Figure 11 Material Propetties for the dual-scaled analysis
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Result

4.1. Burgers vector of dislocation
To find the cause of the dislocation generation in this system, we determined the
dislocation types and their Burgers vectors using the large angle convergent beam
electron diffraction (LACBED) method and dark field images. LACBED method
has an advantage of obtaining both an image of the specimen and the higher order

Laue zone (HOLZ) lines simultaneously. The samples were tilted from the zone
axis [5111] (Fig.ure 11). Burgers vectors were determined by Cherns and Preston'’s

rule29. Most dislocations had their dislocation line vector of equivalent n= [IOIO]

and the resulting Burgers vectors were mainly b=1/3[11§0], having edge type

characters. These dislocations, which typically appear in the wurtzite lattice, are
perfect and most energetically stable. Furthermore, it is beneficial for system to have
such shape and position of dislocations in terms of dislocation energy, which is the

lowest when its line is the shortest and magnitude of Burgers vector is the smallest.
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Dislocation line Dislocation line

1)-(by, by, b3)[=1 (by, b, by)|=3

2)(by, by 3)|=4
-1)-(by, by by)|=3

(by, by b3)l=1

2,2 [(2-3 [(-2, 5,-1)-
'1.‘2,‘1)‘(b1f bz; b3)|:3 |( 1,5, 0) (bl bz a)l:4 |('11'3f'1)'(b1r b2a b3)|:4
3 (2 2 -3, 4,-2)-

l-1,-2,-

Figure 12 (a) Dark field TEM image. g=(1120) was exited, (b) LACBED image on the

dislocations. Dislocation pass thorough HOLZ lines of g Vectorsof(1451) (1896), (7114

0), (1153,), so that HOLZ lines spilt to several nodes. (c) Burgers vectors could be
determined by counting spilt of HOLZ lines and setting up linear equations.
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The edge type dislocations are usually created to release strain fields that arise from
lattice mismatch in hetero-structure systems. In the present system, there are two
possible interfaces which can generate strain fields; an interface between ZnO
nanotube core and n-doped GaN, and between the substrate and the GaN/ZnO
nanotubes. Another source of strain fields can be possibly the differences in thermal
expansion coefficients or thermal gradients along the axial direction in the
nanotubes when experimental growth condition is thermally in a non-steady state.
Quantitatively, however, inhomogeneous temperature in the very small heteo
nanostructure calculated by FEM was less than 1°C, thus the strain fields by thermal
gradient cannot create the large number of dislocations observed.

The edge type dislocations with b=1/3[11§0] can release strain fields caused by
lattice mismatch between ZnO and GaN, therefore, the interface could be a major
reason for the generation of the dislocations in Figure 1. In this case, the dislocation
lines in the hexagonal plane represent threading dislocations to the side surfaces.
Maximum required number of edge dislocations that release the strain fields
between ZnO and GaN is, however, much smaller than that appear in Figure 1(c).
There can be less than 10 dislocations in each area, considering the lattice misfit of
about 1.5 % and the side length of 100 nm of hexagonal ZnO nanotube. It is also
worth mentioning that many previous literatures also reported dislocation free
nanostructures for low misfit core-shell system® . In consequence, we can

speculate the interface between the substrate and the nanostructures should be



additional major cause of the dislocation generation. Edge type dislocations with

b=173[1 150] can also accommodate strain field release at this interface.

4.2. Strain measurement
Although the lattice mismatch at these interfaces may provide enough stress to
generate dislocations, this cannot explain the spatial distribution of highly localized
dislocations. As noted earlier, dislocation energy proportional to the dislocation
length may partially explain the localized dislocations at the center of hexagonal
sides, which makes the line shortest. Additionally, convergent beam electron
diffraction (CBED) method was used to examine the local residual strain. Position
of HOLZ lines is very sensitive to lattice constants, and we used kinematic theory
for the HOLZ line simulations. The structure for the simulation was maintained as a
hexagonal structure with the same ¢ parameter because the edge dislocations with
b=1/3[11§0] release strain in the hexagonal plane. Two kinds of GaN samples were
prepared for comparative TEM study: One with high dislocation density (Figure.
1(c)) and the other with low dislocation density (Figure. 1(d)). Figure 13 clearly
show the shift of HOLZ lines obtained from two different positions marked as
arrows in Figure. 1(d) in the GaN with low density of dislocations. Simulations
show that lattice parameters at comer were close to the reported experimental value

of a=3.190 A and c=5.18 A, while a=3.196 A in the middle of the hexagonal
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facets, implying the presence of residual tensile strain. As we could have expected
from the positions of the dislocations in the cross-sectional images, the strain was
highest in the middle of the hexagonal facet when the strain was not completely
released by enough misfit dislocations. In case of the samples with many
dislocations there was little difference in the measured lattice constants at the center
and the corner, similar to the one values of GaN with low density of dislocations.
This implies that strain field was high at the nano-dimensional structures. These
experimental results clearly indicate that strain fields generated by the lattice
mismatches are not uniform in the hexagonal plane.

Lattice constants were statistically analyzed by examining several set of CBED
patterns (See Figure 14). Lattice constants were statistically analyzed by examining
several set of CBED patterns. Numbers in the tables are the relative position where
certain two HOLZ lines meet. The measured ratio was inversely proportional to the
lattice constant. Lattice constant were obtained by fitting these value to the
simulation result by JEMS. Strain at the center of the hexagonal face is -0.1%

relative at the comer. Both nanostructure with high and low density of dislocation
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Figure 13 CBED pattermns were taken on the marked positions of 1(comer) and 2(center) in Figure
1(c). (2) and (b) are raw data which were obtained cormer and center respectively. For it is difficult to see
the difference, lines were drawn as shown in Figure (b) and (¢). Figure (c) and (f) are the images
Hough-transformed from the Figure (a) and (d) to detect HOLZ line easily and to remove any
prejudice. Amrows in (c) and (f) indicated movement of HOLZ lines, showing differently imposed strain

field.
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High density Low density

Bulk
corner center corner Center
Average Ratio 0.669 0.556 X 0.584 0.450
Average
. 3.190 3.193 X 3.192 3.196
Lattice constant (A)

Figure 14 Relative position where two HOLZ line meet (measured), and averaged lattice

constant (fitted)
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4.3. Simulation

The observed non-uniform strain fields were interpreted by a dual-scale finite
element modeling, which can effectively handle the 3D infinite periodic
heterostructure. Thermo-elastic constitutive relation considering the thermo-elastic
anisotropy (Figure. 11) was used for the calculations. Temperature of the system
was set to decrease from 1000°C to room temperature during crystal growth. With
assistance from the dual-scale scheme, the calculation considers one of nanotubes as
a representative volume element (RVE) for the entire system. This approach enables
the prediction of spatial distribution of strain and stress in the GaN/ZnO
heterostructure under the consideration of both its thermal and lattice mismatches.

Considerable misfit between crystalline GaN and amorphous SiO, could exist due
to lattice mismatches™ *. Ideally, this misfit strain is 0.6™ (Figure 15), however
amorphous Si atoms could be possibly rearranged to reduce the misfit. If the
epitaxial ratio between crystalline GaN and amorphous SiO; is assumed to be 30%,
the misfit strain is reduced to 0.1. Since the upper-scale level simulation does not
take detailed geometry of nanotubes (including interface between GaN/Si0O,) into

account, we additionally consider this misfit in the lower-scale level simulation.
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Figure 15 Calculated strain distribution of the representative GalN nanotube. (a) Tensile deformation is
predicted at the bottomregion (100 nm in height) of the nanotube. Compressive dominant deformation
is evolved at therest. (b) Cross-sectional image of 2000 nm position in height indicates almost uniform
compressive strain distribution. (¢) Whereas accumulated tensile deformation at the middle of
hexagonal facet 15 shown in the crosssectional image of 100 nm position in height. (d) Hoop
directional strain profile indicates strong strain gradiient along vertical. This strain gradient could act as a

source of the geometrically necessary dislocation (GND).
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First, we calculated strain fields in the hexagonal plane generated by both interfaces,
the interface between the substrate and nanostructures and between ZnO core tube
and GaN shell. The simulation results show the representative nanotube bears
inhomogeneous deformation during crystal growth (see Figure. 15 (a)), by the
lattice mismatches between GaN nanotube and SiO, film*™ . Interestingly, the hoop
strain was concentrated at the middle of hexagonal facet on the cross sectional plane
in the nanotube (Figure. 15 (b) and (c)), consistent with the experimental CBED
observations. In addition, bottom of the nanotube, which is connected to the film, is
strongly elongated along hoop direction of the tube, whereas the rest is slightly
tensioned. This inhomogeneity generates a strong strain gradient along the vertical
direction of the middle of hexagonal facet (Figure 15 (d)). Under the strong strain
gradient along vertical direction, atoms should flow down to the bottom, which are
under tensile stress state, to fill the extra space caused by the tensile strain. This flow
results in sequential extra half planes, or in other words, dislocations, which have

edge characteristics. Accordingly, dislocations are bound to be the edge dislocation

with burgers vector 1/3 [1150] and prefer a center site of hexagonal facet. As a result,

a concept of the geometrically necessary dislocation (GND)™*

, which appears in
strain gradient fields due to geometrical constraints, can successfully explain the
presence of accumulated dislocations at the middle of hexagonal facet. The

differences in dislocation density could be explained by the growth conditions, such

as mobility of amorphous SiO, at the high temperature’’ and the contact between
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(@ (b)

Hoop strain
+1.087e-01
+1.18%2-02

Fgure 16 Calculated hoop strain distributions in the cross-sectional image of 100nm
position in height for the cases under the consideration of (a) only the interface between
the ZnO core and GaN shell and (b) only the interface between SiO, substrates and GaN

nanotube (No ZnO layer).
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the amorphous substrate and the nanotubes.

It is much more interesting when we separate each interface effects by including
only one interface in the simulations. Simulated strain fields by the interface
between the ZnO core and GaN shell structure (Figure. 15) is similar to the Figure.
16, in the sense that strain is highest in the middle of the hexagonal facets although
the range is much broader. This could be expected because the interface is in the
hexagonal plane and GaN radius is expanding. Figure 16 shows more localized
strain fields which were generated by SiO2 substrates and GaN nanotube (no ZnO
layer) only, despite the fact that the interface is parallel to the hexagonal plane in this
case. These results lead to the conclusion that the non-homogeneous strain fields are
greatly enhanced in the presence of the interface effects between the substrate and
the nanostructures, contributing to generate highly localized dislocations as shown
in Figure 1. The same approach was repeated with GaN nanorod on SiO,, which

show relatively homogeneous strain fields.
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Conclusion

In conclusion, we investigated the relation between misfit dislocations and crystal

shape by examining highly localized symmetric dislocations of [IOIO] direction in

the GaN/ZnO nanotubes. The dislocations were mostly edge dislocation with
Burgers vector of 1/3[1 150], originating from geometry of the nanostructure in the
presence of stress at the interface. Furthermore, it is beneficial for system to have
such shape and position of dislocation in terms of dislocation energy, which is the
lowest when fits line is the shortest and magnitude of Burgers vector is the smallest.
In the nanotube hexagonal structure, lattice was pulled outward along the (1150)
direction and easy to be under tensile strain. These evolve strain field and strain
gradient along the vertical direction, which was effectively relaxed strain by

introducing the dislocations at the position where the strain was the greatest.
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